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Introduction  to  the  Proceedings 

This  conference  had  its  origins  in  the  recognized  need  to  obtain 
a  critical  review  and  discussion  of  recent  progress  and  current  problems 
in  the  area  of  polymer  solid  state  structure  and  mechanical  properties 
that  would  provide  useful  leads  and  general  guidance  to  military  programs. 
To  achieve  this  purpose  an  effort  was  made  to  obtain  as  the  main  con¬ 
ference  speakers  the  outstanding  research  scientists  working  on  the 
various  subjects  treated  in  the  conference. 

Credit  for  the  success  of  the  conference  belongs  largely  to 
Dr.  Field  Winslow,  whose  time  as  General  Chairman  was  generously 
donated  by  the  Bell  Telephone  Laboratories.  It  was  he  who  proposed 
the  agenda  outline  with  its  five  sessions,  each  to  handle  a  separate  topic 
area  by  three  talks:  a  critical  review  by  a  recognized  leader  in  the  field, 
followed  by  two  current  research  reports  of  more  than  passing  signifi¬ 
cance;  thus  it  was  hoped  to  set  the  stage  for  definitive  discussions  by 
other  leaders  in  the  field  who  had  in  turn  been  invited  to  the  conference 
for  that  purpose.  Success,  Dr.  Winslow  insisted,  would  depend  on 
certain  conditions,  among  them  acceptance  by  a  large  enough  representa¬ 
tion  of  the  top  scientists  from  all  over  the  world,  creation  of  the  atmos¬ 
phere  of  a  working  group  not  unlike  a'  Gordon  Research  Conference,  and 
a  restriction  of  attendance  to  assure  meaningful  interactions.  While  the 
conditions  were  met  and  success  recognized  by  all  attending,  it  was 
inevitable  that  some  important  people  and  some  important  points  of  view 
were  missing;  many  more  people,  regretfully,  could  not  be  accommodated 
as  attendees. 

It  is  appropriate  to  express  our  appreciation,  as  well,  to  the 
several  chairmen  who  had  the  responsibility  for  organizing  the  individ¬ 
ual  sessions.  Finally,  well  deserved  recognition  must  be  accorded 
Dr.  Frank  Fisher,  Executive  Director,  Advisory  Board  on  Military 
Supplies  of  N  R  Council.  His  assistance  and  support  in  all  phases  of 
the  business  of  the  Conference  were  invaluable  to  the  organizers,  and 
his  attention  to  the  innumerable  details  of  organization  were  responsible 
for  the  smooth  operation  of  the  Conference. 


Originally  a  Proceedings  was  not  contemplated.  However,  as  the 
conference  progressed  it  became  apparent  that  much  material  had,  in 
fact,  been  prepared  in  a  form  suitable  for  a  more  permanent  record.  It 
was  also  recognized  that  the  sponsoring  agencies  and,  indeed,  the  research 
scientists  themselves  could  use  a  Proceedings  for  future  research  pro¬ 
gram  planning  and  reference.  It  was  then  determined  that  many,  all 
contributing  to  this  document,  would  offer  manuscripts  for  a  Proceedings 
composed  of  papers,  discussion  and  even  afterthoughts,  provided  that 
distribution  would  be  limited  to  invitees,  sponsoring  agencies  and  their 
active  research  contractors  in  the  field.  Unfortunately  much  of  the 
definitive  and  lively  discussion  presented  from  the  floor  is  lost,  owing 
to  acoustical  difficulties  with  the  recording.  This  has  been  partially 
made  up  by  several  more  lengthy  discussions  not  fully  presented  at  the 
conference  itself,  herein  included  as  "contributions,  "  and  printed 
following  the  invited  papers  for  the  appropriate  session. 
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In  many  cases  authors  clearly  stated  what  they  felt  to  be  important 
future  directions  of  research.  The  reader  might  well  profit  by  searching 
these  out.  By  way  of  example,  a  few  will  be  mentioned.  In  Session  No.  1, 
Professor  Gent  listed  six  areas  for  further  research,  ranging  from  frac¬ 
ture  phenomenology  to  mechanism  of  tear  deviations;  a  more  detailed 
comparison  of  the  failure  of  swollen  against  unswollen  rubbers  could 
pinpoint  viscoelastic  factors  whereby  earlier  theories  might  be  revised. 

Dr.  Mullins  believes  much  is  yet  to  be  learned  of  the  importance  to 
strength  of  the  nature  of  cross  links  and  their  interaction  with  the  visco¬ 
elastic  environment,  especially  concerning  the  role  of  bond  breaking  and 
redistribution  under  stress.  Alfrey  detailed  a  new  approach  to  large 
deformation  viscoelastic  theory  which  is  more  likely  to  be  more  structure 
related  than  the  useful  Mooney- Rivlin  invariant  approach  and  even  appli¬ 
cable  to  much  higher  extension  ratios.  Craze  theory  was  linked  to  Tg 
change  by  Andrews  and  a  new  approach  opened  up  by  Kambour  with  obvious 
lines  of  investigation  opening  up  for  many  materials  not  studied.  The  role 
of  free  volume  was  raised  by  Hoffman,  and  Tobolsky  proposed  a  new  de¬ 
finition  of  free  volume  for  polymers  in  relation  to  strain,  as  an  approach 
to  failure  mechanisms. 

In  Session  3,  Morphology  of  Crystalline  Polymers,  the  conference 
reached  a  high  level  of  activity  and  interaction.  Keith  anticipated  this 
in  his  review  statement  calling  for  a  reevaluation  of  ten  years  of  progress 
in  this  field.  Folded  chain  theory  dominated  the  presentations  and  dis¬ 
cussion,  involving  all  three  agenda  presentations  and  eliciting  in  addition 
four  major  contributions  which  are  reproduced  in  full  for  these  Proceedings. 
In  fact,  folded  chain  theory  carried  over  into  other  sessions,  most  notably 
perhaps  in  the  novel  and  clarifying  work  of  Takayanagi.  Unfortunately  the 
steering  committee  did  not  reserve  enough  time  for  these  deliberations, 
although  the  generous  documents  here  reproduced  together  may  make 
some  amends.  Much  work  remains  to  be  done  but  the  conference  provided 
a  rich  collection  of  leads  and  approaches  which  should  bear  fruit. 


Finally,  attention  might  be  drawn  to  the  contribution  by  E.  H, 
Andrews,  printed  at  the  end,  in  which  an  excellent  photomicrograph  is 
included  as  part  of  his  provocative  theory  of  nucleation  and  polymer 
crystal  growth  in  stress  environments. 

The  organizers  and  sponsors  of  this  conference  are  grateful  to 
the  participants  who  in  many  cases  came  from  afar  and  who  gave  so 
generously  of  their  time  and  thought.  Those  who  supplied  written  manu¬ 
script  for  this  Proceedings  under  rather  unfavorable  circumstances  are 
particularly  to  be  thanked;  admittedly  a  more  complete  and  polished 
Proceedings  would  be  welcome,  but  it  is  felt  that  a  best  effort  document 
circulated  to  a  limited  working  group  may  well  be  justified  at  this  time. 

Basic  polymer  research  has  not  been  reviewed  before  by  a 
conference  of  this  sort  sponsored  jointly  by  the  several  military  agencies. 
Polymer  technology  has  long  been  a  major  materials  concern  to  all  these 
agencies,  and  various  aspects  have  been  repeatedly  made  the  subject  of 
joint  conferences.  It  is  becoming  increasingly  recognized  that  technology 
programs  without  related  basic  research  programs  advance  slowly  and 
less  certainly.  A  successful  conference  such  as  this  serves  net  only  to 
provide  a  medium  for  technical  coordination  and  advance,  but  also  to 
provide  a  credible  reference  in  the  all-important  defense  for  the  funding 
of  basic  research  programs.  Thus,  it  should  be  contemplated  that  this 
conference  is  not  to  stand  alone  but  to  be  followed  by  others  covering, 
as  well,  other  topics  in  polymer  science. 


J.  H.  FAULL,  Jr., 
Office  of  Naval  Research 


N.  S.  Schneider, 

U.  S.  Army  Natick  Laboratories 


DEFORMATION  AND  FRACTURE  OF  ELASTOMERS 


A.  N.  Gent 

Institute  of  Polymer  Science 
The  University  of  Akron 

ABSTRACT 

Part  of  the  energy  expended  in  deforming  elastomers  is 
dissipated  in  overcoming  the  viscous  resistance  to  motion  of  the 
molecular  chains  and  in  breaking  structures  associated  with 
fillers  or  crystalline  regions.  These  energy  losses  have  recently 
been  shown  to  govern  a  wide  variety  of  mechanical  properties: 
tensile  strength,  tear  resistance,  resistance  to  surface  cracking 
by  ozone,  sliding  friction  and  abrasion.  A  review  is  given  of  these 
findings.  In  addition,  attention  is  drawn  to  modes  of  failure  which 
might  be  properly  termed  "elastic  instabilities,  j  as  they  can  be 
predicted  quantitatively  from  the  elastic  properties  alone. 


1 .  Introduction 


Elastomers  are  not  perfectly  elastic;  some  part  of  the  energy  spent 
in  deforming  them  is  dissipated  due  to  a  variety  of  causes.  The  prin¬ 
cipal  energy- dissipating  mechanisms  are: 

(i)  Internal  friction  or  viscosity,  as  the  molecular  chains 
rearrange  their  positions  and  segments  of  them  slide  past 
each  other. 

(ii)  Strain- induced  crystallization.  Under  the  orienting 
influence  of  a  deformation,'  sufficiently  regular  molecules 
may  form  microcrystalline  assemblies.  Any  further 
deformation  can  only  be  accomplished  by  disrupting  the 
crystallites  with  a  corresponding  dissipation  of  energy. 

(iii)  Structural  breakdown  of  a  filled  elastomer  (two-phase) 
system.  Hard  filler  particles,  generally  of  carbon  black, 
stiffen  elastomers  in  two  ways:  by  forming  long  associated 
chains  of  particles  and  by  adhering  strongly  to  the  molecules 
in  contact  with  each  particle.  Both  of  these  associations  are 
destroyed  at  least  partially  by  a  deformation,  the  particle 
chains  at  quite  small  deformations  and  the  elastomer- 


particle  bonds  at  large  ones. 
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The  dissipation  of  energy  internally  has  usually  been  regarded 
as  a  serious  disadvantage  of  elastomers.  Recently,  however,  it  has 
been  shown  to  be  responsible  for  the  resistance  to  a  wide  variety 
of  fracture  processes:  tensile  rupture,  tearing,  surface  cracking 
by  ozone,  and  abrasion.  These  findings  are  reviewed  here.  Also, 
the  existence  of  unstable  states  is  pointed  out,  at  which  an 
elastic  deformation  becomes  inhomogeneous.  Small  regions  then 
become  highly  deformed,  «®ften  to  the  point  of  rupture.  In  these 
cases  the  criterion  for  fracture  is  an  elastic  one,  involving  the 
relations  between  applied  loads  and  deformations. 

2 .  Tensile  Rupture 

Strength  measurements  at  different  rates  of  elongation  £  and 
temperatures  T  are  found-  to  depend  upon  a  single  variable  6t]t, 
where  jj.  is  the  segmental  viscosity  (Figure  1;  Smith,  1958). 
Variations  with  temperature  are  thus  due  to  corresponding  viscosity 
changes.  Moreover,  the  master  curve  under  iso-viscous  conditions 
has  the  form  expected  of  a  viscosity-controlled  quantity;  it  rises 
sharply  with  increased  rate  of  elongation  to  a  maximum  value  at 
high  rates  when  the  segments  do  not  move  and  the  material  breaks  as 
a  brittle  glass  (Bueche,  1955) .  The  breaking  elongation  at  first 
rises  with  increasing  rate  of  elongation. 
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reflecting  the  enhanced  strength,  and  then  falls  at  higher  rates  as 
the  segments  become  unable  to  respond  sufficiently  rapidly  (Figure  2). 

An  alternative  measure  of  tensile  rupture  is  the  work  Wb  required 
to  break  the  rubber  per  unit  volume.  It  varies  with  the  rate  of  elonga¬ 
tion  in  a  similar  manner  to  the  elongation  at  break,  passing  through  a 
maximum  value  with  increasing  rate,  or  with  decreasing  temperature 
at  a  constant  rate.  The  variation  closely  resembles  that  obtained  for 
energy  dissipation  under  small  deformation,  indicating  the  close 
parallel  between  energy  dissipation  and  energy  required  to  rupture. 

A  more  striking  demonstration  is  afforded  by  the  recent  observation 
of  Grosch,  Harwood  and  Payne  (1966)  that  a  direct  relationship  exists 
between  and  the  energy  dissipated  in  stretching  to  the  breaking 
elongation,  irrespective  of  the  mechanism  of  energy  loss,  i.  e. ,  for 
filled  and  unfilled,  strain- crystallizing  and  amorphous  elastomers, 
Figure  3.  Their  empirical  relation  is 

Wb  =  4-1  Wd2/3  , 

and  being  measured  in  joules/ cm^  .  Those  materials  which 
require  the  most  energy  to  bring  about  rupture,  i.  e. ,  the  strongest 
elastomers,  are  precisely  those  in  which  the  major  part  of  the  energy 
is  dissipated  before  rupture. 
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3.  Tear  Strength 

It  is  important  to  recognize  that  the  tear  strength  0  is  also  not 
a  constant  value  for  a  particular  material;  it  depends  strongly  upon  the 
temperature  and  rate  of  tear,  i.  e. ,  the  rate  at  which  material  is 
deformed  to  rupture  at  the  +ear  tip.  Several  critical  values  of  0  may 
be  distinguished.  The  smallest  possible  value  is  given  by  the  surface 
energy,  about  50  ergs/ cm2  for  non -polar  hydrocarbons.  This  value 
is  indeed  found  to  govern  the  growth  of  surface  cracks  due  to  chemical 
scission  of  the  elastomer  molecules,  (by  atmospheric  ozone),  when  the 
function  of  the  applied  forces  is  merely  to  separate  molecules  already 
broken  (see  section  6).  Another  critical  value  of  0  is  that  necessary 
to  break  all  the  molecules  crossing  a  random  plane.  This  has  been 
estimated  to  be  of  the  order  of  10^  ergs/cm^  for  typical  hydrocarbon 
elastomers  (Thomas,  1966).  Measurements  of  the  minimum  value  of 
0  necessary  to  cause  any  cut  growth  by  mechanical  rupture  are  in 
reasonable  agreement  with  this  value  (Lake  and  Lindley,  1965). 

In  simple  tearing  measurements  the  observed  values  of  0  are 
considerably  large,  ranging  from  10^  to  10^  ergs/cm^.  The  reason 
for  the  enhanced  strength  is  made  clear  by  considering  the  process  by 
which  the  energy  0  is  dissipated  at  the  tear  tip.  Thomas  (1955)  has 
shown  that  0  can  be  expressed  in  terms  of  the  effective  diameter  d  of 


the  tip  of  the  tear  and  the 
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"intrinsic"  breaking  energy  of  the  material  by  the  approximate 
relation 

e  =  wb. 

The  "intrinsic"  breaking  energy  may  be  defined  as  the  energy  required 
to  break  unit  volume  of  the  material  in  the  absence  of  a  significant 
nick  or  flaw.  It  will  be  generally  similar  to,  but  larger  than,  the 
value  of  Wb  determined  for  carefully  prepared  tensile  test- pieces  in 
which  chance  edge  flaws  are  minimized.  Both  and  d  depend  upon 
the  conditions  of  tear.  However,  for  unfilled  non- crystallizing  elastomers, 
d  remains  small  (of  the  order  of  0.  01  cm)  and  relatively  constant.  In 
these  cases  Greensmith  (1960)  has  shown  that  0  is  proportional  to 
and  changes  in  a  parallel  fashion  with  temperature  and  rate  of  tearing 
(rate  of  extension).  Mullins  (1959)  has  also  shown  that  0  is  propor¬ 
tional  to  a  measure  of  the  viscous  stress  component.  Thus  the  internal 
viscosity  determines  the  intrinsic  breaking  energy  and  the  tear  resis¬ 
tance  for  such  materials.  The  effective  diameter  d  of  the  tip  of  a  growing 
tear  also  depends  upon  the  elastic  and  viscous  properties  to  some  degree 
(Gent  and  Henry,  1967)  so  that  the  tear  energy  0  shows  a  complex  tem¬ 
perature  dependence.  It  is  still  governed  by  the  internal  energy 
dissipation,  however,  and  is  found  to  be  the  same  for  elastomers  of 
widely-different  chemical  composition  under  conditions  of  equal 
segmental  mobility  (Figure  4;  Mullins,  1959). 
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In  strain- crystallizing  elastomers  (for  example,  natural  rubber) 
the  tear  resistance  and  tensile  strength  are  greatly  enhanced.  Such 
materials  show  mechanical  energy  dissipation  as  discussed  in  the 
Introduction,  and  their  strength  has  been  accounted  for  in  this  way 
(Andrews,  1963).  Adding  reinforcing  particulate  fillers  to  non- crystal¬ 
lizing  elastomers  brings  about  a  similar  strengthening.  This  effect  is 
principally  due  to  a  pronounced  change  in  the  character  of  the  tear 
process,  from  relatively  smooth  tearing  in  unfilled  materials  to  a 
discontinuous  stick- slip  process,  in  which  the  tear  develops  laterally 
or  even  circles  around  under  increasing  force  until  a  new  tear  breaks 
ahead  and  the  tear  force  drops  abruptly.  The  process  then  repeats 
itself  (Figure  5).  This  form  of  tearing  has  been  termed  "knotty"  tearing 
(Greensmith,  1956). 

The  mechanism  of  tear  deviation  is  still  obscure.  It  may  occur 
because  the  maximum  stresses  lie  off  the  tear  axis,  due  to  anisotropic 

elastic  behavior  of  the  strained  material  around  the  tear  tip  or  to  a 

* 

"frozen"  stress  mechanism  proposed  by  Andrews  (1963),  or  because 
the. filled  materials  have  anisotropic  strength.  Pronounced  knotty 
tearing  occurs  only  within  a  limited  range  of  tear  rates  and  tempera¬ 
tures,  depending  upon  the  particular  filler  and  elastomer  employed 
(Greensmith,  1956).  There  are  some  indications  that  this  effect  is 
associated  with  the  viscoelastic  response  of  the  polymer,  but  the 
conditions  required  involve  much  higher  temperatures  and  lower  rates 
of  extension  than  the  main  rubber- to- glass  transition  region. 
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4.  Sliding  Friction 

Friction. is  naturally  associated  with  energy  dissipation.  The 
principal  mechanism  of  dissipation  again  turns  out  to  be  energy  losses 
within  the  elastomer,  but  the  connection  between  the  coefficient  of 
friction  u  and  the  internal  viscosity,  for  example,  is  complex;  two 
distinct  modes  of  deformation  having  been  distinguished  (Grosch,  1963). 

The  first  is  due  to  indentation  by  surface  asperities  on  the  track  and  the 
second  arises  from  molecular  adhesions  which  are  formed  and  broken 
during  sliding. 

On  a  lubricated  rough  track  the  value  of  fu  increases  with  increasing 
sliding  velocity  and  then  passes  through  a  maximum  (Figure  6).  The 
relation  closely  resembles  the  dependence  of  the  energy  absorption  per 
deformation  cycle  upon  the  frequency  of  deformation.  Indeed,  the  speed 
of  sliding  at  which  n  has  a  maximum  value,  divided  by  the  spacing 
between  asperities,  corresponds  accurately  to  the  frequency  of  deforma¬ 
tion  at  which  the  energy  dissipation  is  a  maximum  at  the  same  temperature. 
The  dominant  role  of  energy  dissipation  in  lubricated  sliding  friction  is 
thus  established.  For  sliding  over  a  clean  smooth  surface  the  relation 
for  u  is  found  to  be  similar,  but  displaced  toward  lower  velocities.  It 
corresponds,  therefore,  to  "asperities"  of  much  closer  spacing  than  those 


in  the  rough  surface. 


The  spacings  are  calculated  to  be  only  about  60fc,  by  comparing  the 
comparing  the  velocity  for  maximum  friction  with  the  frequency  for 
maximum  energy  absorption.  Thus,  friction  between  dry  smooth  sur¬ 
faces  is  associated  with  deformations  on  a  molecular  scale.  It  has 
therefore  been  attributed  to  transitory  molecular  adhesions  between 
elastomer  and  track  The  high  frictional  coefficient  is,  however,  again 
due  to  dissipation  of  energy  in  the  rubber  as  it  undergoes  local  shearing 
deformations  around  the  temporary  bonds,  and  not  due  to  the  strength 

i 

of  the  bonds  themselves  This  is  shown  by  the  characteristic  dependence 
on  speed  and  temperature. 

On  dry  rough  surfaces  the  effects  of  both  surface  asperities  and 
molecular  adhesions  are  evident  in  the  master  relation  for  u  as  a 
function  of  the  speed  of  sliding  (Figure  6).  On  lubricated  smooth  surfaces 
both  deformation  processes  are  minimized  and  the  coefficient  of 
friction  is  correspondingly  small. 

5.  Wear  Due  to  Sliding 

As  both  the  tear  resistance  and  the  tearing  (frictional)  force  depend 
upon  temperature  in  accord  with  viscosity-controlled  processes,  it  is 
not  surprising  that  the  abrasive  wear  as  a  function  of  spped  of  sliding 
should  do  so.  A  suitable  measure  of  the  rate  of  wear  is  provided  by  the 
i ^ tio  A  /  u  of  the  volume  A  abraded  away  per  unit  normal  load  and  unit 
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sliding  distance  to  the  coefficient  of  friction  y  .  This  ratio,  termed 
the  abradibility,  represents  the  abraded  volume  per  unit  energy 
dissipated  in  sliding. 

It  is  found  to  decrease  with  increasing  speed,  pass  through  a  minimum 
and  then  rise  again  at  high  speeds.  This  behavior  resenbles  the  variation 
of  the  reciprocal  of  the  breaking  energy  Wb  with  rate  of  deformation 
(a  reciprocal  relationship  because  high  abradibility  corresponds  to 
low  strength) .  Indeed,  Grosch  and  Schallamach  (1965)  found  a  general 
parallel  between  A  At  and  1/Wb  (Figure  7).  Moreover,  the  coefficient 
of  proportionality  was  found  to  be  similar,  about  10"^,  for  all  the  unfilled 
elastomers  examined.  This  coefficient  represents  the  volume  of  rubber 
abraded  away  by  unit  energy  applied  frictionally  to  a  material  for  which 
unit  energy  per  unit  volume  is  necessary  to  cause  tensile  rupture.  It  may 
be  regarded  as  a  measure  of  the  inefficiency  of  rupture  by  tangential 
surface  tractions;  large  volumes  are  deformed  but  only  small  volumes 
are  removed. 

6.  Resistance  to  Ozone  Cracking 

In  an  atmosphere  containing  ozone,  stretched  strips  of  unsaturated 
elastomers  develop  surface  cracks.  These  cracks  grow  in  width  and  depth 
and  either  sever  the  strip  or  cause  a  serious  loss  of  strength  From  ex¬ 
periments  with  initial  cuts  of  different  length  and  with  elastomers  of  dif- 


ferent  degrees  of  crosslinking,  and  hence  different  values  of  Young  s 
modulus,  Braden  and  Gen  (1960,  1961)  found  that  the  minimum  stresses 
for  cracking  to  occur  corresponded  to  a  critical  energy  requirement  of 
about  50  ergs /cm  ^  of  new  surface  This  suggests  that  the  critical  con¬ 
dition  is  a  very  simple  one:  the  stored  elastic  energy  must  be  sufficient 
to  meet  surface  energy  requirements.  The  critical  stresses  to  cause 
cracking  in  uncut  test-pieces  corresponded  to  cuts  about  10"^cm  deep, 
using  the  same  energy  criterion.  It  was  therefore  deduced  that  normal 
ozone  cracks  start  from  surface  nicks  or  flaws  equivalent  to  cuts  of 
this  size. 

Provided  the  critical  stress  was  exceeded,  the  rate  of  crack  growth 
did  not  depend  significantly  upon  the  applied  stress  over  a  wide  range 
of  stresses.  However,  it  depended  markedly  upon  temperature.  Rates 
of  growth  were  determined  over  a  wide  temperature  range  for  a  series 
of  butadienes tyrene  rubbers  containg  from  0  to  80  per  cent  styrene 
(Gent  and  McGrath,  1965).  When  plotted  against  the  temperature  dif¬ 
ference  Zllg.  between  the  test  temperature  and  the  glass  temperature 
for  each  material,  they  were  found  to  form  a  single,  relation  (Figure  8) 
suggesting  that  segment'd  mobility  is  the  primary  factor  determining  the 
rate  of  growth  of  an  ozone  crack.  The  Williams,  Landel  and  Ferry 
relation  for  segmental  mobility  (Ferry,  1961)  was  found  to  describe  the  ex- 
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perimental  results  well  at  low  temperatures.  At  higher  temperatures 
the  observed  rates  did  not  continue  to  increase  with  increasing  segmental 
mobility  but  approached  a  constant  value.  This  was  due  to  the  limited 
concentration  of  ozone;  the  incidence  of  ozone  molecules  had  become 
rate -determining,  rather  than  the  segmental  mobility.  However,  over 
a  temperature  range  up  to  about  Tf  +  6(Pc  at  this  particular  ozone  con¬ 
centration,  the  rates  of  ozone  crack  growth  were  clearly  determined  by 
the  internal  viscosity  of  the  rubber,  rather  than  by  strictly  chemical 
factors.  This  is  apparently  due  to  the  need  for  movement  of  the  rubber 
molecules  in  and  near  the  crack  tip  to  yield  new  surfaces  for  reaction 
(Gent  and  Me  Grath,  1965). 

7.  Elastic  Instabilities 

Novel  instabilities  can  occur  for  materials  capable  of  undergoing 
large  elastic  deformations.  For  example,  the  uniform  inflation  of  a  long 
rubber  tube  becomes  unstable  at  a  critical  degree  of  inflaction  and 
the  tube  develops  a  pronounced  "blister  '.  In  such  cases,  where  the 
deformation  becomes  markedly  non-uniform,  the  specimen  will  obviously 
rupture  prematurely.  For  materials  of  limited  extensibility  fracture  can 
therefore  be  calculated  quantitatively  from  purely  elastic  considerations, 
and  will  be  largely  independent  of  the  detailed  fracture  properties  of  the 
material.  The  cavitation  of  elastomers  under  a  negative  hydrostatic 
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pressure  (triaxial  tension)  is  an  example  of  this  type  of  fracture. 

Gent  and  Lindley  <1958)  have  shown  experimentally  that  the  critical 
stress  at  which  cavitation  occurs  is  not  greatly  dependent  on  the  tensile 
strength  or  extensibility  of  the  elastomer.  Instead  it  is  directly 
proportional  to  the  elastomer  modulus  (Figure  9).  Indeed,  quantitative 
agreement  was  obtained  with  the  calculated  stress  at  which  the  elastic 
expansion  of  a  hypothetical  small  hole  in  the  elastomer  would  become 
indefinitely  large  It  seems  likely  that  other  cases  of  fracture  by  elastic 
instability  also  exist,  as  yet  unrecognized. 

8.  Conclusions  and  Recommended  Research 

A  review  of  several  diverse  fracture  processes  in  elastomers  has 
been  presented  in  terms  of  a  general  unifying  concept:  the  inefficiency 
with  v  hich  the  energy  of  deformation  is  expended  in  molecular  rupture. 
The  experimental  evidence  has  been  briefly  discussed,  using  amorphous 
unfilled  elastomers  as  the  primary  examples  because  their  energy 
dissipation  in  viscous  processes  follows  a  characteristic  dependence  upon 
speed  of  deformation  (or  frequency)  and  temperature.  The  effects  of 
strain-induced  crystallization  and  the  presence  of  reinforcing  particulate 
fillers  have  also  been  shown  to  be  encompassed  by  the  same  general 
principles,  so  that  it  has  proved  possible  to  account  for  the  main  features 
of  the  tensile  strength,  tear  resistance,  abrasive  wear  and  ozone  cracking 
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of  elastomers  in  this  way. 

It  is  clear  that  an  elastomer  having  the  greatest  degree  of  energy 
dissipation  consistent  with  satisfacotyi  service  performance  should 
be  chosen  for  maximum  strength.  Two  aspects  of  this  general  correlation 
between  strength  and  dissipative  properties  should  be  emphasized,  however: 
(i)  It  is  not  always  a  simple  relationship.  In  sliding  friction, 
for  example,  two  mechanisms  of  dissipation  have  been 
identified,  whose  relative  importance  depends  upon  the 
geometry  of  the  track,  the  speed  of  sliding  and  the  detailed 
nature  of  the  viscoelastic  response  of  the  rubber. 

(ii)  Ideally  an  elastomer  should  develop  energy-dissipating 

features  only  at  high  extensions  so  that  it  is  resilient  under 
normal  service  conditions  and  yet  strong  at  sites  of  stress 
concentration.  Strain-crystallizing  elastomers  show  pre¬ 
cisely  this  behavior,  and  filled  materials  do  so  also  but  to  a 
lesser  degree. 

The  detailed  structure  of  elastomer  networks  has  not  been  dealt 
with  here  The  average  length  of  the  molecular  chains  which  comprise 
the  network  is  found  to  govern  the  extensibility  under  conditions  of  low 
internal  viscosity  (Greensmith,  Mullins  and  Thomas,  1963).  Significant 
effects  would  also  be  expected  from  the  distribution  of  chain  lengths, 
of  which  little  is  known,  and  from  the  presence  of  physical  entanglements 
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in  addition  to  permanent  chemical  crosslinks  between  chains.  No 
study  of  such  effects  has  yet  been  made.  Indeed,  the  study  of  general 
fracture  processes  under  conditions  of  low  internal  viscosity,  and  the 
effects  of  network  structure  upon  them,  seem  appropriate  areas  for 
future  research. 
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Master  relation  for  tear  energy  j_  as  a  function  of  the  rate  of 
tearing  r  reduced  to  Tg  +  20°C  for  vulcanizates  of  butadiene-styrene 
(  A,  O  )  and  butadiene -acrylonitrile  (  •  ,  k)  copolymers.  After 
L  Mullins  ( 1959) 
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Coefficient  of  sliding  friction  __p  for  a  butadiene-acrylonitrile 
vulcanizate  v£  speed  of  sliding  V  reduced  to  20°C.  Curve  I, 
dry  smooth  track;  curve  II,  lubricated  rough  track;  curve  III, 
dry  rough  track.  From  K.A.  Grosch  ( 1 96 3 )  . 
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Abradibilities  A  /  y  (broken  curves) 
and  breaking  energies  W  b  (solid 
curves)  vs  temperaturelor  three 
elastomers.  Arrows  on  the  verti¬ 
cal  axis  indicate  the  zero  points  for 
the  abradibility  relations.  The  ver¬ 
tical  bars  indicate  the  regions  of 
stick- slip  sliding.  From  Grosch 
and  Schallamach  (1965)  . 
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Rate  of  ozone  crack  growth  vs  temperature  difference  T-Tg 
for  butadiene -styrene  copolymers.  Styrene  content,  per  cent 
by  weight:  ^  ,  o;  V,  25;  A  ,  56;  O,  67;  O,  80.  From  A.N. 

Gent  and  J.  E.  McGrath  ( 1965) 
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Lecture  to  Conference  on  Polymer  Structure  and  Mechanical 
Proper tlaa  held  at  U.S.  Army  Natick  Laboratories,  April  1967 
Relationship  between  Crosslink  Type  and  Mechanical  Properties. 


by  L.  Mullins 

Natural  Rubber  Producers'  Research  Association 

Traditionally  the  process  of  vulcanization  involves  the  formation 

of  a  stable  crosslinked  network  from  the  long  polymer  chains  by  the 

Judicious  admixture  of  sulphur,  fatty  acid,  metal  oxide,  accelerators  and 

the  generous  application  of  heat.  This  is  a  surprisingly  complex  chemical 

process  to  achieve  the  apparently  simple  purpose  of  the  Introduction  of 
.  l 

a  few  crosslinks.  Simpler  processes  are  known  but  these  lead  to  vul- 
canizates  with  inferior  properties  to  those  obtained  by  conventional 
sulphur  vulcanization.  Chemical  properties  as  evidenced — for  example — 
by  resistance  to  ageing  are  also  altered  markedly  in  passing  from  the  base 
polymer  to  certain  vulcanizates . 

Nov  we  know  that  if  we  take  a  rubber  and  vulcanize  it  to  the  same 
extent  by  different  vulcanizing  systems  the  resultant  vulcanizates  may 
have  widely  differing  strength  propertlec  -  tensile  strength  -  fatigue 
strength  -  cut  growth  resistance  -  tear  resistance  -  or  resistance  to  just 
wearing  out.  (Figure  1).  With  natural  rubber  tensile  strengths  of  in 
excess  of  300  kg  cm~^  are  obtained  for  certain  types  of  accelerated 
sulphur  vulcanizates,  falling  to  values  of  between  200  to  300  kg.  cm~^ 
for  ether  sulphur  vulcanizates  in  which  less  sulphur  is  used,  falling  to 
less  than  200  kg.  cm~2  for  peroxide  vulcanizates  and  finally  to  less  than 
100  kg.  cm~^  for  vulcanizates  produced  by  high  energy  radiation.  To 
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complete  the  picture  a  value  In  exceaa  of  700  kg.  cm-2  la  produced  by 

vulcanlzatea  containing  pendent  carboxyl  groups  and  vulcanized  with  zinc 

soapa.  With  SBR  -  rubbers  In  which  strain  Induced  crystallisation  Is 

absent  -  values  of  21.0  and  12.5  kg.  cm-2  are  obtained  for  accelerated 

sulphur  and  peroxide  cures  respectively  In  contrast  to  values  of  In 

excess  of  700  kg.  cm-2  for  carboxyl  type  crosslinks  under  certain  conditions  of 

testing. 

These  differences  In  strength  must  stem  from:- 

1)  differences  in  the  actual  crosslink, 

.  I 

11)  chemical  modification  of  the  main  chain  during  vulcanization, 

111)  changes  In  the  effective  Initial  molecular  weight  of  the  base 
polymer . 

Knowledge  on  the  contribution  of  these  aspects  has  been  exceedingly 
hard  to  come  by  and  work  at  NRPRA  Is  currently  proceeding  on  a  number  of 
complimentary  and  Interrelated  fronts  In  an  attempt  to  give  Information  of 
how  the  vulcanizing  system  affects  mechanical  properties. 

1)  The  first  of  these  is  to  develop  techniques  to  provide  Information 
about  the  detailed  vulcanlzate  structure  -  so  called  chemical  probes.  The 
essential  features  of  much  of  this  work  have  been  published,  although 
the  probes  are  continuously  being  refined.  It  is  the  application  of  these 
probes  to  determine  the  nature  of  crosslinks  In  vulcanized  articles  made 
from  different  vulcanizing  systems  and  to  trace  the  changing  fate  of 
these  crosslinks  during  the  life  of  the  articles  to  which  attention  Is 
currently  directed. 
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il)  The  second  front  Is  sn  attempt  to  make  vulcanizates  as  comparable 
as  possible  with  respect  to  crosslink  density,  base  polymer,  non-rubbers, 
etc.  and  to  have  as  the  only  variable  the  known  nature  of  the  crosslink 
Itself. 

Ill)  The  third  front  Is  an  attempt  to  confirm  the  existence  of 
mechanisms  which  have  been  Invoked  to  account  for  differences  In  pro¬ 
perties  of  vulcanizates  prepared  from  different  vulcanizing  systems. 

As  already  indicated  in  tracing  the  effect  of  vulcanizing  systems 

it  is  necessary  for  us  to  consider  a  variety  of  crosslink  types  (Figure  2). 

,  I 

1)  First  direct  C-C  crosslinks  without  the  intervention  of  sulphur 
or  other  groupings  between  polymer  chains.  These  are  produced  by  organic 
peroxides  or  high  energy  radiation. 

11)  Secondly  crosslinks  produced  by  conventional  sulphur  vulcanization 
may  be  of  a  variety  of  types  depending  upon  the  exact  conditions  of 
vulcanization  -  the  detailed  amount  and  nature  of  Ingredients  and  the 
temperature  and  period  of  vulcanization.  Crosslink  types  may  vary  from 
mono-sulphides  to  disulphides  to  polysulphides. 

ill)  A  further  type  of  crosslink  involves  not  co-valent  bonds  but  ionic 
linkages  as  exemplified  by  the  crosslinks  formed  by  metal  carboxylates. 

iv)  Perhaps  I  ought  to  add  a  fourth  type  -  in  view  of  development 
of  thermolastic  rubber  -  the  domain  types  or  crystalline  type  of  crosslink. 

On  the  provision  of  techniques  to  unravel  the  detailed  nature  of 
sulphur  vulcanizates,  briefly  methods  have  been  developed  which  enable 
us  to  quantitatively  determine  the  actual  nature  of  crosslink  tupes  in 
sulphur  vulcanizates,  it  is  now  possible  with  so-called  chemical  probes 


other  then  crosslink  type. 
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Peroxide  (Carbon-Carbon) 

CBS,  6;  S,  0.4;  (Honoeulphlde  902) 

CBS,  1.0;  S,  2.5;  (Polysulphlde  702) 

Figures  3  end  4  ihow  the  progressive  change  In  crosslink  type  which 
occurs  with  prolonged  vulcanisation.  This  also  occurs  during  thermal 
ageing  or  during  the  service  life  of  articles.  Table  1  gives  data  on 
some  mechanical  properties  of  these  vulcanlzates . 

We  hsve  been  closely  following  the  changes  In  crosslink  type  during 
a  varlet^  of  service  applications,  in  tyres,  In  engine  mountings,  In 
couplings,  etc. 

Let  me  Illustrate  the  possibilities  with  an  Investigation  which  was 
carried  out  on  truck  tyres,  where  we  were  Interested  in  tread  looseness 
developing  In  service.  Here  using  900  x  20  (12  ply)  tyre  we  took  number 
consecutively  from  a  production  run  as  follows.  Control  tyres,  tyres 
for  rig  testing  on  ribbed  drum  to  promote  tread  lift  tyres  were  removed 
as  soon  as  tread  lift  observed,  tyres  for  service  on  the  driving  wheels 
of  a  petrol  tanker  (24  ton  8  wheeler  400  m.p.  day,  45  m.p.hr.,  27,000  miles, 
surface  temperature  65*C.). 

The  results  showed  that  In  the  controls  the  overall  concentration 
of  crosslinks  was  uniform  but  that  after  the  rig  test  the  concentration 
was  greater  everywhere  and  greatest  under  the  outside  ribs  while  in  the 
service  test  the  concentration  was  similar  to  the  control. 

The  results  also  showed  that  there  was  a  progressive  change  in 
crosslink  type  towards  monosulphldic  crosslinks.  Indeed  In  carcass  of 
heavy  treads  -  subject  to  retreading  a  number  of  times  -  the  crosslink  type 
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must  be  monosulphidlc  for  most  of  the  life  of  the  tyre  (Figure  5) . 

Now  I  would  like  to  move  from  the  more  practical  more  empirical 
aspects  of  our  work  to  the  more  theoretical  more  hypothetical. 

It  is  found  that  the  strength  of  rubbers  increases  progressively 
with  type  of  crosslink  in  the  order  C-C  <  C-S-C  <  C-S-S-C  <  C-S-Sx  -S-C  < 
ionic.  The  strengths  are  in  inverse  order  to  their  bond  energies  and  it 
is  tempting  to  ascribe  differences  in  strength  to  differences  in  strength 
of  the  crosslinks  themselves. 

Crosslinks  with  lower  bond  energies  contribute  to  higher  tensile 
strength  due  to  the  ability  of  these  crosslinks  to  relieve  local  stress 
concentrations.  The  mechanism  involved  is  that  due  to  the  random  nature 
of  the  cro  linked  network  -  it  is  in  constant  thermal  motion  -  at  any 
instance  some  of  the  chains  are  subject  to  abnormally  high  stress.  If 
the  chains  are  securely  anchored  by  strong  crosslinks  the  chances  are 
that  the  chains  will  break  and  neighbouring  chains  subject  to  enhanced 
stresses.  If  the  points  of  anchorage  are  weak  the  crosslinks  yield  and 
the  stress  concentration  released  by  redistribution  of  the  load.  A 
characteristic  of  multiple  sulphur  and  ionic  bonds  is  their  readiness 
to  participate  in  exchange  reactions  of  breaking  and  reforming  and  so  to 
provide  a  bond  rearrangement  which  can  continuously  adjust  itself  and 
thus  permit  the  deformed  network  as  a  whole  to  support  a  higher  stress. 

This  hypothesis  is  supported  by  the  results  of  an  investigation 
into  the  breaking  and  reforming  of  crosslinks  during  stressing.  Here 
by  measuring  the  permanent  set  remaining  after  stressing  to  large 
extensions  we  get  information  of  number  of  bonds  reformed  in  deformed  state 


A 


r 


35 

and  changes  In  equilibrium  volume  swelling  give  fraction  of  crosslinks 
which  break. 

Two  network  theory  enables  a  quantitative  estimate  to  be  given  to 
fraction  which  break  and  fraction  which  recombine. 

Found  tendency  to  break  greater  in  crosslinks  with  lower  bond  energy, 
tendency  to  reform  also  greater  in  crosslinks  with  lower  bond  energy. 

Thus  the  redistribution  of  crosslinks  which  occurs  in  conventional  sulphur 
CBS  is  greater  than  in  TMTD  which  in  turn  is  greater  than  in  peroxide 

vulcanizates .  (Table  2). 

I 

Further  support  obtained  by  swelling  in  a  radical  acceptor  di-n-butyl 
tetrasulphlde.  Breaking  is  found  to  be  similar  for  both  control  and 
treated  samples  but  recombination  is  less.  This  shown  by  reduced  set 
and  increased  swelling. 

In  another  context  studying  the  effect  of  crosslink  type  on 
softening  resulting  from  previous  stretching  we  have  examined  same  three 
types  of  vulcanizing  system  and  have  shown  that  permanent  changes  of  the 
network  on  stressing  depend  on  the  vulcanizing  system. 

There  is  thus  evidence  for  the  breaking  and  redistribution  of  cross¬ 
links  on  stressing  which  supports  the  proposed  mechanism  for  the  effect 
of  crosslink  type  on  strength. 

This  process  in  which  redistribution  of  crosslinks  leads  to  strength 
inevitably  leads  to  a  loss  in  elastic  properties  viz:-  creep,  set, 
stress  relaxation,  and  hysteresis. 

Another  aspect  of  the  effect  of  crosslink  type  on  strength  of 
natural  rubber  is  shown  by  recent  work  on  the  change  in  tensile  strength 
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with  temperature. 

If  follow  the  change  In  tenalle  strength  with  temperature  then 
observe  a  critical  temperature  above  which  the  strength  falls  abruptly. 

This  is  due  to  the  rubber  crystallizing  in  bulk  at  lower  temperatures. 

The  critical  temperature  depends  among  other  things  on  the  type  of 
vulcanizing  system  (Figure  6).  It  is  interesting  to  note  that  rubbers 
with  lower  strength  have  lower  critical  temperatures.  It  has  however 
been  known  for  a  long  while  that  the  ease  with  which  rubbers  crystallize 
at  low  temperatures  depends  on  vulcanizing  system  but  significantly  the 

i  I 

weaker  rubbers  are  those  which  crystallize  most  readily. 

Here  again  the  role  of  crosslinks  which  break  and  reform  appears 
important.  Slippage  of  crosslinks  in  addition  to  permitting  stress 
redistribution  permits  more  perfect  alignment  of  the  chains  which  in 
turn  results  in  more  effective  crystallisation  which  shows  more  permanence 
at  high  temperature. 

It  is  interesting  to  compare  the  curves  of  tensile  strength  against 
temperature  with  the  effect  of  the  size  of  a  small  cut  on  tear  strength. 

Here  the  sbrupt  full  in  tear  strength  is  attributed  to  a  change  from 
tearing  in  rubber  where  the  bulk  is  crystalline  to  tearing  in  rubber  where 
rupture  occurs  at  a  strain  less  than  that  required  to  make  the  bulk  crystalline. 

The  chemical  properties  of  rubbers  as  reflected  by  their  resistance 
to  thermal  and  oxidative  ageing  are  also  markedly  altered  by  the  nature  of 
the  crosslink.  Vulcanlzatea  with  C-C  or  monosulphide  crosslinks  show 
the  expected  good  thermal  stability  while  those  with  polysulphide  cross- 


links  show  post  curing  reflecting  the  readiness  of  the  crosslinks  to 
undergo  sulphur  bond  interchange.  Oxidative  degradation  of  the  former 
types  of  vulcanlxates  occurs  primarily  as  a  result  of  scission  of  the 
main  chains  and  can  be  suppressed  by  conventional  antioxidants  but  with 
the  latter  type  conventional  antioxidants  act  as  relatively  poor 


inhibitors. 
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TABLE  2 


Vulcanizing 

System 

Set  7. 

Fraction 
Breaking  7. 

Fraction 

Recombining  7. 

i 

Peroxide 

1.7 

6 

0.6 

TMTD 

Sulphur/CBS 

2.5 

9.0 

10 

12 

0.9 

3. A 

Sulphur /CBS 
(with  radical 
acceptor) 

- 

U 

1.4 

Breaking  and  Recombination  of  Crosslinks  on 

_  t 

Stressing  (150  kg. cm  ) 


Crosslink  Type  Poly-  Mono-  Carbon- 

sulphide  sulphide  Carbon 
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Tensile  strength  of  pure  gum  natural  rubber  vulcanizates  plotted 
fc  for  various  vulcanizing  systems.  O  accelerated  sulphur;  x  TMT 
sulphurless;  %  peroxide;  A  high  energy  radiation 


STRUCTURAL  FEATURES  OF 

ACCELERATE  sulphur 


CO 


c,chcm 


AT  140  C. 


COMGEMTRATIQNa  OP  X-LINK  TYPES  at  BASE 
Of  TREAD  In  SHOULDERS  Qg  Q.  00-90  TYBBB 


Comments  after  talk  by  Dr.  Mullins 


Arthur  V.  Tobolsky 

The  tensile  strength  of  rubbers  erosslinked  to  equivalent  extents 
by  carbon-carbon  linkages,  monosulfide  linkages,  disulfide  linkages, 
polysulfide  linkages  and  salt  linkages  are  known  to  increase  in  this 
order.  This  is  also  the  order  of  decreasing  bond  strength  of  these 
crosslinkages1. 

Several  authors  have  concluded  that  the  high  strength  values  result 
from  a  breaking  and  remaking  of  the  weak  crosslinks  during  the  tensile 
te6t.  >as  reviewed  in  reference  (l). 

Tensile  strength  tests  are  carried  out  at  room  temperature  in  a 
matter  of  seconds.  The  relaxation  time  of  polysulfide  linkages  at  room 
temperature  is  of  the  order  of  many  hours.  In  my  opinion  it  remains  to 
be  fully  demonstrated  that  an  appreciable  fraction  of  weak  linkages 
break  and  remake  during  the  time  of  a  tensile  test. 

Furthermore,  Lai  and  Scott2  have  shown  that  networks  containing 
polysulfide  crosslinkages  can  be  treated  with  reagents  which  convert 
these  linkages  to  stable  linkages,  without  much  loss  in  tensile  strength. 

It  appears  that  a  supplementary  or  alternative  theory  to  explain 
the  high  tensile  strengths  of  weak  crosslinkage  networks  is  desirable. 

One  possibility  that  should  be  considered  is  the  following:  during 
vulcanization  by  peroxides  the  crosslinkages  are  formed  in  an  irreversi¬ 
ble  fashion,  which  might  produce  built  in  stresses  or  strains.  During 
vulcanizations  which  produce  polysulfide  bonds  the  crosslinkages  break 
and  remake,  thus  producing  a  network  which  may  be  relatively  free  from 
internal  stresses  and  strains.  The  difference  in  tensile  strength  might 
arise  from  a  difference  in  the  network  structure,  internally  strained 
versus  relaxed,  according  to  this  hypothesis. 

This  hypothesis  is  quite  consistent  with  the  results  of  Lai  and 
Scott.  Once  the  network  is  formed  in  an  internally  relaxed  condition, 
the  tensile  strength  remains  high  even  when  weak  cross  linkages  are 
replaced  by  strong  ones. 


4V 


Comments  after  talk  by  Dr.  Mullins  (continued)  -  A.  V.  Tobolsky 


A  problem  remains  which  Is  not  explained  by  the  hypotheses  of 
reference  (l)  or  by  the  one  suggested  here.  Thiokol  rubbers  contain¬ 
ing  polysulfide  linkages  along  the  main  chain  do  not  have  high  tensile 
strengths. 
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EQUATIONS  OF  STATE  FOR  ELASTOMERS 


Turner  Alfrey,  Jr. 

The  Dow  Chemical  Company 


INTRODUCTION: 

No  completely  satisfactory  analysis  of  the  large-strain 
elastic  behavior  of  rubbery  materials  has  been  developed. 

In  one  sense,  the  problem  is  solved.  If  a  unique  strain- 
energy  function  exists,  it  must  be  expressible  in  terms  of  the 
three  strain  invariants: 

,  i 

W  =  W  (Ii,  I2,  I3)  (1) 

(it  being  assumed  that  the  material  is  initially  isotropic). 

In  the  case  of  an  incompressible  elastomer,  the  third  invariant 
is  a  constant,  and  hence: 

W  =  W  (Ii,  I2)  (2) 

The  Mooney-Rivlin  equation  is  an  example  of  this  type  of  expres¬ 
sion,  which  utilizes  the  linear  terms  of  a  power  series  in  Ii  and 
la: 


W  =  Cl  (I1-3)  +  C2  ( I2-3)  (3) 

Although  the  strain  energy  function  must  be  expressible 
as  a  function  of  Ii  and  I2,  there  is  no  assurance  that  this  will  be 
a  simple  function.  The  utility  of  the  Mooney-Rivlin  Equation  is 
definitely  limited,  and  attempts  to  develop  more  elaborate  versions 
of  Equation  (2)  have  met  with  only  partial  success. 

It  therefore  seems  worth-while  to  examine  other,  completely 
different,  approaches  to  a  strain-energy  function  for  large  strains 
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Landel  has  suggested  the  formulation  of  W  in  terms  of  the  principle 
strains,  rather  than  the  strain  invariants.  In  particular,  he 
has  used  a  separable  strain-energy  function  of  the  form: 

W  =  f  ( Xi)  +  f  (\2)  +  f  (X3)  (4) 

In  this  report,  we  shall  Introduce  a  method  of  representing 
arbitrarily  large  multiaxial  strains  in  incompressible  elastomers, 
by  points  on  a  triangular  coordinate  system.  We  then  assume  that 
the  strain-energy  is  a  smooth  function  of  the  strain,  and  are  led 
to  a  strain -energy  function  of  the  form  employed  by  Landel,  for 
moderate  strains. 

MATHEMATICAL  DEVELOPMENT : 

Consider  a  hysteresis-free  incompressible  elastomer,  deformed 
in  three  mutually  perpendicular  directions  to  arbitrary  extension- 
ratios:  Xi,  \2,  and  X3.  The  corresponding  principle  stresses  are 
cj i ,  ct2,  and  o3.  The  strain  energy  density  is  W. 

Because  of  the  incompressibility  condition,  the  state  of 
strain  is  defined  by  any  two  principle  extension-ratios,  and  hence 
can  be  represented  by  a  point  on  a  two-dimensional  map.  One  method 
of  representing  multi-axial  strains  on  a  plane,  which  has  the 
desirable  feature  of  giving  equal  status  to  Xi,  \2,  and  \3,  is 
described  below. 

A  triangular  grid  of  lines  inclined  at  0°,  120°,  and  240° 
is  set  up.  The  origin  is  located  at  the  center.  The  logarithms 
of  the  extension-ratios  are  plotted  on  the  triangular  coordinate 
system,  as  indicated  in  Figure  1.  Either  natural  or  Briggsian 
logarithms  may  be  employed.  We  shall  use  the  latter: 
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Li  =  loglo  Xi 


L2  =  logio  X2 


L3  =  logio  X3 


Figure  2  Indicates  the  general  character  of  the  strain 
energy  function  W,  when  represented  on  such  a  triangular  diagram. 
Clearly,  the  contour  lines  of  constant  W  must  exhibit  trigonal 
symmetry,  and  must  approach  circular  shape  for  small  strains. 

! 

We  wish  to  examine  the  restrictions  on  W  (Xi,  X2,  X3) 
which  can  be  deduced  from  the  minimal  assumptions  of  smoothness  and 
symmetry.  As  a  background  for  this,  we  shall  briefly  consider  the 
expansion  of  a  smooth  function  in, terms  of  polar  coordinates,  r 
and  9  . 

POLAR  COORDINATE  EXPANSION  OF  A  SMOOTH  FUNCTION: 

Consider  a  scalar  function  of  two  independent  variables: 

W  =  f  (x,y)  (6) 


In  the  neighborhood  of  the  point  (x=o,  y=o),  the  function  is 
continuous,  finite,  single-valued,  and  "smooth"  (all  derivatives 
finite  and  continuous  throughout  the  region  considered).  Such  a 
function  can  be  represented  by  a  two-dimensional  Taylor  series: 

W  =  A  +  Bx  +  Cy  +  Dx2  +  Exy  +  Fy2  +  Gx3  +  Hx2y  +  •  *  •  (7) 

where  A,  B,  C,  etc.  are  numerical  coefficients. 

Let  us  now  represent  the  same  scalar  function  W  in  terms 
of  polar  coordinates: 


W  =  g  (r,  0) 


(8) 
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In  the  vicinity  of  the  origin,  this  function  can  be  expanded  into 
a  series  of  terms  of  the  type  rn  sin  (m9).  If  W  is  a  smooth 
function,  the  following  restriction  on  the  integers  n  and  m  hold: 

(1)  n  and  m  are  both  odd  or  both  even. 

(2)  n  =  m. 

Thus,  W  can  be  written  as: 
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If  the  function  W  has  some  sort  of  symmetry,  further 
restrictions  can  be  made  on  the  allowable  terms  of  such  an 
expansion.  In  particular. 


if  W(r,  0)  =  W(r,9  +  )  =  w(r,0  +  (10) 

=  W(r,-6)  =  W( r,  -0  +  j-)  =  W(r,-fl  +  ^  ) 


then  W  = 
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Rearranging  this  series  in  order  of  increasing  powers  of  r, 
we  obtain: 

W  =  A0  +  A2  r2  +  B3  r3  cos  3  0  +  A4  r4  +  B5  rs  cos  39  + 

+  (AG  +  Ce  cos  69)  r^  +  B7  r7  cos  39  + -  (12) 

Restrictions  on  W  (Li,  L2,  L3). 

Returning  to  the  triangular  diagram  of  multiaxial  strain 
(Li,  L2,  L3),  and  the  strain-energy  function  W,  let  us  establish  a 
polar  .coordinate  system  (r,  0)  as  indicated  in  Figure  3.  Any  state 
of  multiaxial  strain  (\i,  X2,  X 3 )  can  be  expressed  in  terms  of  r 
and  0: 


L3  =  r  cos  0 

L2  =  r  cos  (  6  -  -|£)  (13) 

Li  =  r  cos  ( 0  +  ) 

Or,  if  we  express  r  and  9  in  terms  of  Li,  L2,  L3: 


.Now,  let  us  examine  the  consequences  of  making  the  minimal 
assumption  that  W  (Li,  L2,  L3)  must  exhibit  the  qualities  of  smooth¬ 
ness  and  symmetry  discussed  in  the  preceding  section.  Setting  W=0 
for  the  unstrained  state,  we  obtain: 
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W  =  A2  r2  +  B3  r3  cos  39  +  A4  r4  +  B5  r5  cos  30 

+( Aa  +  Ca  cos  60)  r®  +  B7  r7  cos  39  +  A,  r®  +  Ce  r8  cos  60  (16) 
+(B,  cos  30  +  D9  cos  90)  r®  +  Ai0  r10  +  C10  r10  cos  60  +  — 

Let  us  examine  these  terms  individually,  starting  with  the  first: 

A2  r2  =  A2.(|)«(Li2  +  La2  +  L32)  (17) 

B3  r3  cos  39  =  B3  r3  [4  cos  30-3  cos  0 i  = 

Bs  (Li3  +  L23  +  L3’3)  (18) 

■  A4  r4  =  A4-(|).(Lx2  +  La2  +  L32)2  = 

A4*(|)*(Li4  +  La4  +  L34)  (19) 

B5  r5  cos  (30)  =  B5  r5  [4  cos  39-3  cos  0]  = 

B5.K  ’(Li5  +  La5  +  L35)  (20) 

Each  of  the  above  terms,  and  hence  the  entire  W  (Li,  La,  L3)  -- 
through  the  3th  power  term  --  is  separable,  with  no  cross  terms. 

W  =  f  (Li)  +  f  (La)  +  f  (L3)  (21) 

This  of  course  implies: 

w  =  g(Xi)  +  g(\s)  +  g(  X  3 )  (22) 

which  is  precisely  Landel's  assumption. 

On  the  other  hand,  this  simple  separability  does  not  continue 
Indefinitely.  The  reader  can  easily  verify  that  the  term  Aa  r® ,  for 
example,  does  not  reduce  to  K  (Li®  +  La8  +  L38  ) . 
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We  are  thus  led  to  the  conclusion  that  Landel's  equation 
of  state  for  rubber  Is  not  exactly  correct  for  strains  of  all 
magnitudes,  but  that  up  through  the  5th  power  terms  of  a  power 
series  expansion  the  Landel  separation  Is  rigorously  correct. 
Landel's  equation  should  fit  well  over  a  considerably  wider  range 
than  the  Mooney-Rivlin  Equation,  but  should  fall  at  extremely 
large  strains  (approaching  the  ultimate  extension). 
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PART  II.  VERY  LARGE  STRAINS 

INTRODUCTION; 

This  section  deals  with  the  equation  of  state  for  elastic 
materials,  for  arbitrarily  large  strains  and  for  arbitrary  multi - 
axial  character  of  the  stress  and  strain.  The  material  will  be 
assumed  to  be  incompressible,  and  to  exhibit  equilibrium  elastic 
response  (no  hysteresis),  relatable  to  a  unique  scalar  strain- 
energy-density  W  which  depends  upon  the  strain  state.  Our  problem 
is  thus  the  construction  of  a  suitable  strain-energy  function, 

W  (Xi,  X2,  13)  to  represent  the  elastic  behavior  over  the  entire 
range  from  zero  strain  to  failure,  for  simple  tension,  shear, 
biaxial  tension,  or  any  intermediate  type  of  multiaxial  stress. 


MATHEMATICAL  FORMULATION  OF  A  STRAIN-ENERGY  FUNCTION: 

The  considerations  developed  earlier  lead  us  to  consider 
a  strain-energy  function  of  the  form: 


where  r*,  the  "ultimate  limit"  of  deformation,  is  some  trigonally 
symmetric  function  of  0. 


However,  if  we  merely  write 


r*  =  M  +  N  cos  39  +  P  cos  60  +  - 


(2) 


we  will  obtain  a  function  which  has  lost  the  quality  of  smoothness 
in  the  region  (r-o) . 


We  are  therefore  led  to  search  for  some  modification  of 
Equation  (l)  which  goes  to  infinity  at  some  boundary  r*(0),  but 
retains  smoothness  at  the  origin.  The  ratio  of  two  smooth  functions 
should  be  smooth,  so  let  us  consider  the  function: 
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w  _  A2r2  +  B3r3  cos  39  +  A4r4  +  Bsr5  coa  39  + - 

11  1  -  (Mr2  +  N  r3  cos  36  +  Pr4  + - ) 

If  we  expand  Wjj  as  a  power  series  in  r,  we  obtain: 

WII  =  A2r2+B3r3  cos  36  +  (A4+MA2)r4  +  (B5+MB3+NA2)r5  cos  3 0  + - (4) 

As  anticipated,  all  terms  which  appear  meet  the  requirements  for 
smoothness  at  the  origin,  and  trigonal  symmetry. 


It  is  my  contention  that  the  function  Wjj  ( r,  0)  should  pro¬ 
vide  a  bet'ter  approximation  to  the  multiaxial  stress-strain  behavior 
over  the  entire  range,  with  a  smaller  number  of  adjustable  parameters 
used,  than  aiiy  previously  suggested  specific  equation  (e.g.,  expansion 
in  terms  of  strain  invariants,  or  Landel's  expression  in  terms  of 
the  principle  strains).  The  expression  reduces  to  linear  elasticity 
as  r-*o;  it  reduces  to  Landel's  equation  for  moderate  strains;  and 
it  captures  the  rapid  upturn  in  stress  as  the  limit  of  extension  is 
approached . 


The  importance  of  including  the  denominator  in  ( r,  0)  is 

that  it  permits  good  fitting  in  the  very  large  strain  region  with 
a  minimal  total  number  of  adjustable  parameters .  The  numerator 
expression  alone  can  be  made  to  fit  any  possible  strain-energy 
function  over  the  entire  range,  but  it  would  converge  very  slowly 
near  the  limit  of  extension,  and  thus  require  very  many  terms. 

This  advantage  of  (r,  0)  is  only  realized  if  we  cut  off  the 
series  as  polynomials.  Let  us  therefore  propose  three  specific 
polynomial  versions  of  this  function,  one  having  three  arbitrary 
constants,  one  having  four,  and  one  having  five: 


_  Agr2 _ 

1  -  (Mr*  +  Nr3  cos  39) 


(rj) 


wIII(r,9) 


tr  /„  Q\  Agr2  +  B3r3  cos  39 

^IV'  *  '  1  -  (Mr2  +  tfra  cos  39 ) 

/  _  n\  A2r2  +  B3r3  cos  39  +  A4r4 

Vr|  e>  =  T  -  (Mr2-  +  F  A  '3'8')  ' 


(•0 


WIII  (r*  0)  can  hardly  136  expected  to  fit  very  well  over 
the  entire  range,  but  it  illustrates  how  the  parameters  can  be 
obtained  from  experimental  data.  The  constant  A2  is  obtained  from 
the  limiting  shear  modulus ,  G,  which  hold  for  infinitesimal  strain, 
and  which  can  be  established  by  standard  extrapolation  of  stress- 
strain  dat^.  to  zero  strain.  The  constants  M  and  N  can  be  obtained 
from  the  limiting  extension  for  uniaxial  stretching  and  for  uniaxial 
compression  (or  biaxial  stretching).  These  limiting  strains  must 
be  determined  by  extrapolation  of  some  kind.  It  is  suggested  that 
the  reciprocal  of  stress  be  plotted .against  and  extrapolated  to 
zero.  Examination  of  typical  stress-strain  ^ata  in  the  vicinity  of 
failure  leads  to  the  conclusion  that  a  linear  extrapolation  is 
probably  not  very  good.  Of  course,  a  fit  can  be  forced  at  the 
high  end  of  the  actual  data,  but  the  logic  of  this  approach  would 
favor  the  use  of  a  well-chosen  extrapolation  to  the  (un-reachable ) 
ultimate  extension.  The  question  of  proper  extrapolation  method 
will  be  further  examined  in  a  later  report. 

As  we  turn  to  the  more  elaborate  approximations,  Wjy  (r,9) 
and  Wy(r,  0),  we  can  continue  to  use  the  values  of  A2,  M,  and  N  which 
were  used  in  Wjj-j-(r,9),  since  these  were  obtained  from  extrapolations 
to  zero  and  r*.  The  value  of  B3  in  W^y  (r,9),  and  the  values  of 
B3  and  A4  in  Wy  ( r,  9 )  can  now  be  obtained  from  the  deviations  of 
experimental  data  from  the  limiting  linear  elasticity  curve,  in 
the  low  strain  region;  or,  alternatively,  by  forcing  a  fit  at  chosen 
points  in  the  intermediate  strain  region.  Still  another  possibility 
would  be  to  evaluate  B3  by  forcing  a  fit  to  the  slope  of  the 
reciprocal  of  the  stress  as  r  -  r*  in  tension. 


T.  Alfrey,  Jr/crg/10-17-67 
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INTRODUCTION 

The  plastic  yield  behavior  of  glassy  polymers  is  a  sub¬ 
ject  which  is  becoming  of  increasing  importance  at  the  present 
time.  One  reason  for  this  is  the  desire  to  understand  the  stress 
response  of  solid  polymers  in  the  region  of  very  high  stresses. 

A  considerable  amount  of  work  has  been  devoted  in  the  last  20 
years  £o  the  study  of  the  stress  response  of  polymers  at  low 
stresses,  and  in  particular  their  behavior  in  the  linear  visco¬ 
elastic  region.  However,  the  response  of  polymers  under  pro¬ 
cessing  conditions  and  in  many  practical  use  situations  involves 
very  high  stresses  and  mechanical  behavior  which  is  very  non¬ 
linear.  Plastic  yield  can  be  regarded  as  an  extreme  form  of 
non-linear  behavior,  and  an  understanding  of  the  plastic  yield 
process  in  combination  with  an  understanding  of  linear  visco¬ 
elastic  behavior  may  be  the  best  path  to  the  formulation  of  a 
satisfactory  theory  of  non-linear  viscoelastic  behavior. 

The  phenomenon  of  plastic  yield  has  received  particular 
study  in  the  synthetic  textile  industry,  since  it  is  an  impor¬ 
tant  part  of  the  fabrication  process  of  synthetic  textile  fibers. 
Drawing  is  required  to  give  such  synthetic  fibers  their  maximum 
strength.  This  increase  of  strength  comes  from  a  combination 
of  molecular  orientation  and  an  improved  perfection  of  morpho¬ 
logical  order.  However,  one  of  the  striking  characteristics 
of  the  drawing  or  plastic  yield  behavior  of  amorphous  glassy 
polymers  is  the  great  similarity  which  is  shown  to  the  corres¬ 
ponding  drawing  behavior  of  crystalline  polymers,  despite  the 
great  difference  in  solid  state  structure.  It  therefore  seemed 
to  us  most  useful  to  study  the  nature  of  the  yield  process  in 
glassy  polymers,  since  the  changes  of  crystalline  morphology 
which  are  produced  when  a  crystalline  polymer  is  drawn,  which 
can  be  seen  clearly  from  the  changes  in  the  X-ray  pattern,  are 
not  present  as  a  complicating  factor  in  this  case. 

Our  own  research  work  in  this  area  was  carried  out  over  a 
period  of  about  four  years,  starting  in  the  Fibers  and  Polymers 
Division  at  MIT  and  continuing  during  a  further  contract  at 
Stevens  Institute  of  Technology.  This  work  was  sponsored  by 


the  U.  S.  Army  Natick  Laboratories,  and  we  are  very  grateful 
to  them  for  this  continued  financial  support.  The  results 
presented  here  represent  the  cooperative  work  of  a  number  of 
individuals  whose  contributions  will  be  more  properly  credited 
in  future  journal  publications.  Many  of  the  unpublished  re¬ 
sults  have  been  presented  in  a  preliminary  form  in  a  final 
project  report^-. 

The  phenomenon  of  plastic  yield  is  a  very  familiar  one  in 
the  metals  field,  and  it  is  a  very  important  component  of 
certain  metal  forming  processes.  There  is  considerable  interest 
at  the  moment  in  the  possibilities  of  forming  plastics  also  by 
such  a  yield  or  "cold  forming"  process.  The  feasibility  of  this 
type  of  forming  process  is  not  yet  completely  clear.  The  yield 
process  could  also  be  an  important  mechanism  for  energy  absorp¬ 
tion  under  impact  conditions — perhaps  even  at  ballistic  rates. 

In  addition  to  such  practical  applications,  the  yield 
phenomenon  is  of  course  of  great  fundamental  scientific  impor¬ 
tance,  and  a  thorough  understanding  of  its  nature  is  highly 
desirable.  Since  it  is  such  a  fundamental  phenomenon,  it  is 
of  interest  from  very  many  different  points  of  view,  and  many 
different  aspects  of  it  are  important  to  understand.  Conse¬ 
quently  it  is  unreasonable  to  expect  that  any  complete  theory 
of  the  plastic  yield  phenomenon  can  be  stated  in  a  few  words, 
since  it  would  be  hoped  that  such  a  theory  would  provide  the 
answer  to  very  many  different  questions.  One  of  the  interest¬ 
ing  questions  in  this  area,  for  example,  is  why  the  yield 
phenomenon  in  polymers  is  so  often  accompanied  by  neck  forma¬ 
tion  in  the  sample.  Despite  the  fact  that  this  was  one  of  the 
earliest  observations  made  in  connection  with  the  drawing 
process,  the  mechanics  of  the  necking  phenomenon  are  still 
not  adequately  understood. 


STRESS- STRAIN  TESTS 

Many  glassy  polymers,  such  as  polystyrene,  are  regarded 
as  brittle  materials.  This  means  that  they  fracture  at  small 
strains  in  a  stress-strain  test,  without  showing  any  plastic 
yield.  Other  glassy  polymers,  such  as  polymethyl  methacrylate 
will  show  plastic  yield  and  drawing  behavior  in  a  tensile  test 
in  certain  ranges  of  temperature  and  strain  rate.  Stress- 
strain  curves  of  these  two  types  are  shown  in  Fig.  1.  When 
polymers  are  subjected  to  high  stress,  there  is  a  competition 
between  yield  and  fracture.  A  general  statement  can  probably 
be  made  that  all  solid  polymers  will  show  plastic  yield  when 
stressed  to  a  high  enough  level,  provided  that  fracture  does 


not  first  intervene. 


It  was  found  very  early  in  our  investigations  that  it  was 
possible  to  make  polystyrene  yield  in  a  tensile  test,  even 
though  it  usually  fractures  in  a  brittle  way.  This  can  be  done 
by  first  preorienting  the  material  by  hot  stretching  above  the 
glass  transition  temperature.  After  this  treatment,  the  stress- 
strain  curve  shows  yielding  behavior,  very  similar  to  that  of 
PMMA,  at  temperatures  below  the  glass  transition1'2.  However, 
the  yield  stress  does  not  seem  to  depend  on  the  degree  of 
molecular  orientation  (as  measured  by  the  birefringence  of 
the  oriented  sample) ,  indicating  that  the  orientation  does 
not  affect  the  nature  of  the  yield  process  itself,  but  rather 
is  effective  in  raising  the  fracture  strength  of  the  material. 
This  is  illustrated  in  Fig.  2,  which  plots  the  yield  stress  as 
a  function  of  preorientation  birefringence  (used  as  an  index 
of  "decree  of  orientation")  for  a  series  of  temperatures  below 
the  glass  transition.  The  amount  of  strain  obtained  in  the 
yield  process  decreases  markedly  with  increasing  preorientation, 
however,  as  illustrated  in  Fig.  3. 

From  the  data  in  Fig.  2,  it’  can  be  seen  that  the  yield 
stress  for  polystyrene  decreases  linearly  with  increasing 
temperature,  as  indicated  in  Fig.  4.  This  straight  line 
extrapolates  to  zero  stress  near  the  glass  transition  tempera¬ 
ture  of  the  polymer.  The  fracture  strength  of  a  polymer  shows 
much  less  dependence  on  temperature,  as  sketched  also  in  Fig.  4. 
The  crossing  of  these  two  curves  shows  why  a  polymer  may  be 
ductile  at  higher  temperatures  and  brittle  at  lower  tempera¬ 
tures,  in  the  glassy  state.  This  interpretation  of  the  brittle- 
ductile  transition  has  also  been  discussed  by  Vincent. 

The  time  dependence  of  drawing  under  constant  strain  rate 
conditions  has  been  investigated^'  for  unoriented  PMMA  and  the 
results  are  shown  in  Fig.  5,  in  which  yield  stress  is  plotted 
vs.  temperature.  At  each  strain  rate  a  linear  relation  between 
yield  stress  and  temperature  is  obtained,  as  in  the  case  of 
polystyrene.  The  magnitude  of  the  yield  stress  increases  with 
increasing  strain  rate  and  the  slope  of  the  straight  line  vs. 
temperature  also  increases.  These  curves  extrapolate  to  zero 
stress  at  temperatures  which  are  not  quite  identical,  but  which 
are  again  near  the  glass  transition  temperature  of  the  polymer. 

Other  molecular  and  structural  parameters  which  are  of 
interest  in  the  case  of  amorphous  glassy  polymers  are  the 
molecular  weight  of  the  polymer  and  the  possible  presence  of 
cross  links  in  the  structure.  The  effects  of  molecular  weight 
and  cross  linking  on  the  yield  process  have  also  been 
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investigated  ' J  for  PMMA  with  results  as  shown  in  Fig.  6.  The 
straight  line  relation  between  yield  stress  and  temperature 
persists  in  all  cases.  Polymers  showing  a  six- fold  variation 
in  molecular  weight  (200,000  to  1,200,000)  show  essentially  the 
same  yield  stress,  indicating  that  the  yield  stress  is  not 
dependent  on  molecular  weight.  The  crosslinked  polymer  also 
shows  very  little  difference  in  behavior  from  that  of  the 
polymer  which  is  not  crosslinked. 

The  yield  phenomenon  is  often  referred  to  as  "solid-state 
flow".  The  above  results  suggest  that  the  yield  phenomenon 
cannot  be  regarded  as  a  flow  process  in  the  normal  sense,  since 
viscoelastic  flow  of  a  polymer  (i.e.,  the  viscosity  of  a 
polymer  melt)  is  known  to  depend  on  the  3.4  power  of  molecular 
weight,  and  no  such  relation  is  seen  here.  Crosslinking  also 
effectively  prevents  any  long  range  molecular  flow  but  obviously 
produces  very  little  effect  on  the  yield  phenomenon.  These 
results  thus  provide  some  very  relevant  data  in  any  discussion 
of  the  yield  or  drawing  phenomenon  in  terms  of  a  flow  theory. 
This  of  course  does  not  rule  out  the  use  of  some  modified  form 
of  a  liquid  flow  theory  if  attention  is  focused  only  on  a  very 
localized  relative  motion  of  molecules  rather  than  true  flow  in 
the  usual  sense.  It  is  also  observed  that  the  deformation  pro¬ 
duced  when  a  polymer  is  drawn  can  be  completely  recovered  if 
the  sample  is  heated  above  its  glass  transition  temperature. 

This  total  shrinkage  illustrates  again  the  fact  that  no  genuine 
intermolecular  flow  has  occurred. 


DRAWING  UNDER  DEAD  LOAD 

Although  the  yield  process  has  customarily  been  studied 
by  the  use  of  stress-strain  tests  at  constant  strain  rate,  it 
can  also  be  observed  in  creep  experiments  carried  out  under 
constant  load.*  This  latter  type  of  experiment  has  certain 
advantages;  in  particular,  the  time  effects  associated  with 
the  yielding  process  are  seen  in  a  magnified  way.  A  detailed 
investigation  of  the  drawing  behavior  of  preoriented  poly¬ 
styrene  has  been  carried  out^  using  this  technique.  The 
drawing  phenomenon  is  observed  in  an  interesting  way  in  these 
experiments:  After  a  period  of  apparently  normal  viscoelastic 
creep,  neck  formation  takes  place  fairly  abruptly,  followed 
by  the  usual  type  of  neck  propagation.  Fracture  may  also  take 
place  at  various  stages  of  this  process.  The  time  elapsed  be¬ 
tween  the  beginning  of  the  creep  experiment  (when  the  load  is 
applied  to  the  sample)  and  the  time  when  neck  formation  takes 
place  has  been  designated  as  the  "delay  time"  for  yielding 
(td)  .  Since  the  neck  formation  is  not  completely  instantaneous, 


an  arbitrary  method  has  been  used  for  defining  the  delay  time 
as  illustrated  in  Fig.  7.  The  straight  line  regions  of  the  creep 
curve  before  neck  formation  and  during  neck  propagation  are 
extrapolated  by  dashed  lines  and  the  intersection  point  of 
these  dashed  lines  is  taken  as  the  delay  time. 

.icep  measurements  or  this  type  were  made  as  a  function  of 
temperature  and  stress  level.  One  of  the  major  results  of  this 
investigation  was  that  drawing  was  found  to  take  place  only  in 
a  limited  region  of  stress  and  temperature.  That  is,  at  each 
temperature  in  the  glassy  state,  there  existed  a  critical  stress 
level  above  which  yield  and  drawing  by  neck  formation  would  take 
place,  but  below  which  yielding  would  never  take  place — presum¬ 
ably  even  at  infinite  time.  The  critical  drawing  stress  divides 
the  stress- temperature  plane  into  two  regions  as  shown  in  Fig.  8. 
This  critical  stress  boundary  curve  extrapolates  to  zero  stress 
near ■ thfc  glass  transition  temperature,  but  seems  not  to  be 
exactly  a  straight  line.  Above  the  critical  stress  level  the 
delay  time  is  a  function  of  the  applied  stress  and  decreases 
with  increasing  stress  level.  The  type  of  relationship  obtained 
is  shown  in  Fig.  9:  the  logarithm  of  delay  time  is  a  linear 
function  of  stress  level.  The  delay  time  also  decreases  pro¬ 
gressively  with  increasing  temperature,  as  would  be  expected 
of  any  temperature-dependent  rate  process.  The  straight  lines 
in  Fig.  9  end  abruptly  at  the  critical  stress  level — a  very 
interesting  and  unusual  sort  of  relation. 

Similar  measurements  have  been  made  on  unoriented  PMMA, 
with  very  similar  results^.  A  critical  stress  boundary  as  a 
function  of  temperature  was  also  observed  for  this  polymer. 
Effects  of  quenching  and  annealing,  and  of  absorbed  moisture 
were  also  investigated  for  PMMA.  The  effect  of  rapid  quench¬ 
ing  of  the  polymer  from  above  the  glass  transition  temperature 
was  to  decrease  the  delay  time  and  increase  the  diffuseness  of 
the  neck  which  'formed.  Annealing  at  elevated  temperature  had 
the  opposite  effect  of  increasing  the  delay  time.  Absorbed 
moisture  decreased  the  delay  time  in  a  very  striking  way, 
indicating  a  very  large  effect  of  plasticizer  on  the  yield 
process. 


TIME  EFFECTS 

Another  very  useful  way  of  studying  the  time  effects 
associated  with  the  yield  and  drawing  process  is  by  means  of 
interrupted  drawing  experiments.  This  type  of  experiment  was 
first  carried  out  by  Vincent  and  we  have  followed  out  his 
method  somewhat  further.  In  this  experiment  a  normal  stress- 
strain  curve  is  carried  out  up  to  the  point  where  neck  forma- 
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tion  takes  place  and  steady-state  neck  propagation  has  begun. 

At  that  point,  the  experiment  is  interrupted  by  suddenly  stop¬ 
ping  the  strain.  The  interruption  may  be  produced  in  two  ways. 
The  first  is  by  holding  the  strain  constant  and  allowing  the 
stress  to  relax  for  a  period  of  time,  and  then  resuming  the 
drawing  experiment  by  resuming  the  constant  strain  rate.  The 
other  method  of  interruption  is  to  reverse  the  elongation  of 
the  specimen  until  the  load  is  completely  removed,  and  then 
to  allow  a  time  of  resting  in  that  state  before  the  forward 
elongation  of  the  sample  is  begun  again.  The  results  obtained 
in  these  two  cases  are  significantly  different.  After  a  period 
of  stress  relaxation  at  fixed  strain,  when  the  straining  is 
resumed  a  new  stress  peak  or  yield  peak  is  observed,  after 
which  steady  state  drawing  is  resumed.  This  peak  is  observed 
even  though  neck  formation  has  already  taken  place  in  the  first 
phase  of  the  experiment.  In  the  experiment  in  which  the  sample 
is  unloaded,  when  the  extension  of  the  sample  is  resumed  no  new 
yield  peak  is  observed;  the  stress  level  simply  rises  to  the 
original  steady-state  drawing  stress  and  remains  constant  at 
that  value.  The  initial  slope  of  the  reloading  curve,  which 
corresponds  to  something  like  an  elastic  modulus,  is  also 
lower  rfter  the  interruption  by  unloading.  These  results  are 
illustrated  schematically  in  Fig.  10. 

The  simplest  interpretation  of  these  results  is  that  a 
"hardening"  of  the  sample  takes  place  during  the  interruption 
by  stress  relaxation,  whereas  a  "softening"  of  the  sample  takes 
place  when  the  drawing  is  interrupted  by  unloading.  The  reason 
for  these  effects  is  not  completely  clear,  but  they  indicate 
that  hardening  and  softening  of  the  material  may  be  playing  a 
significant  role  in  the  yield  process. 

In  our  experiments,  the  effect  of  the  length  of  the 
interruption  period  was  examined  and  it  was  found  that  the 
yield  peak  gradually  builds  up  as  a  function  of  time  in  the 
interruption  by  stress  relaxation.  The  apparent  softening 
during  the  interruption  by  unloading  also  disappears  gradually 
with  time  and  the  material  regains  its  normal  rigidity  when 
the  sample  is  allowed  to  remain  unloaded  for  a  prolonged  time. 
Effects  of  this  sort  are  known  also  in  metals  and  other  crystal¬ 
line  materials,  where  the  behavior  is  believed  to  be  related 
to  dislocation  multiplication  and  decay.  Some  hypotheses 
could  be  formulated  on  the  possible  role  of  some  type  of 
solid  state  defect  or  the  possible  breakdown  of  intern'olecular 
secondary  bonding  as  the  corresponding  phenomena  in  the  case 
of  glassy  amorphous  polymers,  but  this  line  of  speculation  will 
not  be  pursued  here. 
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GEOMETRY  OF  YIELD 

In  addition  to  the  well-recognized  phenomenon  of  neck 
formation  in  the  case  of  yield  of  polymers,  some  other  types 
of  localization  of  the  yielding  process  are  also  observed. 

In  particular,  what  may  be  referred  to  as  "deformation  bands" 
have  been  observed  in  polystyrene  and  many  other  polymers?*®. 

The  bands  observed  in  polystyrene  are  extremely  thin  sheets 
(a  few  microns  thick)  which  form  at  an  angle  approximately  45° 
to  the  direction  of  stress  in  a  sample  subjected  to  tension  or 
compression.  Electron  microscope  studies  have  indicated  that 
the  material  in  these  bands  has  undergone  a  shear  strain  of 
approximately  unity  and  the  molecular  orientation  which  results 
gives  the  bands  a  strong  birefringence.  In  samples  undergoing 
dead  load  creep,  these  bands  have  been  observed  to  form  prior 
to  neck  formation  but  seem  to  lead  directly  to  the  formation  of 
the  'macroscopic  neck.  When  neck  formation  and  propagation  have 
taken  place  these  bands  have  been  absorbed  and  disappear.  How 
essential  a  role  these  deformation  bands  play  in  the  formation 
of  the  macroscopic  neck  has  not  yet  been  demonstrated,  but 
this  is  a  phenomenon  which  must  be  kept  in  mind  in  any  considera¬ 
tion  of  the  detailed  geometry  of  the  yield  process. 

Photographic  studies  of  the  shape  of  the  neck®  have  indi¬ 
cated  a  complicated  dependence  of  neck  sharpness  on  strain 
rate  and  temperature,  since  neck  sharpness  seems  to  go  through 
a  maximum  when  each  parameter  is  varied — at  least  in  the  case 
of  PMMA.  Such  photographic  studies  of  neck  profile  geometry 
also  allow  the  derivation  of  a  true  stress-strain  curve  for  a 
polymer  as  a  material,  independent  of  the  complications  in 
•tress  distribution  produced  by  neck  formation  when  the  apparent 
stress-strain  curve  of  an  overall  specimen  is  measured. 

In  addition  to  the  localization  of  the  yield  process  in 
1  geometric  sense,  another  interesting  aspect  of  the  process 
is  the  volume  effects  associated  with  it.  Some  preliminary 
measurements  of  volume  changes  associated  with  yield  in 
compression  have  been  carried  out  by  the  use  of  a  mercury 
dilatometer  combined  with  a  conventional  testing  machine10. 

The  results  for  several  polymers  indicate  that  a  significant 
volume  increase  accompanies  the  yield  process.  This  volume 
increase  decays  when  drawing  or  yield  is  interrupted  by  stress 
relaxation  and  reappears  when  drawing  is  resumed  and  the  new 
yield  peak  is  produced.  This  leads  to  the  formulation  of  a 
yield  criterion  in  which  the  critical  factor  is  not  simply  a 
certain  value  of  shear  stress,  but  also  involves  a  significant 
volumetric  component  in  the  yield  condition1  . 
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DISCUSSION 

One  of  the  basic  problems  associated  with  the  yield 
behavior  in  solid  polymers  has  been  to  explain  how  strains  of 
the  order  of  hundreds  of  percent  could  be  produced  in  a  polymer 
below  its  glass  transition  temperature,  where  it  is  generally 
believed  that  chain  segment  motion  and  long  range  changes  of 
molecular  conformation  are  impossible  because  of  the  rigidity 
of  the  glassy  structure.  It  seems  necessary  to  assume  that 
the  material  is  actually  going  through  a  glass  transition  as 
part  of  the  yield  process.  One  of  the  first  theories  of  the 
yield  process,  proposed  by  F.H.  Muller  in  Germany  several  years 
ago,  was  that  neck  formation  led  to  localized  heating  which 
raised  the  polymer  above  its  glass  transition  temperature.  This 
hypothesis  was  proved  to  be  incorrect  by  very  slow  drawing  ex¬ 
periments  carried  out  by  Vincent^,  and  also  by  more  detailed 
calorimetric  measurements  carried  rut  by  Muller  himself.  It 
seems  more  reasonable  to  assume  that  the  glass  transition  effect 
can  be  produced  by  stress  itself  or  more  exactly  by  a  combina¬ 
tion  of  stress  and  temperature.  The  yield  phenomenon  might 
therefore  be  reasonably  described  as  a  "stress-induced  glass 
transition".  Examination  of  the  literature  shows  that  this 
idea  was  also  proposed  earlier  by  Bryant^.  This  type  of 
theory  would  provide  a  logical  explanation  of  the  yield  stress 
decreasing  linearly  with  increasing  temperature  and  extrapo¬ 
lating  to  zero  at  the  (thermal)  glass  transition  of  the  polymer. 
However,  the  magnitude  of  the  strains  obtained  in  the  yield 
process  and  also  the  recoverability  of  the  strain  on  heating 
above  the  glass  transition  temperature  suggest  that  this  is 
only  a  marginal  or  partial  glass  transition,  giving  a  partially 
softened  structure  equivalent  to  that  obtained  thermally  at 
temperatures  at  the  lower  limit  of  the  glass  transition  range. 

12 

Some  recent  experiments  on  the  drawing  of  PVC  under  dead 
load  creep  conditions  provide  some  further  insight  into  the 
equivalent  effects  of  stress  and  temperature  in  producing  the 
glass  transition.  Creep  experiments  were  carried  out  at  a 
series  of  stresses  at  a  constant  temperature,  and  at  a  series 
of  temperatures  at  a  constant  stress  level.  The  results, 
plotted  as  log  compliance  vs.  log  time,  are  shown  in  Figs.  11 
and  12.  The  pattern  of  the  family  of  curves  obtained  seems 
essentially  identical  in  both  cases.  The  rapid- rise  region  of 
the  creep  curve  can  be  taken  as  an  indication  of  the  drawing 
process.  At  a  series  of  temperatures  in  the  glassy  state  the 
stress  was  adjusted  so  that  the  inflection  point  of  the  creep 
curve  was  always  at  a  time  value  of  ten  minutes.  With  the 
time  parameter  standardized  in  this  way,  a  plot  of  correspond¬ 
ing  values  of  stress  vs.  temperature  gave  the  usual  straight 


line  relation,  extrapolating  to  zero  at  the  glass  transition 
temperature.  The  conclusion  can  therefore  be  drawn  from  these 
results  that  the  glass  transition  is  in  fact  not  simply  a 
temperature  but  can  better  be  regarded  as  a  phenomenon  which 
is  a  function  of  stress,  temperature  and  time.  This  opens  up 
interesting  new  avenues  to  the  exploration  of  the  yield  and 
glass  transition  phenomena  since  temperature  is  a  homogeneous 
and  isotropic  property,  whereas  stress  can  be  applied  in  a 
directional  way  and  in  various  multiaxial  forms.  The  relation 
between  temperature  and  stress  in  producing  yield  under  these 
conditions  would  be  of  great  interest  to  explore. 
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DISCUSSION  ON  PAPER  NO.  4 


Associate  Professor  Allan  S.  Hoffman: 

Massachusetts  Institute  of  Technology 

There  are  many  published  studies  of  the  effects  of  high  energy 
radiation  on  polymers;  generally,  property  measurements  are  made  before 
and  after  exposure  to  the  radiation.  Recent  work  in  our  laboratories 
has  indicated  that  there  are  significant  "temporary"  effects  of  radiation 
occurring  during  exposure  of  polymers  to  high  intensity  radiation  fields. 
For  example,  creep  rates  of  many  diverse  polymers  are  greatly  accelerated 
during' irradiation;  when  the  samples  are  removed  from  the  radiation  field, 
they  soon  return  to  a  much  lower  creep  rate.  This  effect  has  been 
noted  in  our  studies  for  polystyrene,  polymethylmethacrylate,  polyvinyl, 
chloride-vinylacetate  copolymer  and  polycarbonate.  The  samples  are  also 
noted  to  expand  during  irradiation  (after  correction  for  thermal  ex¬ 
pansion)  under  no  stress;  this  expansion  has  been  directly  related  to 
the  acceleration  in  creep  during  irradiation  under  stress.  The  samples 
are  water-cooled  and  the  maximum  temperature  rise  due  to  the  radiation 
is  never  more  than  a  few  degrees.  We  believe  that  the  cause  of  both 
the  expansion  and  accelerated  creep  is  related  to  the  generation  of 
gases  within  thq  specimen  during  irradiation.  The  evolved  gases  could 
generate  local  free  volume,  thus  promoting  local  molecular  slip.  Cal¬ 
culations  show  that  the  average  temperature  rise  which  could  effect  the 
expansions  noted  under  no  stress  is  not  enough  to  bring  any  of  the 
samples  even  close  to  its  glass  transition  region.  Therefore,  the 
sudden  acceleration  of  flow  in  these  polymers  upon  irradiation  does  not 
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appear  to  be  caused  by  the  same  mechanism  as  is  the  sudden  onset 
of  flow,  i.e.,  cold-drawing  in  glassy  polymers.  We  are  continuing 
our  investigations  of  this  unusual  radiation  effect. 

Professor  A.  V.  Tobolsky: 

Princeton  University 

The  concept  has  been  put  forward  by  several  workers  that  the 
yield  point  is  a  point  at  which  the  polymer  attains  a  certain  value 
of  fractional  free  volume,  close  to  the  value  of  fractional  free 
volume  at  T^.  The  key  concept  is  that  extra  free  volume  is  introduced 
by  strain.  Using  a  new  definition  of  fractional  free  volume,  Litt 
and  I  were  able  to  compute  the  yield  strain  of  BPA  polycarbonate  from 
room  temperature  to  150°C.  with  fair  success. 

Dr.  I.  M.  Ward: 

University  of  Bristol,  U.K. 

I  was  particularly  interested  in  Professor  Andrews'  remarks  on 
the  possible  existence  of  a  similarity  between  cold  drawing  and  the 
extension  of  a  molecular  network.  The  postulate  of  a  network  in  a 
glassy  polymer  has  recently  proved  useful  in  two  different  connections. 

1.  It  is  well  known  that  the  natural  draw  ratio  of  a  polymer  is  very 
dependent  on  the  degree  of  pre-orientation  prior  to  drawing,  as  deter¬ 
mined  by  birefringence  measurements.  Dr.  Pinnock  and  I  combined  stress- 
optical  and  shrinkage  measurements  on  pre-oriented  filaments  of 
polyethylene  terephthalate  at  temperatures  above  the  glass  transition^-. 
The  behavior  was  consistent  with  that  of  stretched  rubber  network.  It 
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was  then  shown  that  subsequent  cold  drawing  appears  to  extend  on 
initially  isotropic  network  (i.e.  the  shrunk  zero  birefringence  state) 
to  a  fixed  limiting  extensibility  which  is  independent  of  the  division 
of  stretching  between  the  pre-orienting  extrusion  stage  and  the  cold 
drawing  stage.  This  explains  why  a  comparatively  low  birefringence, 
which  corresponds  to  high  shrinkage,  gives  rise  to  a  low  natural  draw 
ratio. 

It  may  well  be,  of  course,  that  the  limiting  extensibility  of 
the  network  is  not  a  geometrical  factor  per  se,  but  that  it  is  due  to 
a  sudden  increase  in  strain-hardening. 

2.  Professor  Norman  Brown  and  I  have  recently  studied  the  nature  of 
deformation  bands  in  oriented  p  ilvethylene  terephthalate  .  One  feature 
which  we  studied  in  detail  was  the  molcular  re-orientation  of  the 
deformation  band,  as  determined  by  the  rotation  of  the  extinction 
direction  between  crossed  polarisers.  This  rotation  was  compared  with 
the  macroscopic  deformation  of  a  scratch  parallel  to  the  initial  draw 
direction  (which  is,  of  course,  the  initial  extinction  direction).  A 
paradox  was  obtained  in  that  this  scratch  rotated  in  the  opposite  sense 
to  the  extinction  direction.  An  explanation  was  obtained  for  this 
paradox,  in  terms  of  the  shear  of  a  molecular  network.  Although  the 
junction  parts  of  the  network  deform  affinely,  the  individual  chains 
do  not.  Thus  the  macroscopic  strain  gives  rise  to  a  rotation  of  the 
scratch  in  one  sense,  whereas  the  direction  of  the  major  refractive 
index  rotates  in  the  opposite  sense. 
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The  Strain-Energy  Function  of  a  Hyperelastic  Material 

in  Terms  of  the  Extension  Ratios 
\  - 

K.  C.  Valanis  and  R.  F.  Landel 

Iowa  State  University,  Ames,  Iowa,  and  Jet  Propulsion  Laboratory, 
California  Institute  of  Technology,  Pasadena,  California 
(Received  22  November  1965;  in  final  form  13  March  1966) 

Abstract: 

A  simple  form  of  the  strain- energy  function  of  natural  rubber 
results  if  the  latter  is  expressed  in  an  analytic  function  of  the  extension 
ratios  rather  than  the  invariants.  For  incompressible  isotropic  mate¬ 
rials  it  is  postulated  that  this  is  a  separable  symmetric  function  of  the 
extension  ratios,  i.  e. ,  W=  *(?Vl)+U/(a2)+U4A3  ).  This  form  has  been  sub¬ 
stantiated  by  critical  plots  using  uniaxial  and  biaxial  data  reported  in  the 
literature  by  several  investigators.  The  above  form  appears  to  be  valid 
over  a  wide  range  of  deformations  (0.2  <K<  3.5).  An  explicit  representa¬ 
tion  of  W  for  this  range  is  given  in  graphical  form.  In  the  more  limited 
range  (0.6  <A<  2.5)  WO)  has  the  analytic  form  W-2  juX(lnA«-  1). 


PHYSICAL  BASIS  OF  YIELD  AND  FRACTURE:  CONFERENCE  PROCEEDINGS 


A  working  hypothesis  of  polymer  fracture 

P.  I.  VINCENT 

Imperial  Chemical  Industries  Limited,  Plastics  Division,  Welwyn  Garden 
City,  Herts.,  England 

Abstract.  It  is  proposed  that  many  observed  trends  in  the  probability  of 
fracture  of  polymers  can  be  understood  if  the  fracture  process  is  treated  as  an 
instability  in  deformation.  A  table  summarizes  the  effects  of  many  variables 
I  and,  in  order  to  explain  the  approach,  a  few  examples  are  treated  in  greater 

detail : 

(i)  The  inverse  relation  between  maximum  attained  impact  strength  and 
tensile  yield  stress. 

(ii)  Cracking  of  low  molecular  weight  samples  during  solidification. 

(iii)  Reduction  in  the  rate  of  orientation  hardening  at  high  temperatures. 

(iv)  Localized  temperature  rises  during  high  speed  deformation. 

(v)  Differences  in  behaviour  in  tension,  flexure  and  compression. 

(vi)  The  effects  on  the  true  stress- strain  curve  of  changes  in  plasticizer  con¬ 
centration,  molecular  weight  and  pre-orientation. 

It  is  concluded  that  the  mechanism  of  polymer  fracture  is  a  competition 
between  localized  hardening  by  molecular  orientation  and  localized  softening. 
The  softening  is  partly  of  the  normal  type  which  leads  to  yielding  and  partly 
caused  by  a  rise  in  temperature  in  adiabatic  deformation  at  high  straining 
rates. 

1.  Introduction 

The  study  of  polymer  deformation  involves  measuring  the  relation  between 
stress,  strain,  time  and  temperature  as  a  function  of  all  the  relevant  mat  trial  variables 
and  explaining  the  effects  found  in  terms  of  the  material  structure.  The  study  of 
polymer  fractures  goes  one  step  beyond  this  and  involves  determining  the  probability 
of  fracture  at  any  point  on  the  stress-strain-time-temperature  ‘map’.  The  primary 
objective  of  this,paper  is  to  consider  how  far  changes  in  the  probability  of  fracture  can 
be  explained  as  consequences  of  changes  in  deformability  and  so  to  discover  what 
additional  considerations  are  necessary.  The  following  reasons  are  given  for  believing 
that  this  is  a  particularly  useful  approach  to  the  problem  of  polymer  fracture. 

(i)  Fracture  is  inevitably  preceded  by  some  deformation  and  so  it  se*ms  likely  that 
one  cannot  ignore  deformability  when  thinking  about  fracture. 

(ii)  Many  observed  changes  in  the  probability  of  fracture  can  be  at  least  partly 
explained  as  consequences  of  changes  in  deformability.  Examples  will  be  given  below 
but,  to  take  an  extreme  case,  it  stems  clear  that  the  great  difference  between  the 
tensile  breaking  strains  of  natural  rubber  and  polystyrene  at  room  temperature  is 
largely  a  consequence  of  the  great  difference  in  their  deformabilities  at  this  tem¬ 
perature. 

(iii)  During  investigations  of  the  mechanical  properties  of  polymers,  it  is  frequently 
desirable  to  be  able  to  discover  the  reason  for  observed  changes  in  the  probability  of 
fracture.  It  has  been  found  in  practice  that  it  is  a  helpful  first  step  to  decide  whether 
or  not  the  change  in  the  probability  of  fracture  is  related  to  a  change  in  deformability. 
This  decision  directs  attention  to  different  classes  of  structural  feature  as  possible 
explanations.  As  a  specific  illustration,  suppose  that  a  sample  of  polyvinyl  chloride 
(PVC)  pipe  were  found  to  be  more  brittle  in  impact  than  a  normal  control  sample. 
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Then,  if  there  were  an  accompanying  reduction  in  deformability,  such  as  an  increase 
in  a  modulus  or  a  yield  stress,  one  would  concentrate  on  the  possibility  that  the 
brittleness  was  caused  by  a  change  in  formulation;  there  might  perhaps  be  an 
unusually  large  proportion  of  a  soluble  stabilizer  or  lubricant.  If,  on  the  other  hand, 
there  were  no  parallel  change  in  deformability,  it  would  be  more  likely  that  the 
brittleness  was  a  consequence  of  inferior  fabrication  conditions  or  of  contamination. 

(iv)  The  ultimate  aim  of  fracture  studies  is  the  computation  of  the  probability  of 
fracture  from  the  known  material  structure ;  this  problem  is  extremely  complex  and 
full  solution  is  hardly  to  be  expected.  It  seems  more  hopeful  that  fracture  probability 
could  be  deduced,  at  least  partly,  from  a  knowledge  of  deformability.  One  could 
theh  rely  on  deformation  measurements  as  basic  data  and  hope  that  they  will  eventu¬ 
ally  be  deduced  from  the  material  structure.  Calculation  of  deformability,  though 
still  complex,  is  somewhat  more  tractable  than  direct  calculation  of  fracture  because 
fewer  variables  demand  consideration. 

(v)  Fracture  measurements  are  notoriously  subject  to  more  error  and  scatter  than 
measurements  of  deformation.  It  is  useful  to  be  able  to  take  advantage  of  the  greater 
reliability  of  measurements  of  deformation  when  trying  to  improve  practical  and 
theoretical  understanding  of  fracture. 

2.  Hypothesis 

A  large  number  of  changes  in  experimental  conditions,  material  variables  and 
sample  fabrication  conditions  are  known  to  have  an  effect  on  the  probability  of 
fracture.  Many  of  these  effects  can  be  understood  or  qualitatively  explained  on  the 
basis  of  the  following  three  principles : 

(i)  If  the  experimental  conditions  or  the  material  are  changed  in  such  a  way  that 
the  stress  is  greater  at  a  given  strain,  then  the  probability  of  fracture  at  that  strain  is 
increased.  To  put  it  much  more  crudely,  harder  materials  tend  to  be  more  brittle 
than  softer  materials. 

(ii)  The  probability  of  fracture  increases  when  there  is  an  increase  in  the  severity 
of  stress  concentrations.  The  stress  concentration  may  be  a  consequence  of  the  shape 
of  the  test  specimen  or  of  an  irregularity  in  the  structure  of  the  material. 

(iii)  The  probability  of  fracture  is  increased  by  factors  which  tend  to  make  deforma¬ 
tion  more  unstable  and  decreased  by  factors  which  tend  to  make  deformation  more 
stable. 

The  working  hypothesis  referred  to  in  the  title  of  this  paper  is  that  these  three 
principles  are  adequate  to  explain  the  known  trends  in  polymer  fracture.  The 
significance  and  application  of  these  principles  is  most  readily  explained  by  means  of 
examples. 

3.  Examples 

Some  trends  in  the  probability  of  fracture  can  be  explained  on  the  basis  of  a  single 
one  of  the  three  principles  but  in  other  cases  two  or  all  three  of  the  principles  may 
combine  or  compete  to  produce  more  complex  behaviour.  Shortage  of  space  pro¬ 
hibits  detailed  consideration  of  all  the  factors  known  to  affect  the  probability  of 
fracture  in  polymers  and  their  explanation  in  terms  of  the  three  principles.  To 
overcome  this,  a  table  has  been  constructed  to  provide  a  summary  of  many  effects. 
Naturally  the  points  made  in  the  table  can  only  be  brief  and  dogmatic.  Much  more 
extended  treatment  would  be  needed  to  prove  them  and  to  examine  apparently 
anomalous  or  paradoxical  instances  of  behaviour.  In  order  to  explain  the  approach, 
a  few  examples  will  be  treated  in  greater  detail. 
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3.1.  Application  tf  the  first  principle 

For  all  polymers  there  is  a  region  of  behaviour  where  the  tensile  elongation  to 
break  and  the  impact  strengths  decrease  as  the  ambient  temperature  is  decreased. 
For  amorphous  polymers  this  region  is  below  a  temperature  which  is  close  to  the  glass 
transition;  for  crystalline  polymers  the  region  may  be  below  a  temperature  between 
the  glass  transition  and  the  melting  point.  Such  a  decrease  in  temperature  always 
causes  a  decrease  in  deformability — an  increase  in  moduli  and  yield  stresses.  Thus, 
when  investigating  the  mechanical  properties  of  polymers,  it  is  commonly  observed 
that  the  breaking  strains  and  impact  strengths  decrease  when  the  moduli  and  yield 
stresses  increase.  This  is  not  only  observed  when  the  temperature  is  varied  but  also 
witl^  changes  in  crystallinity,  concentration  of  plasticizers  and  other  additives, 
'  and  with  many  changes  in  the  chemical  structure  of  the  polymer. 


Figure  1.  Relation  between  the  maximum 
attained  impact  strength  and  the  yield  strcH. 


Figure  1  gives  a  more  specific  illustration  of  this  commonly  observed  inverse 
relation  between,  speaking  approximately,  hardness  and  toughness.  The  abscissa  of 
figure  1  is  the  tensile  yield  stress  measured  at  +20  °c  and  an  initial  straining  rate  of 
50%  per  minute.  The  ordinate  is  the  Charpy  impact  strength  at  the  same  temperature 
(the  energy  lost  by  the  pendulum  was  divided  by  one  ninth  of  the  product  of  span, 
width  and  residual  thickness) ;  the  specimens  contained  sharp,  deep  notches  giving 
an  elastic  stress  concentration  factor  of  about  7*6.  The  results  are  quoted  in  j  cm*3; 
if  they  are  divided  by  1*25  they  give  a  reasonable  approximation  to  the  A.S.T.M. 
impact  strength  in  the  traditional  ft  lb/in.  of  notch).  Samples  of  hundreds  of 
different  thermoplastics  have  been  subjected  to  this  combination  of  tests  and  it  has 
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Crystallization  Increases  moduli  and  yield  stresses  Over-crystallization  leads  to  void*  Strain-induced  crystallization 

and  generally  increases  the  prob-  ing  and  cracking  which  introduce  can  increase  orientation  harden- 

ability  of  fracture  at  a  given  strain.  stress  concentrations  and  decrease  ing  and  resistance  to  fracture. 

breaking  strains. 
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been  found  that  it  is  comparatively  easy  to  obtain  a  sample  with  a  combination  of 
yield  stress  and  impact  strength  which  lies  below  and  to  the  left  of  the  curve  but 
extremely  rare  to  find  an  isotropic  sample  which  gives  results  which  lie  above  and 
to  the  right.  (It  is  necessary  to  make  the  proviso  that  the  sample  should  be  isotropic 
since  molecular  orientation  can  cause  very  high  results  in  impact  tests.  This  aspect 
will  be  discussed  later.)  Naturally  one  cannot  say  from  this  evidence  that  it  is  im¬ 
possible  to  produce  an  isotropic  thermoplastic  sample  with,  say,  a  yield  stress  of 
109  dyn  cm'2  and  an  impact  strength  of  10  j  cm*3,  but  it  is  clearly  difficult. 

The  question  of  what  can  be  deduced  from  this  well-established  relation  now 
arises.  If  it  is  accepted  that  ease  of  deformation  and  resistance  to  fracture  are  fre¬ 
quently  correlated,  can  we  say  that  ease  of  deformation  causes  resistance  to  fracture 
'or  should  we  say  that  they  are  independent  effects  of  the  same  underlying  change? 
Or,  to  revert  to  the  extreme  example  given  earlier,  does  rubber  have  a  higher 
breaking  strain  than  polystyrene  at  room  temperature  because  it  is  softer?  It  is 
difficult  to  obtain  definite  evidence  on  this  point  but,  when  the  complete  picture  is 
discussed  later,  it  will  be  seen  that  there  is  an  indication  that  the  relation  is  one  of 
cause  and  effect. 

3.2.  Application  of  the  second  principle 

The  most  straightforward  method  of  demonstrating  the  influence  of  stress  con¬ 
centrations  on  the  probability  of  fracture  is  to  perform  tests  on  specimens  of  different 
shapes.  It  is  well  known  that  the  impact  strength  of  specimens  with  machined  notches 
can  be  very  much  less  than  that  of  unnotched  specimens;  the  impact  strength 
decreases  as  the  elastic  stress  concentration  factor  increases. 

In  addition  to  such  deliberate  changes  in  the  shape  of  the  test  specimen,  numerous 
examples  havt  been  noted  where  the  fracture  of  plastics  under  given  test  conditions 
has  been  made  more  probable  by  the  existence  of  irregularities  in  the  structure. 
Some  of  these  are  mentioned  in  the  table  and  include  bubbles,  cracks,  contamination, 
machined  surfaces  and  weld  lines.  Similar  effects  can  be  found  in  compression 
mouldings  when  the  temperature  or  pressure  is  too  low. 

Structural  irregularities  which  cause  stress  concentrations  and  increase  the 
probability  of  fracture  can  also  be  created  by  altering  the  molecular  structure  of  the 
polymer.  In  an  experiment  to  study  the  effect  of  molecular  weight  changes  of  the 
fracture  of  polymethylmethacrylate,  a  polymer  was  made  with  an  unusually  low 
molecular  weight  (reduced  viscosity  in  chloroform  0-2 ;  weight  average  molecular 
weight  36  000?  1000).  When  this  sample  was  compression  moulded,  it  cracked  during 
cooling.  Attempts  were  made  to  produce  crack-free  samples  by  careful  casting  from 
chloroform  and  dichlorethane  solutions  but  figure  2  (plate  XIV)  shows  the  type  of 
result  obtained.  In  this  case  at  least,  reducing  the  molecular  weight  gives  low 
strength  because  the  sample  contains  structural  irregularities.  Later,  a  suggestion  will 
be  made  to  explain  why  such  samples  crack  on  solidification. 

Clearly  it  is  well  established  that  the  presence  of  stress  concentrations  increases 
the  probability  of  fracture.  It  is  only  necessary  to  make  the  point  that  they  may  be 
deliberate,  like  machined  notches,  or  accidental,  like  contamination,  or  inherent  in 
the  material,  as  with  the  low  molecular  weight  sample  discussed. 

3.3.  Applications  of  the  third  principle 

One  of  the  most  striking  differences  that  can  be  observed  during  tensile  tests  on 
thermoplastics  is  the  difference  between  the  specimens  which  first  neck  and  then 
cold  draw  to  large  extensions  and  those  specimens  which  neck  and  then  break  at 
much  lower  extensions  without  cold  drawing.  It  can  be  shown  (Vincent  1960)  that 
necking  is  an  instability  of  deformation  which  is  caused  by  softening  of  the  material 
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as  the  strain  increases  and  that  cold  drawing  is  a  restabilization  of  the  deformation 
which  is  caused  by  hardening  of  the  material  at  high  strain.This  hardening  has  only 
superficial  affinities  with  strain  hardening  in  metals;  since  it  is  primarily  caused  by 
molecular  orientation  it  may  be  preferable  to  call  it  orientation  hardening. 

In  the  study  of  ductile  metals  necking  is  a  plastic  instability.  Since  polymers  are 
not  plastic  in  the  same  way  as  metals,  it  may  perhaps  be  better  to  say  that  necking 
in  polymers  is  a  pseudo-plastic  instability  and  that  cold  drawing  is  a  pseudo-plastic 
restabilization  caused  by  orientation  hardening.  There  are  disadvantages  in  using 
nomenclature  of  this  type  but  it  seems  necessary  to  emphasize  the  point  that  the 
mechanisms  are  different  from  those  in  metals. 

It  is  now  possible  to  re-state  the  third  principle  to  read  as  follows:  the  probability 
of  fracture  is  increased  by  factors  which  tend  to  cause  pseudo-plastic  instabilities  and 
decreased  by  factors  which  tend  to  cause  pseudo-plastic  restabilization. 


Draw  ratio 

Figure  3.  Isothermal  true  stress-strain  curves 
of  a  sample  of  rigid  PVC  with  an  estimated 
adiabatic  curve  (broken  curve)  from  +  20  °c. 

As  a  first  illustration,  consider  again  the  effect  of  changes  in  the  temperature  of 
test.  Figure  3  shows  true  stress-strain  curves  of  a  sample  of  rigid  PVC  at  various 
temperatures.  (They  were  obtained  by  photographing  the  specimens  during  exten¬ 
sion  after  necking  and  then,  from  the  negatives,  measuring  the  minimum  cross- 
sectional  area.  Assuming  no  change  in  density,  it  is  then  possible  to  compute  the  true 
stress  and  the  draw  ratio  at  various  loads  and  so  to  construct  the  true  stress  strain 
curves.)  It  can  be  seen  that,  as  the  temperature  is  decreased  below  +  80  °c,  the  stress 
at  a  given  strain  increases  and  the  breaking  strain  decreases;  this  is  a  simple  illustra¬ 
tion  of  the  first  principle.  However,  when  the  temperature  is  increased  to  +100  c, 
the  breaking  strain  again  falls,  in  spite  of  the  reduced  stresses.  Clearly  this  cannot  he 
a  consequence  of  the  first  or  second  principle  but  it  can  readily  be  explained  from 
the  third  principle;  the  reduced  slope  of  the  true  stress  strain  curve  demonstrates  that 
the  rate  of  orientation  hardening  is  decreased  at  L 100  °c. 
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A  second  example  of  an  application  of  the  third  principle  comes  from  a  considera¬ 
tion  of  the  effect  of  changes  in  rate  of  extension.  It  is  well  known  that  increasing  the 
rate  of  extension  can  decrease  the  breaking  strain.  For  example,  the  specimens  of 
rigid  PVC  which  were  used  to  provide  the  true  stress-strain  curves  in  figure  3  were 
extended  at  0-02  cm  sec-1  (initial  straining  rate  about  50%  per  minute);  even  at 
+  20  °c,  the  deformation  stabilized  after  necking  and  the  specimen  cold  drew. 
Similar  specimens  extended  at  higher  speeds,  say  0-7  cm  sec-1,  do  not  restabilize  but 
break  in  the  neck  without  cold  drawing.  It  is  true  that  the  tensile  yield  stress  is 
increased  by  increasing  the  straining  rate  but  the  effect  is  not  so  large  that  the  first 
principle  gives  an  adequate  explanation  of  the  change  from  cold  drawing  to  necking 
rupture.  It  is  more  likely  that  the  explanation  lies  in  the  marked  local  rise  in  tem¬ 
perature,  easily  verified  by  touching  the  specimen,  which  accompanies  necking  in 
specimens  drawn  at  straining  rates  above  a  few  hundred  per  cent  per  minute  (Vincent 
19b0).  This  temperature  rise  must  reduce  the  yield  stress  of  the  material  in  the  neck. 
Using  simplifying  assumptions — constant  specific  heat,  all  pseudo-plastic  strain 
energy  converted  into  heat — it  is  possible  to  estimate  the  shape  of  the  adiabatic  true 
stress- strain  curve  from  a  knowledge  of  the  isothermal  true  stress-strain  curves  at 
various  temperatures.  For  the  sample  of  rigid  PVC  starting  at  +20  °c,  this  gives 
the  broken  line  in  figure  3.  The  detailed  shape  of  this  curve  is  probably  inaccurate 
because  of  the  simplifying  assumptions  but  it  is  clear  that  the  adiabatic  true  stress- 
strain  curve  has  a  negative  slope.  It  follows  that,  under  adiabatic  conditions,  the  defor¬ 
mation  is  much  less  stable  than  under  isothermal  conditions.  From  the  third  principle, 
the  probability  of  fracture  increases  as  the  conditions  become  more  adiabatic  and  less 
isothermal.  The  drop  in  fracture  energy  which  occurs  for  several  polymers  between 
0-02  and  0-7  cm  sec-1  may  be  considered  to  be  an  isothermal-adiabatic  transition. 

When  computing  an  adiabatic  true  stress-strain  curve,  the  slope  of  the  computed 
curve  depends  on  the  magnitude  of  the  yield  stress  and  its  dependence  on  tem¬ 
perature  and  on  draw  ratio  (strain).  The  slope  will  tend  more  to  be  negative  with 
increase  in  the  yield  stress  and  its  temperature  dependence  and  with  decreased 
orientation  hardening.  It  follows  that,  as  the  yield  stress  increases,  there  is  more 
chance  that  the  deformation  beyond  yield  will  become  unstable  and  not  restabilize. 
In  other  words,  high  yield  stresses  tend  to  cause  low  extensions.  This,  then,  is  the  clue, 
promised  above,  suggesting  that  the  relation  between  high  stresses  and  low  breaking 
strains  is  one  of  cause  and  effect ;  when  the  stress  is  higher  at  a  given  strain,  there  is 
a  greater  probability  of  unstable  adiabatic  deformation  leading  to  fracture  at  lower 
extensions. 

Williams  and  Turner  (1964)  have  shown  how  the  conditions  for  necking  of  a 
tensile  specimen  may  be  generalized  to  a  volume  element  subjected  to  the  more 
complex  stress  at  the  tip  of  a  crack.  They  suggest  that  “in  many,  if  not  most,  problems 
of  fracture  of  interest  to  the  engineer,  a  plastic  instability  precedes  separation  of  the 
material”.  Williams  (1965)  has  extended  their  approach  to  take  account  of  the 
temperature  rise  at  the  tip  of  a  crack  in  fast  crack  propagation.  Williams  and  Turner 
( 1 964)  also  point  out  that  this  view  of  fracture  throws  light  on  the  increased  ductility 
of  materials  when  they  are  tested  in  tension  with  a  superimposed  hydrostatic 
pressure. 

In  the  same  way,  one  can  understand  why  specimens  are  more  ductile  in  com¬ 
pression  than  in  tension.  Plastic  instabilities  are  less  likely  in  compression  because 
the  area  of  the  specimen  increases  as  the  strain  increases.  Further,  a  tensile  specimen 
with  a  machined  notch  or  other  stress  concentration  will  be  less  stable  than  an 
unnotched  specimen.  It  may  be,  therefore,  that  the  second  principle  is  a  special 
case  of  the  third  principle.  Because  stress  concentrations  promote  instabilities,  it 
follows  from  the  third  principle  that  they  promote  fracture. 
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The  flexural  strength  of  brittle  specimens  is  generally  greater  than  their  tensile 
strengths.  This  can  sometimes  be  associated  with  increased  stress  concentrations 
caused  by  irregularities  on  the  surface  of  the  tensile  specimen  and  so  derived  from 
the  second  principle.  However,  this  explanation  is  incomplete  (Vincent  1%2).  It  is 
probable  that  the  basic  cause  of  the  difference  is  that  cracks  develop  more  slowly 
in  the  flexural  specimens  in  the  direction  where  the  stress  is  decreasing.  1’hat  is, 
instability  is  delayed  by  the  stress  gradient. 

Thus  a  third  general  example  of  the  application  of  the  third  principle  is  the 
dependence  of  fracture  on  the  type  of  applied  stress.  Fracture  is  delayed  if  plastic 
deformation  tends  to  decrease  the  applied  stress,  as  in  flexure  or,  more  so,  in  com¬ 
pression.  Fracture  is  promoted  if  plastic  deformation  tends  to  increase  the  applied 
stress,  as  in  tension  or,  more  so,  in  tensile  tests  on  notched  specimens. 

Three  more  examples  of  the  applications  of  the  third  principle  may  be  found  by 
considering  changes  in  the  nature  of  the  sample  under  examination. 


0ro«  rat.o 


Figure  4.  True  stress  strain  curves  of  samples  of 
polymethylmethacrylate  with  different  con¬ 
centrations  of  di-butyl  phthalaic. 


3. 3 .1 .  Plasticizers.  Figure  4  shows  the  true  stress-strain  curves  (at  t-20  c,  0-02  cm  sec  >) 
of  samples  of  polymethylmethacrylate  plasticized  with  various  concentrations 
of  di-butyl  phthalate.  By  comparison  with  figure  3,  it  can  be  seen  that  changing  the 
plasticizer  concentration  has  a  similar  effect  on  the  true  stress  -strain  curves  to  chang¬ 
ing  the  temperature.  At  low  plasticizer  concentrations,  the  material  has  high 
stresses  and  low  breaking  strains — a  simple  application  of  the  first  principle.  At  high 
plasticizer  concentrations,  the  breaking  strains  decrease  again  although  the  stresses 
are  low.  As  with  PVC  at  high  temperatures,  the  rate  of  orientation  hardening  is  low 
and  so  the  breaking  strain  is  decreased,  by  the  third  principle. 

3.3.2.  Molecular  weight.  Reductions  in  the  average  molecular  weight  of  the  sample- 
are  frequently  observed  to  increase  the  probability  of  fracture.  It  was  pointed  out 
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above  that  a  very  low  molecular  weight  sample  of  polymethylmethacrylate  cracked 
on  solidification  and  that  its  low  strength,  therefore,  follows  from  the  second  principle. 
However,  there  is  no  evidence  that  this  explanation  completely  covers  the  effects 
of  molecular  weight  and,  in  any  case,  cracking  on  solidification  does  itself  require 
explanation.  A  more  complete  understanding  of  the  effect  of  changes  in  molecular 


Figure  5.  True  stress-strain  curves  at  +  100°c  of  four  samples  of  high 
density  polyethylene  with  different  melt-flow  indices. 


weight  can  be  obtained  from  a  consideration  of  figure  5,  which  shows  the  true  stress- 
strain  curves  of  our  samples  of  high  density  polythene  at  +  100  .  It  is  clear  that 

the  rate  of  orientation  hardening  decreases  as  the  molecular  weight  decreases  (melt- 
flow  index  inen.  ases^.  A  similar  trend  can  be  demonstrated  with  other  polymers  and 
was  found  by  'f'lory  (1946)  in  his  work  on  butyl  rubber  fractions.  Assuming,  now, 
that  it  is  generally  true  that  orientation  hardening  depends  on  molecular  weight, 
one  can  understand  why  the  probability  of  fracture,  in  impact  tests,  tensile  tests  and 
stress-cracking  tests,  should  depend  on  molecular  weight ;  it  follows  directly  from  the 
third  principle.  It  can  also  be  seen  that  cracking  during  solidification  could  be  a 
consequence  of  the  third  principle.  At  very  low  molecular  weights  there  is  little  or 
no  orientation  hardening  so  that  contraction  stresses  set  up  during  solidification 
create  instabilities  which,  being  unopposed  by  orientation  hardening,  lead  to 
cracking. 

3.3.3.  Molecular  orientation.  The  effects  of  molecular  orientation  on  fracture  are  too 
complex  to  be  encompassed  in  a  small  space.  However,  one  feature  can  be  discussed 
which  appears  to  give  a  clear  relation  between  the  shape  of  the  true  stress-strain  curve 
and  the  probability  of  fracture.  Consider  the  isothermal  true  stress-strain  curve  at 
+  20  °c  given  in  figure  3  for  a  sample  of  rigid  PVC.  That  curve  was  obtained  on  an 
isotropic  sample.  A  similar  sample  was  rolled  at  room  temperature  so  that  its  length 
was  increased  by  23%  in  each  direction  and  its  thickness  was  reduced  by  31  %.  The 
true  stress-strain  curve  beyond  yield  for  the  anisotropic  sample  was  found  to  be  the 
same  as  for  the  isotropic  sample,  provided  allowance  was  made  for  the  pre-orientation 
by  multiplying  the  draw  ratio  of  the  anisotropic  sample  by  1-23.  This  necessarily 
implies  that  the  tensile  load-extension  curves  for  the  isotropic  and  anisotropic  samples 
must  be  different  and  figure  6  shows  this  difference.  It  can  be  seen  that  the  drop  in 
load  after  yield  is  much  smaller  for  the  anisotropic  sample  and  this  implies  greater 


Polymers 


Extension  - *- 

Figure  6.  Tensile  load-extension  curves  of  two  samples  of  rigid 
PVC:  initially  isotropic,  and  biaxially  rolled. 


stability  of  deformation.  From  the  third  principle  it  follows  that  greater  resistance  to 
fracture  is  to  be  expected  and  this  is  confirmed  by  the  fact  that  the  impact  strength  of 
sharply  notched  specimens  at  +  20  °c  was  38  times  greater  for  the  anisotropic  sample 
than  for  the  isotropic  sample.  This  explains  the  proviso  mentioned  in  the  discussions 
of  applications  of  the  first  principle. 

Although  this  point  has  been  made  in  terms  of  a  single  pair  of  specimens,  it  is  a 
general  finding  that  pre-orientation  reduces  the  drop  in  load  after  yield  in  tensile 
tests  and  increases  the  impact  strength  and  the  resistance  to  fracture  in  other  tests. 

i  Conclusions 

The  examples  given  above  show  that  many  known  trends  in  the  probability  of 
fracture  become  more  comprehensible  when  fracture  is  regarded  as  either  consisting 
of,  or  inevitably  preceded  by,  a  pseudo-plastic  instability.  This  leads  to  the  following 
picture  of  the  mechanism  of  polymer  fracture : 

(i)  As  the  strain  increases,  the  local  strain  at  a  notch,  crack  or  other  structural 
irregularity  increases  more  rapidly. 

(ii)  The  material  subjected  to  the  highest  strain  tends  to  become  softer  than  the 
remainder  either  naturally  or  because  of  a  local  temperature  rise  or  for  other  reasons. 

(iii)  The  material  subjected  to  the  highest  strain  may  tend  to  become  harder  than 
the  remainder  because  of  orientation. 

(iv)  When  the  hardening  is  more  effective  than  the  softening,  the  highly  stressed 
material  is  stable  and  does  not  break. 

(v)  When  the  softening  is  more  effective  than  the  hardening,  the  highly  stressed 
material  is  unstable  and  either  breaks  or  begins  to  break  and  then  restabilizes. 

On  this  basis,  the  study  of  polymer  fracture  can  be  divided  into  three  parts. 

(i)  It  is  necessary  to  have  complete  knowledge  and  understanding  of  polymer 
deformation. 

(ii)  It  is  necessary  to  have  complete  knowledge  of  the  stress-concentrating  effect  of 
structural  irregularities. 
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(iii)  It  is  necessary  to  be  able  to  calculate  the  behaviour  of  a  specimen  with  known 
deformability  and  known  stress  concentrations. 

Although  this  is  still  a  formidable  programme,  it  does  seem  rather  more  tractable 
than  the  problem  of  calculating  the  probability  of  fracture  ignoring  the  detailed 
shape  of  the  true  stress  -strain  curves.  So  we  can  answer  the  initial  question  by  saying 
that  many  changes  in  the  probability  of  fracture  can  be  explained  as  consequences 
of  changes  in  deformability. 
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Figure  2.  A  sample  of  low  molecular  weight  polymethylmethacrylate  cast 
from  dichlorethane  solution. 
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DISCUSSION  ON  PAPER  NO.  5 

Assistant  Professor  I.  V.  Yannas: 

Massacliusetts  Institute  of  Technology 

The  paper  presented  to  us  by  Dr.  Vincent  affords  me  with  the 
opportunity  to  recall  previous  equally  stimulating  work  reported  by 
the  speaker  (Polymer,  _1,  7,  1959).  Recently,  in  our  laboratory,  Dr. 
Vincent's  proposition  that  necking  in  polymers  is  preceded  by  "strain¬ 
softening"  was  taken  literally  and  put  to  the  following  test:  Polvmethyl 
methacrylate  was  subjected  to  stress  relaxation  at  80°C.  and  at 
different  steps  of  tensile  strain  ranging  up  to  the  strain  level  req¬ 
uisite  for  necking  approximately  5.5%  (under  the  conditions  employed). 

We  found  that  the  isochronal  and  isothermal  relaxation  modulus  of  the 
glassy  polymer  was  independent  of  strain  up  to  (approx.  1%  strain 
apparent  upper  limit  of  linear  viscoelastic  behavior);  thereafter,  the 
modulus  decreased  by  more  than  a  factor  of  two  as  the  strain  increased 
from  1.0  to  5.0%.  This  preliminary  finding  is  currently  under  our 


scrutiny. 
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CYCLIC  STRESS-STRAIN  BEHAVIOR  OF  THE  DRY  POLYCARBONATE  CRAZE 
R,  P.  Kambour  and  R.  W.  Kopp 

General  Electric  Research  and  Development  Center, 

Schenectady,  New  York 

Abstract 

Equipment  and  methods  have  been  developed  that  allow 
photomicrographic  determination  of  the  stress-strain  properties 
of  the  Individual  craze.  Serial  cyclic  tensile  tests  on  poly¬ 
carbonate  crazes  are  described. 

Under  stress  the  typical  dry  polycarbonate  craze  thickens 

t 

solely  by  straining;  no  adjacent  polymer  of  normal  density  is 
converted  to  craze  material.  The  craze  exhibits  a  yield  stress 
followed  by  a  recoverable  flow  to  roughly  40-50%  strain  at 
6-8000  psi.  Returned  to  zero  stress  the  craze  exhibits  creep 
recovery  at  a  decelerating  rate.  The  yield  stress  and  loss 
factor  of  each  cycle  decrease  with  Increasing  initial  strain  and 
cycles  initiating  at  50%  strain  or  more  show  completely  Hookcan 
behavior.  Creep  recovery  results  in  recovery  of  yield  stress 
and  loss  factor  also. 

Craze  tensile  behavior  is  suggested  to  be  essentially  an 
extension  of  the'  craze  formation  process.  Decrease  in  elastic 
modulus  and  yield  stress  with  increasing  strain  are  rationalized 
in  terms  of  strain-produced  decrease  in  density  and  resultant 
increase  in  stress  concentration  factor  on  the  microscopic 
polymer  elements  of  the  craze.  Polymer  surface  tension  and  the 
large  internal  specific  surface  area  of  the  craze  are  suggested 
to  be  important  factors  in  the  large  creep  recovery  rates  of 


the  craze. 
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CYCLIC  STRESS-STRAIN  BEHAVIOR  OF  THE  DRY  POLYCARBONATE  CRAZE 

R.  P.  Kambour  and  R.  W.  Kopp 

General  Electric  Research  and  Development  Center, 

Schenectady,  New  York 

I .  Introduction 

The  fact  that  crazes  can  have  considerable  strength  has  been 

known  for  some  time.  In  a  1949  landmark  paper  Sauer,  Marin  and 

Hsaio  noted  that  polystyrene  specimens  that  were  crazed  throughout 

their  cross  sections  exhibited  tensile  strengths  of  4000  psi.* 

2 

It  has  also  been  observed  by  Spurr  and  Niegisch  and  also  in 
'  3 

this  laboratory  that  crazes  in  polycarbonate  can  exhibit  tensile 
strengths  greater  than  the  yield  stress  of  the  bulk  polymer, 

8000  psi.  For  example,  in  the  case  of  one  specimen  extended  in 
an  Instron  tensile  tester  at  a  constant  rate  of  elongation,  cold 
drawing  initiated  in  an  uncrazed  portion  of  the  bar  and  the 
shoulder  of  the  neck  propagated  through  several  crazes  before 
fracture.  Moreover  fracture  finally  occurred  in  an  uncrazed 
portion  of  the  specimen. 

These  observations  on  the  strength  of  crazes  were  often 
rationalized  in  terms  of  the  known  orientation  of  craze  material 
in  the  original  .stress  direction  since  plastically-deformed 
polymer  specimens  generally  have  greater  strengths  in  the 
orientation  direction  than  do  unorlented  ones.  The  enhancement 
of  strength  due  to  orientation  was  presumed  to  offset  the 
strength  reduction  inherent  in  the  presence  of  large  numbers  of 
microcracks  or  voids.  If  true,  the  craze  might  be  expected  at 
first  thought  to  have  a  tensile  modulus  and  a  loss  factor  also 
approximating  those  of  bulk  polymer  or  even  those  of  oriented 
polymer.  It  was  surprising  therefore  to  observe  that  the  craze 
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at  the  crack  tip  In  polynethyl  methacrylate  appeared  to  be  highly 

L 

deformable  In  a  reversible  manner  under  stress. 

On  the  basis  of  this  observation  and  the  likelihood  that  such 
daf ormablllty  contributed  substantially  to  the  energy  of  crack 
propagation  In  polymers,  a  crude  apparatus  was  built  to  measure 
stress-strain  properties  of  the  erase.  The  results,  reported 
briefly  elsewhere,5  were  unsatisfactory  In  many  respects  but  did 
confirm  that  the  erase  is  markedly  more  compliant  at  low  stresses 

than  Is  the  bulk  polymer.  On  the  strength  of  these  data  the 

\ 

apparatus  described  herein  was  designed  and  built. 

II .  Experimental 

The  measurement  of  polycarbonate  erase  tensile  properties 
rests  on  the  ability  to  grow  well-separated  solvent  erases  through 
the  entire  cross  sections  of  tensile  specimens.  At  the  specimen 
surface  the  erase  edge  is  associated  with  a  shallow  indentation 
having  reasonably  sharp  boundaries.  After  drying  application  of 
stress  causes  the  distance  between  the  boundaries  to  increase  due 
solely  to  extension  of  material  in  the  craze  rather  than  conver¬ 
sion  of  more  bulk  polymer  to  erase  material.  Thus  measurement  of 
this  distance  as  a  function  of  force  applied  to  the  ends  of  the 
specimen  makes  possible  calculation  of  a  stress-strain  curve  for 
the  craze.  This  should  be  the  case  as  long  as  the  force  is 
supported  uniformly  by  all  areas  of  the  erase,  which  in  turn 
requires  that  the  erase  be  well-separated  from  other  erases  and 
have  a  reasonably  uniform  thickness  (Fig.  1). 

Strain  measurements  are  made  more  complicated,  however,  by 
two  nonidealities.  First  the  actual  erase  surface  indentation, 
as  shown  in  Fig.  2a  at  the  edge  of  the  bar,  has  been  found  to  be 
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generally  wider  than  the  true  erase  thickness.  This  ir  clearly 
demonstrated  by  Fig.  2b  which  shows  the  same  erase  at  the  same  bar 
edge  but  on  the  adjacent  bar  face.  The  face  shown  in  Fig.  2b  has 
bean  ground  down  approximately  0.01"  and  polished  using  slow  speed 
and  wet  abrasives.  With  the  groove  gone  the  erase  is  seen  to 
reflect  light  more  strongly  than  the  surrounding  bulk  polymer. 

The  crase/bulk  polymer  boundary  is  sharp  but  the  erase  width 
exhibited  is  significantly  smaller  than  that  shown  by  Fig.  2a. 

Further  in  Fig.  2b  the  profile  of  the  still-intact  groove  on  the 
adjoining  face  can  be  seen;  it  is  clearly  wider  than  the  true 
erase.  The  surface  groove  is  wider  than  it  would  otherwise  be 
because  of  the  drawing  into  the  erase  during  its  formation  of 
surrounding  surface  material. 

Second,  at  high  stresses  during  tensile  testing  the  surface 
groove  sometimes  enlarges  partly  by  drawing  in  of  more  surrounding 
surface  material. 

Both  effects  must  be  compensated  for  in  strain  calculations. 

Such  compensations  are  discussed  below. 

Specimen  and  Craze  Preparation 

The  specimens  used  here  were  standard  dumbbell  tensile  bars 
8-1/2  Inches  long,  1/8  inch  thick  and  of  1/2  inch  wide  test 
section,  injection  molded  from  Lexan®  polycarbonate  resin  of 
Mw  ■  35,000.  They  were  annealed  at  170*C  in  vacuum  for  24  hours, 
which  resulted  in  roughly  a  1/2  inch  decrease  in  length  and  a 
consequent  increase  in  thickness  due  to  release  of  molding 
orientation.  They  were  cooled  over  one  hour  or  so  to  140°C 
(polycarbonate  T  )  and  then  quenched  to  room  temperature. 

O 
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The  general  erase  preparation  procedure  was  as  follows.  Each 
specimen  was  mounted  In  a  tensile  Jig,  Immersed  In  95%  ethanol 
liquid  and  subjected  to  stress  using  a  lever  arm  and  weights. 

Experience  showed  that  the  best  chances  of  success  obtained  If 
the  Initial  load  was  In  the  range  of  2000  pel.  If  no  erases  ware 
seen  to  Initiate  after  five  or  ten  minutes,  the  load  was  Increased 
by  a  few  hundred  psl  and  so  forth.  Ones  erase  Initiation  was 
observed  (usually  In  the  range  of  3000  psl),  the  load  was  usually 

held  constant  and  over  a  period  of  a  few  hours  erase  growth 

.  \ 

progressed  through  the  bar.  When  growth  was  Judged  complete 
enough,  the  ethanol  bath  was  removed  and  the  bar  allowed  to  dry 
out  under  strain.  When  clamped  under*  strain  most  of  the  alcohol 

3 

evaporates  out  of  the  crass  In  a  few  minutes  and  drying  In  this 
way  for  a  few  days  suffices  to  prevent  erase  healing  upon  release 
of  stress.  Nevertheless  because  even  a  small  residue  of  alcohol 
might  markedly  affect  subsequent  tensile  properties,  specimens 
to  be  tested  were  left  usually  to  dry  under  strain  for  one  to 
six  months.  In  some  cases  the  strain  was  that  existent  under 
the  erasing  force  at  the  finish  of  craze  growth;  In  other  cases 
the  stress  on  the  bar  was  reduced  to  1300  psl  and  the  bar  clamped 
at  the  corresponding  strain.  One  specimen  received  a  rather  more 
complex  treatment  which  Is  detailed  In  an  appendix. 

erases  suitable  for  testing  were  selected  with  the  eld  of  a 
microscope.  Sometimes  a  erase  which  met  the  aforementioned 
criteria  on  one  side  of  the  bar  only,  could  be  made  useful  by 
cutting  away  the  other  wide  of  the  bar  selectively.  In  all 
cases,  however,  the  bar  was  reduced  In  width  at  the  test  section 
to  1/4  Inch  or  less  using  a  router  and  a  cutting  Jig. 


Craze  Tenille  Tester 


The  stressing  apparatus  described  below  was  built  to  allow 
the  taking  of  photomicrographs  of  the  craze  edge  under  controlled 
stresses  and  strain  rates.  It  was  designed  to  allow  testing  at 
constant  strain  rates  or,  alternatively,  at  constant  force  (i.e. 
creep  test).  Experience  with  the  first  tester  revealed  the 
necessity  of  beii^c  able  to  readjust  continually  the  longitudinal 
position  of  the^xest  specimen  caused  by  the  fact  that  the  test 
craze  is  virtually  never  in  the  strain  center  of  the  system  and 
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thus  tends  to  translate  from  the  field  of  view  of  the  microscope 
as  the  stress  is  changed.  It  was  also  evident  that  control  of 
the  position  of  the  craze  in  the  two  directions  orthogonal  to 
the  stress  direction  was  required  since  under  stress  small 
vertical  and  lateral  movements  tend  to  take  place.  Lateral  move* 
ment  must  be  prevented  so  that  the  photographs  will  all  be  taken 
of  the  same  location  along  the  craze  edge;  vertical  movement  must 
be  controlled  in  order  to  keep  the  bar  surface  sharply  in  focus. 
Sharp  focus  is  a  critical  requirement  since  even  slight  defocussing 
causes  enlargement  of  the  craze  image  and  consequent  error  in  the 
calculated  craze  w-idth. 

The  testing  apparatus  is  shown  schematically  in  Fig.  3.  The 
test  specimen  is  mounted  horizontally  between  two  tensile  chucks 
such  that  the  edge  of  the  craze  to  be  studied  is  in  the  field  of 
view  of  a  Zeiss  GFL  microscope.  The  tensile  chucks  are  attached 
to  two  matched  hydraulic  pistons.  The  two  corresponding  cylinders 
(1-1/2"  bore,  1"  diameter  rod,  2"  stroke,  made  by  the  Parker 
Hannefin  Co.)  are  bolted  to  a  rigid  frame  which  is  supported  via 
six  roller  bearings  on  three  horizontal,  3/4  inch  diameter,  case- 


hardened  steel  rods.  Although  the  pistons  are  closely  matched  in 
size,  small  differences  In  cylinder  wall  smoothness  plus  the 
overall  level  of  friction  produced  by  the  rubber  piston  seals 
(^25  pounds  force)  prevent  the  piston  system  from  operating 
ideally.  (If  the  system  were  nearly  frictionless,  any  point  on 
the  test  specimen  could  be  pinned  in  the  field  of  view  of  the 
microscope  by  a  light  clamping  pressure  and  the  difference  in 
specimen  elongation  on  each  side  of  the  pinning  point  would  be 

compensated  for  by  different  amounts  of  travel  of  the  respective 
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pistons.)  As  it  is  the  double  piston  arrangement  reduces,  but 
does  not  eliminate,  the  tendency  for  erase  translation  from  the 
field  of  view.  The  residual  tendency  for  translation  is 
compensated  for  by  moving  the  carriage  on  the  steel  rods,  which 
is  accomplished  by  light  hand  pressure. 

Force  can  be  applied  from  either  of  two  sources:  a  pneumatic- 
hydraulic  32:1  pressure  booster  (Model  4785,  Wilton  Corp.)  which 
is  connected  via  a  reducing  valve  to  the  80  psl  laboratory  air 
line.  Alternatively  a  third  hydraulic  piston  which  sits  under 
the  crosshead  of  an  Instron  Universal  Tester  can  be  used.  The 
first  source  permits  constant  force  application  and  thus  creep 
studies;  the  second  permits  roughly  constant  strain  rate  studies 
which  are  thus  similar  to  conventional  tensile  tests. 

Between  one  of  the  tensile  chucks  and  its  piston  is  fixed  a 
Baldwln-Llma-Hamllton  U-l  500  lb.  tensile  load  cell  the  output  of 
which  is  connected  directly  to  the  Instron  load  recording  system. 
(Force  recorded  from  the  Instron  compression  load  cell,  when  the 
third  piston  sits  upon  it,  is  in  error  due  to  the  frictional 
losses  in  the  three  pistons.) 
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The  positioning  of  the  craze  in  the  two  directions  orthogonal 
to  the  stress  direction  is  accomplished  via  a  clamping  frame  mounted 
on  the  microscope  stage.  Two  opposed,  sharpened  steel  screws  are 
tightened  by  hand  against  the  specimen  edgec  thus  controlling  the 
horizontal  location  of  the  craze.  The  fine  adjustment  of  focus  on 
the  Zeiss  GFL  microscope  is  accomplished  by  movement  of  the  stage 
rather  than  the  microscope  limb;  thus  the  pinning  screws  couple  the 
bar  to  the  stage  sufficiently  to  permit  adjustment  of  focus.  During 

a  test  the  position  and  focus  of  the  craze  are  observed  by  viewing 

! 

through  the  beam  splitter  of  a  Bolex  16  mm  movie  camera  used  for 
taking  the  photomicrographs. 

In  the  experiments  reported  here  force  was  applied  via  the 
Instron  crosshead.  Typically  the  force-time  relationship  is  not 
completely  linear  (Fig.  4).  The  deviations  from  linearity  are 
associated  with  deformation  of  the  rubber  cup  seals  on  the  pistons 
and  are  thus  unavoidable  with  this  equipment.  Fortunately  these 
deviations  are  confined  to  the  low  stress  region  where  time  effects 
are  expected  to  be  less  important  than  at  high  stress. 

Craze  Stress-Strain  Calculations 

The  vertical  marks  on  the  curve  in  Fig.  4  are  points  at 
which  individual  photographs  were  taken.  The  marks  were  produced 
by  a  microswitch  activated  by  the  camera  release.  Using  the 
force  at  each  mark  and  the  corresponding  craze  photo,  the  craze 
s tress -strain  curve  was  constructed.  Craze  width  measurements 
were  made  by  projecting  each  photographic  negative  onto  a  flat 
white  surface  and  measuring  distances  thereon  with  the  aid  of  a 


centimeter  scale 
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Craze  strains,  corrected  for  the  nonidealities  described 
earlier,  were  determined  as  follows.  The  apparent  craze  thickness 
£  (i.e.  the  width  of  the  surface  groove)  was  measured  from  each 

photo.  The  determination  of  true  craze  thickness  j£  was  made 
possible  by  the  observation  that  under  stress  the  surface  groove 
usually  undergoes  a  change  of  profile,  becoming  flat  over  the 
central  region  but  leaving  the  satellite  bands  of  cold  drawn 
material  tilted  and  thus  dark  in  reflected  light.  The  central 
region  of  the  groove  image  is  thus  now  sharply  bounded,  has  the 
same  reflectance  as  does  the  craze  in  Fig.  lb,  and  is  thus 
considered  to  Indicate  the  true  craze  thickness  at  that  stress 
and  time  g .  The  combined  width  of  the  two  satellite  bands, 

A £  m  -  £  is  usually  unchanged  by  stress;  it  can  thus  be 

£1  j  O  t  p  0 

subtracted  from  £  to  obtain  j£.  the  original  true  craze  thick- 

a ,  o  t ,  o 

ness  for  the  calculation  of  craze  strain  c  ■  {£  -  J  )/.A 

C  j 0  t  ,  Q 

Typically  l£  ■  1.4  to  1.6  indicating  the  importance  of  such 

a  II  j  o  c^o 

a  correction  procedure. 

In  some  cases  it  became  apparent  that  under  stress  the 
satellite  bands  were  enlarging  by  engulfing  more  of  the  adjacent 
surface  material  so  ,that  j£  -  j£  was  no  longer  equal  to 

Bi  p  O  fl  ;  O 

£  -  j£  .  Craze  thickness  changes  however  could  still  be 

t ,  o  t ,  o 

determined  by  measu^.  Lng  the  change  in  distance  between  any  two 
surface  blemishes,  one  on  each  side  of  the  groove  and  located 
far  enough  away  from  the  groove  so  that  they  did  not  become 
engulfed.  This  procedure  was  not  usually  necessary. 

It  is  also  possible  to  deiermine  true  craze  thickness  by 


grinding  and  polishing  down  the  appropriate  part  of  the  bar 
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surface  subsequent  to  the  conclusion  of  testing  and  taking  a 
micrograph  similar  to  that  of  Fig.  2b. 

Ill .  Results 

In  Figure  5  are  displayed  four  craze  tensile  cycles  of  a 
series  run  on  a  craze  which  had  been  grown  at  4100  psi,  after 
which  the  load  was  reduced  to  1300  psl  and  the  specimen  left  in 
this  condition  for  seven  months.  It  was  then  left  completely 
unloaded  for  seven  weeks  prior  to  testing.  In  the  first  through 
the  fifth  cycles  the  delay  between  the  end  of  one  cycle  and  the 
beginning  of  the  next  was  one  minute  or  less.  Between  the  fifth 
and  sixth  cycles  the  delay  was  ten  minutes,  between  the  sixth 
and  seventh  three  hours,  between  the  seventh  and  eighth  two  and 
one-half  days,  and  between  the  eighth  and  ninth  one  month.  In 
Fig.  5  there  is  also  displayed  a  conventional  stress -strain  curve 
for  normal  polycarbonate  up  to  6200  psi  and  return  for  comparison 
purposes « 

In  the  first  cycle  the  craze  exhibits  an  initial  high  modulus 
region  followed  by  a  yield  stress  at  about  2200  psl  and  a  region 
of  largely  ductile  deformation  out  to  44%  strain  at  6200  psl. 

Upon  reversal,  drop  in  stress  is  accompanied  by  almost  no  change 
in  strain  down  to  very  low  stresses  where  creep  recovery  appears 
to  accelerate.  The  second  cycle,  begun  at  a  residual  strain 
cR  ■  24X,  shows  a  marked  reduction  in  initial  slope  and  in  yield 
stress  but  an  increase  in  slope  of  the  ductile  region.  Finally, 
the  fifth  cycle  shows  almost  completely  elastic  behavior;  the 
strong  tendency  here  for  creep  recovery  upon  unloading,  in 
addition  to  slight  differences  between  rates  of  loading  and 
unloading,  cause  the  return  curve  to  cross  over  the  ascending 
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branch.  Creep  recovery  at  zero  stress  is  rapid  at  first  but 
decelerates  markedly;  nevertheless  in  one  month  recovery  back  to 

e  ■  71  has  occurred  and  a  ninth  cycle  exhibits  once  more  a  marked 

R 

yield  stress  and  hysteresis  loop. 

Under  the  best  of  experimental  circumstances  the  precision 
in  craze  strain  determination  is  ±  1-2%  which  precludes  accurate 
determination  of  elastic  modulus  in  the  initial  part  of  the 
ascending  branch  of  cycles  exhibiting  yield  stresses.  In  the  case 

of  Cycle  #1,  **initial  0^0  -  150,000  psl  is  the  best  estimate 

\ 

possible.  Furthermore,  in  general  tne  yield  stress  itself  seems 
to  vary  from  one  cycle  to  the  next  in  a  somewhat  Irregular  way, 
perhaps  because  the  onset  of  yielding  may  vary  in  stress  and  time 

from  one  part  of  the  craze  plane  to  another.  Experience  shows  that 

6200 

r 

the  total  strain  energy  U^jqq  "  J  CTd €  up  to  the  maximum  stress  and 

o 

the  loss  factor,  calculated  as  the  percentage  of  strain  energy 
contained  inside  the  hysteresis  loop,  are  much  more  consistently 
varying  quantities.  These  functions,  determined  graphically,  are 
plotted  for  this  series  of  cyclic  tests  vs.  residual  strain  at  the 
start  of  each  cycle  cR  in  Figs.  6  and  7  (Specimen  #1).  Both 
functions  show  a  recoverable  decline  with  increasing  cD.  It  is 
noteworthy  that  these  cyclic  fatigue  tests  have  not,  to  a  first 
approximation,  damaged  the  craze  at  all,  if  one  may  take  as 
evidence  that  recovery  to  a  given  value  of  «  confers  a  quantita- 
tive  reattainment  of  corresponding  tensile  properties. 

Shown  also  here  are  similar  data  for  two  other  specimens. 

The  history  of  Specimen  #3  is  detailed  in  the  appendix.  Specimen 
42  was  crazed  at  3500  psi,  strain-dried  (1300  psi  initial  drying 


stress)  for  three  end  ona-half  months  and  testing  commenced  twelve 
hours  after  releaee  from  the  jig. 

The  relationships  in  Figs.  6  and  7  are  similar  In  ahape  to 

those  for  Specimen  #1  but  are  not  coincident.  It  seems  likely  that 

such  is  the  case  because  the  strain  acalea  are  not  necessarily  the 

same  for  all  specimens.  That  is,  differences  in  erase  history 

prior  to  testing  leave  each  erase  with  more  or  less  different 

degrees  of  absolute  strain  (taking  c  .  ...  -  0  to  correspond  to 

unorlented  polycarbonate  of  normal  density).  In  general  it  has 

not  been  jpossible  to  determine  erase  Index  of  refraction  on  these 

crazes  accurately  enough  fo  calculate  c  .  ,  _  to  within  10  or 

J  *  absolute 

3 

20%.  However  with  Specimen  #3  the  erase  was  clear  enough  and  of 

high  enough  index  to  make  accurate  measurement  possible  and  a  void 

content  of  39%  was  calculated  for  «R  “  0.  Since  void  content  " 

c  .  ,  .  /(I  +  <  .  .  .  ).  an  absolute  strain  scale  could  be 

absolute  absolute  ’ 

generated  for  Specimen  #3  erase;  it  is  displayed  at  the  top  of 
both  flgurea. 

Then,  on  the  likelihood  that  the  discrepancy  between  the 
behavior  of  Specimen  #1  erase  and  of  Specimens  #2  and  3  erases  is 
apparent  rather  than,  real,  due  to  differences  in  absolute  strain 
values  at  which  each  test  series  was  begun,  an  iterative  procedure 
based  on  shifting  «R  for  Cycle  #1  was  used  to  recalculate  values 
of  «R  for  all  other  cycles.  Simultaneously  the  required  new 
values  of  U^qq  w*r*  calculated.  The  procedure  was  repeated  until 
the  fit  shown  by  the  crossed  squares  in  Figure  6  was  obtained 
(*RH  -  1.15  «rq  +  .15).  The  corresponding  loss  factor  data  were 
also  shifted  by  the  same  amounts.  (Only  a  horizontal  shift  is 
required  here  since  loss  factor  is  a  simp  la  psreentage  having  no 
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dimensions . )  The  shifts  In  loss  factor  are  not  as  successful  In 
making  data  for  these  specimens  coincident;  the  Improvement  In 
fit  Is  substantial  however. 

It  will  be  noted  that  a  point  for  Specimen  #3  exists  at  a 
negative  value  of  cD.  This  point  serves  to  illustrate  one  of  the 
initially  confusing  features  of  craze  behavior.  In  the  first 
cycle  of  this  series  («R  -  0)  stress  was  raised  to  6050  psi  at 
which  point  the  specimen  fractured  at  a  craze  some  distance  away 
from  the  test  craze.  After  fashioning  a  new  grip  section  for  the 
specimen,  testing  recommenced  at  the  point  «R  ■  -17%,  the 
contraction  in  the  test  craze  having  been  produced  by  the  sudden 
release  of  stress  upon  fracture  which  exerts  enough  of  a 
compressive  impact  on  the  craze  to  produce  a  significant  retraction 
and  density  increase.  (Indeed  in  an  Instron  compressive  test  most 
of  the  reflectivity  of  a  craze  will  disappear  in  a  few  minutes  or 
so  under  3000  -  4000  psi  pressure.)  This  behavior  is  not  surprising 
once  understood.  It  is  most  disconcerting  at  first  however  that, 
after  having  applied  a  programmed  tensile  stress,  one  subsequently 
finds  the  craze  in  &  state  of  negative  residual  strain. 

Finally,  two  partially  open  points  are  to  be  noted  at  the 
bottom  of  the  Specimen  #3  line.  These  denote  incomplete  cycles, 
as  in  Fig.  8,  which  begin  and  end  at  about  1000  psi.  They  were 
run  in  this  fashion  in  order  to  begin  at  a  higher  value  of  cD  than 
can  otherwise  be  obtained,  due  to  the  rapid  rate  of  creep  recovery 
at  stresses  below  1000  psi.  It  is  clear  from  these  data  and  the 
trends  displayed  in  Figs.  6  and  7  that,  on  this  time  scale,  poly¬ 
carbonate  crazes  behave  in  a  very  nearly  Hooklan  fashion  above 
absolute  residual  strains  of  about  160-170%.  From  this  curve  an 
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elastic  modulus  E  ■  47,000  psl  Is  calculated  which  is  15%  of  the 
elastic  modulus  of  unorianted  polycarbonate  of  normal  density. 

IV.  Discussion 

Results  of  low  angle  x-ray  scattering  and  electron  microscopy 
may  be  interpreted  to  suggest  that  the  void  content  of  the  craze  is 
dispersed  in  the  form  of  interconnected  spheroidal  holes  having  a 

O  ^  ^ 

common  dimension  of  100-200  A,  in  an  oriented  polymer  matrix.  *  On 
this  basis  we  consider  here,  as  a  mechanical  model  for  the  craze,  a 
polymer  foam  of  density  equal  to  that  of  the  craze.  We  consider 
furthermore  that  the  holes  of  the  foam  nucleate  at  a  finite  number 
of  sites  when  the  local  stress  reaches  a  critical  value  and  grow 
to  a  fixed  size,  further  rarefaction  taking  place  by  the  opening 
up  of  new  holes. 

Of  use  in  testing  this  model  is  the  relationship  between  the 
ratio  of  foam  tensile  •  modulus  to  bulk  polymer  tensile  modulus  Eq 
and  polymer  density  developed  by  Gent  and  Thomas. ^  It  is  the 
contention  of  these  authors,  successful  in  terms  of  comparison  with 
experimental  data,  that  rubber  foams  may  be  represented  by  webs  of 
intei connected  filaments  of  polymer  and  that  neither  the  specific 
geometry  of  the  filament  nor  that  of  the  filament  junction  has  much 
influence  on  the  ratio  E^/Eq.  The  cycle  shown  in  Fig.  8  begins  at 
e  .  .  ^  ■  170%  which  corresponds  to  a  craze  void  content  of  63%. 

From  Gent  and  Thomas  we  have  for  this  density  E^/Eo  ■  .13  and  thus 
a  calculated  craze  modulus  of  42,000  psl  which  is  in  excellent 
agreement  with  the  experimental  value  47,000  psi  aforementioned. 

There  are,  however,  two  somewhat  uncertain  factors  which  cast 
a  cloud  over  this  agreement.  First,  in  the  craze  formation  process 
the  polymer  has  undergone  some  degree  of  molecular  orientation  as 
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evidenced  by  high  angle  x-ray  data  *  and  by  craze  birefringence; 

such  orientation  la  possibly  as  much  aa  is  developed  by  a 

corresponding  degree  of  cold  drawing.  Molecular  orientation 

Increases  the  tensile  modulus  of  bulk  polycarbonate  and  should 

likewise  raise  the  true  modulus  of  the  hypothetical  erase  filament. 

By  an  admittedly  long  extrapolation  of  the  relationship  of 

9 

Robertson  and  Buenker  for  polycarbonate  tensile  modulus  to  170% 
strain,  we  calculate  a  "strain  hardening"  factor  of  2.2.  Applica¬ 
tion  of  this  factor  raises  the  calculated  craze  modulus  to  a 
maximum  possible  value  of  90,000  psl. 

On  the  other  hand,  we  have  been  forced  unavoidably  to  make 
comparison  of  a  modulus  calculated  using  the  normal  polymer 
modulus  E  determined  at  small  stresses,  with  a  craze  secant 
modulus  measured  at  large  stresses.  At  6000  psi  for  example  the 
secant  modulus  of  normal  polycarbonate  is  190,000  psl.  If  we  use 
this  value  Instead  of  Eq  together  with  the  strain  hardening  factor 
2.2  we  obtain: 

E  (320,000)  (2.2) 

Ecraze  "  Eq  -  "  55,800  p,i 

which  again  agrees  .well  with  the  experimental  value. 

Another  approach  to  understanding  craze  mechanical  properties 
can  be  made  through  consideration  of  erase  yield  stress.  In  Fig. 

9  the  dependence  on  absolute  strain  of  the  yield  stress  is 
exhibited.  The  data  shown  were  taken  from  only  those  cycles 
where  such  a  stress  could  be  reasonably  estimated.  In  spite  of 
the  degree  of  scatter  the  drop  in  yield  stress  with  increasing 
strain  is  readily  apparent.  An  attempt  to  calculate  this 
dependence  is  set  forth  as  follows. 
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First  we  esaume  somewhat  arbitrarily  that  the  erase  initiation 
stress  under  rats  conditions  similar  to  those  of  the  testing  cycles 
used  here  would  be  close  to  the  conventional  shear-deformation 
yield  stress  8000  psi  were  erase  formation  to  occur  in  the  dry 
polymer.  Craze  initiation  under  dry  conditions  actually  is 
suppressed  by  the  beginnings  of  homogeneous  orientation  at  lower 
stresses  so  that  under  these  conditions  the  erase  initiation  stress 
cannot  be  directly  determined.  That  is,  homogeneous  orientation  is 
somewhat  more  effective  in  making  erasing  more  difficult  than  in  so 
doing  to  sliear  deformation.  Second  we  assume  that  the  rarefaction 
of  an  existing  erase  involves  microscopically  the  same  value  of 
stress  as  is  required  in  erase  initiation  but  that  again  the  foam 
factor  causes  the  apparent  erase  yield  stress  to  be  lower  than  the 
microscopic  stress.  Thus  the  curves  labelled  #1  and  #2  in  Fig.  9 
simply  represent  the  reduction  in  apparent  erase  yield  stress  due 
to  rarefaction  brought  about  by  multiplying  the  arbitrary  stresses 
8000  and  8800  psi  respectively  by  the  foam  factor  E^/Eo>  Agree¬ 
ment  appears  reasonably  good. 

According  to  Robertson,  however,  preorientation  of  poly¬ 
carbonate  causes  an  increase  in  the  yield  stress  associated  with 
cold  drawing  oCD  according  to  the  relationship  aCD(0)  ■ 
c*Cd  (0)  [1  +  brf]  where  A  is  the  degree  of  orientation  defined 
ultimately  by  birefringence  and  the  constants  b  and  a  are  found 
to  equal  1.21  and  1.61  respectively  for  data  up  to  the  maximum 
value  of  A  produced  by  him  (^50%).  If  with  some  trepidation  we 
extrapolate  this  "strain  hardening"  relationship  over  the  range 
of  A  from  60  to  140%  we  calculate  a  set  of  strain  hardening 
factora  which,  when  combined  with  Curve  #1  produces  Curve  #3  in 


Fig.  9  which  gives  a  decidedly  poorer  fit  Co  the  data. 

At  present  then  it  seems  fruitless  to  attempt  further 
speculation  about  these  aspects  of  craze  mechanical  properties. 

Data  is  needed  on:  (1)  the  effects  of  higher  degrees  of 
orientation  on  bulk  polymer  modulus  and  yield  stress;  (2) 
quantitative  degrees  of  molecular  orientation  in  crazes;  and  (3) 
a  better  understanding  of  craze  microstructure. 

Fig.  10  shows  the  creep  recovery  behavior  of  Specimen  #3 
after  the  last  cycle  and  also  that  of  a  cold  drawn  bar.  After 
three  and  dne-half  months,  craze  recovery  appears  to  be  continuing 
still.  The  linear  behavior  here  also  means  that  d  In  (-de/dt)/de  - 
constant  for  both  bodies;  appropriate  plotting  shows  -dc/dt  for  the 
bar  dropping  much  more  steeply  with  decreasing  e  and  the  rates 
cross  over  at  e  ■  106%.  The  continued  recovery  of  the  craze  implie 
that  it  is  not  only  in  a  higher  unergy  state  than  that  of  the 
unoriented  polymer  but  that  its  st.ite  is  apparently  not  thermo¬ 
dynamically  metastable  at  any  strain  level.  It  seems  likely  that 
the  driving  force  for  craze-creep  rucovery  arises  from  the 
molecular  configurational  entropy  and  from  the  free  energy  of  the 
large  specific  Internal  surface  area. 

We  may  estimate  the  stress  due  to  molecular  configurational 
entropy  from  rubber  elasticity.  At  160*C  which  is  about  15° 
above  T^  polycarbonate  exhibits  an  elastic  modulus  at  the 
beginning  of  the  rubber  plateau  of  800  psi.^  We  suggest  then  that 
in  the  craze  at  100%  absolute  strain  and  at  room  temperature  the 
configurational  retractive  stress  is  of  the  order  of  several 
hundred  psi.  (We  make  no  quantitative  calculation  because  of  the 
uncertain  temperature  correction  which  would  have  to  be  applied 
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to  chain  entanglement  molacular  ualght  Inter  alia.) 

One  way  to  estimate  crudely  the  internal  retractive  stresses 

arising  from  the  surface  energy  is  to  consider  again  that  the 

material  in  the  craze  is  dispersed  in  the  form  of  long  cylindrical 

filaments  of  radius  r  and  greater  length  h  connected  to  other 

polymer  elements  at  each  end.  The  volume  of  the  filament  is  then 
2 

V  ■  nr  h  and  its  free  surface  area  2*rh.  Keeping  the  filament 
volume  constant  we  may  express  the  filament  surface  area  as 

A  -  2„l'V/V'2 

t 

and  any  change  in  area  due  to  change  in  length  at  constant  volume 


dA  -  x1/2Vl/2h-1/2dh. 

The  change  in  total  surface  free  energy  of 

dF  -  FdA  -  Fxl/2V1,2h“l,2dh 
where  F~  is  the  specific  surface  free  energy 
we  may  designate  the  change  in  energy  with 
as  a  free  energy  gradient  corresponding  to 
in  the  h  direction.  Therefore  we  obtain 


the  filament  F 

of  the  polymer 
decrease  in  h, 
the  net  force  £ 


is 


.  Now 
dF/dh, 
h  acting 


t.  ■  dF/rih 
n 


.  f.l/V/is-l/2 


Fur 


The  net  retractive  stress  then  acting  in  the  h  direction  is 

oh  -  fh/ (nr2)  -  F/r. 

•  —  2 

We  set  r  ■  50  A  and  F  -  40  ergs/cm  a  reasonable  estimate  of  the 

12 

polycarbonate  surface  energy  (e.g.  Ellison  and  Zlsman  set  the 
critical  surface  tension  of  polystyrene  at  33-43  dynes/cm). 
Consequently, 

1200  psl. 

The  estimated  total  retractive  stress  la  rather  low  compared, 


for  example,  to  the  conventional  yield  stress  for  polycarbonate. 

It  must  be  remembered,  however,  that  recovery  rate  here  Is  much 

lower  than  any  of  the  conventional  testing  rates  at  which  yield 

stress,  which  is  rate-dependent,  has  been  measured. 

It  is  conceivable,  furthermore,  that  the  degree  of  polyr 

dispersion  in  the  craze  also  aids  chain  motion  by  effectively 

lowering  the  glassy  state  viscosity.  In  the  Nabarro-Herring 

treatment  of  the  vacancy-limited  creep  of  a  crystalline  solid, 

2 

viscosity  is  considered  to  increase  with  &  where  &  is  the 

*  1 3 

distance  between  vacancy  sinks.  Greet  and  Turnbull  discuss 

such  a  concept  in  regard  to  the  glass  transition  and  suggest  that 

in  the  perfect  glass  such  distance  &  may  approach  body  dimensions. 

If  such  were  the  case,  the  viscosity  of  a  100  A  diameter  oriented 

craze  filament,  assuming  it  to  be  perfect,  would  be  reduced  by  a 

12 

factor  as  large  as  10  from  that  of  the  normal  polymer  glass. 

In  studies  of  the  glass  transition  in  polystyrene,  Braun  ,?nd 
14 

Kovacs  find  no  decrease  in  T  for  particles  in  the  range  1000 

8 

•  3  • 

to  10,000  A  in  diameter.  Thus  10  A  is  probably  the  upper  limit 

for  &  for  real  glasses  and  we  could  therefore  expect  a  reduction 

2 

in  the  viscosity  of  the  craze  filament  of  no  more  than  10  . 

Considerations  of  this  kind  are  of  course  highly  speculative 
but  nevertheless  the  Influence  of  free  surfaces  upon  the  ease  of 
craze  formation  is  experimentally  observable.  Crazes  are  always 
more  easily  initiated  at  the  polymer  surface  than  internally; 
although  the  importance  of  surface  flaws  cannot  De  denied,  the 
fact  that  surface  initiation  is  favored  even  in  carefully  cast 
and  annealed  films  implies  that  molecular  motion  is  enhanced  by 
the  presence  of  a  free  surface. 
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Furthermore  the  reality  of  surface  tension  effects  is 
reinforced  by  the  healing  record  of  a  bar  erased  as  vsre  the  ones 
for  tensile  testing.  After  completion  of  erase  formation  the 
specimen  was  unstressed  but  left  in  the  alcohol  bath  for  nineteen 
hours  during  which  time  erase  refractive  index  rose  from  1.46  to 
1.475.  The  bar  was  then  removed  and  the  much  faster  rate  of  erase 
index  rise  indicated  in  Fig.  11  observed.  Analogous  behavior  has 
been  observed  here  with  polymethyl  methacrylate  erases  also.  The 
role  of  organic  agent  in  erase  formation  has  variously  been 
considered  to  be  that  of  surface  agent  or  alternatively 
plasticiser.  Were  plastlcisatlon  the  only  role  of  alcohol  here, 
then  craze  healing  would  have  been  fastest  in  the  bath  where  the 
source  of  the  agent  is  unlimited.  Once  the  specimen  was  removed, 
however,  alcohol  supply  in  the  erase  was  finite  and  diffusion  away 
into  the  bulk  polymer  probably  resulted  in  internal  surface  area 
no  longer  covered  by  liquid  and  thus  the  craze  now  was  subject  to 
markedly  increased  surface  retractive  forces.  But  also  erase 
healing  in  the  bath  is  faster  than  retraction  of  the  completely 
dry  craze.  The  combination  of  these  observations  and  the  known 
7%  solubility  of  alcohol  in  the  polymer  indicates  that  the  role 
of  alcohol  in  so-called  solvent  erasing  is  both  that  of  surface 
stabilizer  and  plasticiser. 

In  general  then,  we  view  erase  extension  as  being  qualita¬ 
tively  no  different  from  erase  formation.  The  macroscopic  yield 
stress  observed  appears  to  correspond  to  the  attainment  micro¬ 
scopically  of  the  stress  necesssry  for  further  hole  formation. 

It  is  primarily  the  geometric  factors  of  the  type  Involved  in 
foam  properties  which  cause  a  lowering  of  this  macroscopic  stress 
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and  a  reduction  in  macroscopic  modulus.  In  other  words,  although 
the  molecular  orientation  entailed  in  craze  formation  and 
extension  probably  results  in  some  degree  of  microscopic  "strain 
hardening,"  the  geometric  effect  of  void  formation  is  overriding 
and  thus  microscopically  craze  formation  and  extension  result  in 
a  "strain  softened"  section  of  material.  One  way  of  some  use  in 
quantitatively  describing  such  softening  is  to  define  the  ratio 
of  the  craze  initiation  stress  (i.e.  8000  psi  ca.)  to  the  absolute 
strain  produced  ultimately  at  this  stress  (200%  ca.)  as  a  kind  of 
modulus,  A  craze  formation  secant  modulus,  which  in  this  case  then 
has  the  value  4000  psi.  At  this  level  of  stress  the  secant 
modulus  of  polycar'r  is  roughly  150,000  psi  so  that  in  this 

sense  the  polymer  acts  forty  times  more  compliant  in  full  craze 
formation  than  it  does  elsewhere  at  this  stress  level. 

We  expect  that  observations  and  considerations  of  the  kind 
discussed  herein  will  be  of  use  in  analyzing  craze  and  crack 
propagation  forces  and  kinetics.  They  are  also  of  use  in  under¬ 
standing  the  details  of  energy  absorption  during  stress  whitening 
of  rubber  modified  polymers.  Bucknnll  and  coworkers^  have  shown 
that  massive  amounts  of  craze  formation  are  associated  with  stress 
whitening  and  impact  energy  absorption  in  rubber -modlf led  thermo¬ 
plastics.  Inspection  of  cyclic  tensile  curves  to  stresses  above 
the  craze  formation  yield  stress  reveals  both  an  average  secant 
modulus  which  drops  with  increase  in  craze  formation  and  the 
presence  at  low  stresses  of  a  recoverable  yield  stress  which  we 
identify  as  the  manifestation  of  the  yielding  of  crazes  previously 
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Appendix 

Specimen  #3  was  crazed  at  3500  pal  and  unstressed  and  removed 
from  the  alcohol  bath  simultaneously.  Over  the  following  two  days 
craze  index  of  refraction  rose  from  1.46  to  1.52  indicating  a  large 
degree  of  healing.  The  specimen  was  then  restressed  at  3500  psi 
in  air  which  caused  most  of  the  crazes  to  develop  quickly  a  low 
refractive  index;  raising  the  stress  to  3800  psi  caused  the 
remainder  similarly  to  redevelop.  Stress  was  then  removed,  craze 
refractive  index  immediately  measured  (1.33)  and  the  bar  left 
unstressed  for  three  weeks  during  which  time  craze  index  did  not 
change.  Tensile  testing  was  then  commenced.  With  this  t4  .clmen 
Q  was  determined  by  grinding  and  polishing  dcwn  the  surface 
subsequent  to  the  finish  of  testing  and  obtaining  a  photomicro¬ 
graph  similar  to  Fig.  lb,  at  known  magnification. 

The  manner  of  craze  redevelopment  under  the  second  stressing 
is  of  considerable  interest.  Rather  than  gaining  high  reflectivity 
by  a  gradual,  homogeneous  opening  up  over  the  whole  craze  at  once, 
the  process  occurred  in  a  heterogeneous  way  much  analogous  to  craze 
formation  itself.  That  is,  one  adge  of  the  craze  became 
"redeveloped"  and  redevelopment  spread  out  from  this  point, 
growing  through  the  particular  craze  in  a  matter  of  seconds  to 
almost,  an  hour  depending  on  the  individual  craze.  The  boundary 
between  the  growing,  highly-reflecting  region  and  the  remainder 
of  the  partially  healed  region  was  sharp  at  all  times.  Thus  in 
spite  of  being  "prenucleated"  over  the  whole  craze  plane  by  the 
residue  of  voids,  craze  redevelopment  occurred  by  abrupt  and  more 
or  less  complete  expansion  of  each  element  in  its  turn.  Such  a 
process  is  understandable  by  analogy  with  the  reduction  in  yield 
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Appendix  (continued) 

•tress  of  the  crass  with  increase  in  void  content;  that  Is,  once 
the  process  begins  in  a  region  that  region  becomes  more  compliant 
and  expansion  continues  until  orientation  eventually  overcomes 
the  effect  of  loss  of  true  load  bearing  cross  section  through  void 
formation. 
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Fig.  1 

Fig.  2 

Fig.  3 
Fig.  4 

Fig.  5 


Fig.  6 

Fig.  7 


Figure  Captions 

.  Contrast  batwssn  complete,  isolated  craze  which  is 
useful  for  testing  and  an  Incomplete  one  which  is  of 
no  use. 

.  Photomicrographs  of  bar  surface  showing:  (a)  indentation 

associated  with  craze;  and  (b)  the  same  craze  after 

surface  grinding  and  polishing  showing  that  the  groove 

width  is  greater  than  true  craze  thickness.  ,i  hickne:;1., 
here  Ii>  e>  c/f  nirvi) 

.  Craze  tensile  testing  apparatus. 

.  Force-time  program  in  the  typical  cyclic  tensile  test  of 
the  craze.  Vertical  marks  record  stresses  at  which 
photomicrographs  were  taken. 

.  Four  cycles  in  *  series  of  cyclic  tensile  tests  on  a 
polycarbonate  craze.  See  text  for  delay  times  between 
cycles.  Also  included  is  cyclic  tensile  curve  for 
normal  polycarbonate.  Stressing  rate  of  the  craze  in 
the  linear  portion  of  the  load-time  curve  was  300  psi/min 
approximately. 

.  Dependence  of  total  strain  energy  of  craze  U6200  up  to 
the  maximum  strata  upon  residual  strain  cD  for  three 
specimens.  Sea  text  for  definition  of  absolute  strain 
scale.  See  text  for  method  of  shifting  Specimen  #1 
data. 

.  Dependence  of  loss  factor  of  craze  upon  residual  strain 
*R  at  start  of  cycle.  See  text  for  details  of  Specimen 
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Figure  Captions  (continued) 
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8.  Incomplete  cycle  correeponding  to  one  of  the  partial 
circles  in  Figs.  6  and  7.  Minimum  stress  between 
preceding  cycle  and  thie  one  was  1000  psi. 

9.  Yield  stress  of  the  erase  vs.  absolute  strain  for  three 
specimens.  Data  for  specimen  #1  are  strain-shifted  as 
before. 

10.  Creep  recovery  of  Specimen  #3  craze  after  tenth  cycle 
and  of  cold-drawn  polycarbonate  bar  vs.  log  time. 

11.  Rise  in  refractive  index  n  with  time  for  polycarbonate 

crazes:  (a)  for  a  bar  which  is  unloaded  and  removed 

from  alcohol  simultaneously;  and  (b)  for  a  bar  unloaded 
but  left  in  alcohol  for  first  nineteen  hours  before 
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"POLYMER  CRYSTALS  -  GOOD  AND  BAD" 

•  by 

H.  D.  Keith 

Bell  Telephone  Laboratories,  Incorporated 
Murray  Hill,  New  Jersey 


According  to  the  printed  program  I  am  supposed 
to  spend  50  minutes  presenting  a  critical  review  of  polymer 
morphology.  Considering  the  vast  literature  that  now  exists 
it  would  indeed  be  easy  to  consume  much  longer  than  this 
and  still  cover  only  a  few  selected  highlights.  But  what, 

I  wonder,  can  I  possibly  tell  you  that  is  not  already  widely 
and  well  known?  What  can  I  say  that  would  be  new  and  also 
true?  I  doubt  if  the  fundamental  understanding  of  the  sub¬ 
ject  is  soundly  enough  based  at  this  point  in  time  for 
anyone  to  feel  confident  that  he  can  discern  unassailable 
truths  of  interpretation  that  may  not  be  upset  within  months. 

So  with  these  thoughts,  or  perhaps  I  should  say 
misgivings,  in  mind  I  have  decided  to  curtail  this  introduc¬ 
tory  address.  In  doing  so  I  am  sure  I  will  have  your  ap¬ 
proval;  but  I  also  hope  that,  by  leaving  additional  time 
for  a  more  general  exchange  of  views,  this  will  add  to  the 
value  of  the  session  in  the  spirit  in  which  this  conference 
has  been  conceived.  With  the  prior  agreement  of  our  general 
chairman,  I  propose  to  speak  for  25  minutes  at  most  so  that 
we  may  take  the  first  research  paper  and  questions  relating 
to  it  before  the  coffee  break,  and  in  this  way  leave  extra 


time  for  discussion. 


For  10  years  we  have  had  In  the  morphological 
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approach  to  polymer  science  a  remarkably  vigorous  and 
stimulating  outpouring  of  new  discovery.  We  have  come  a 
long  way  and  we  certainly  hope  to  go  much  further.  But 
for  the  moment  the  pace  of  advance  has  slowed.  This  is 
therefore  an  excellent  time  to  take  stock;  but  with  pro¬ 
grams  of  most  meetings  so  crowded  now  with  formal  presen¬ 
tations  it  is  all  too  seldom  that  a  goodly  number  of  us 
have  an  opportunity  to  take  stock  together.  What  we  need 
above  all,  I  think,  is  a  good  "bull  session"  and  the  success 
of  this  morning's  proceedings  will  be  gauged  in  large 
measure  by  the  extent  to  which  we  profit  by  the  opportunity 
they  afford  to  have  just  that. 

My  function,  then,  as  I  see  it  in  this  light,  is 
simply  to  get  you  in  the  right  mood  for  discussion  and 
argument,  to  raise  a  number  of  provocative  questions  for 
critical  Inspection  and  fresh  thinking,  questions  that  may 
also  serve  as  catalysts  for  the  introduction  of  other  topics. 
Obviously  there  are  many  more  topics  worthy  of  consideration 
than  those  that  I  intend  to  emphasize  -  and  my  choice  is 
personal,  though  I  doubt  if  others  in  my  shoes  at  this  moment 
would  exercise  a  choice  that  is  much  different.  If  I  omit 
someone's  favorite  topic  or  do  less  than  justice  to  another's 
contribution,  no  slight  is  intended;  it  is  inevitable  that 
I  must  do  so. 

One  point  in  particular,  I  think  all  would  agree, 
is  unusually  timely  for  special  emphasis.  This  concerns 
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details  of  the  folded  conformations  of  linear  chain  mole¬ 
cules  in  lamellar  polymer  crystals.  Is  there  very  regular, 
essentially  idealized,  folding  so  that  we  may  have  what  I 
choose  to  call  "good  crystals",  or  is  there  irregular, 
loopy  folding  giving  rise  to  what,  to  emphasize  the  contrast, 
I  call  "bad"  crystals?  And  in  either  case  what  happens  to 
the  chain  ends  and  what  part  do  they  play  in  the  properties 
of  the  crystals?  Now,  what  is  good  or  bad  depends  on  your 
outlook,  but  there  is  little  point  in  preferring  good 
crystals  to  bad  crystals  merely  because  the  good  crystals 
are  conceptually  much  simpler  to  describe  and  analyze.  We 
have  to  make  do  with  what  nature  gives  us.  Our  problem 
above  all  is  to  recognize  precisely  what  this  is.  On  one 
hand,  there  is  unmistakable  evidence  in  the  case  of  chain 
folded  crystals  that  invites  thinking  in  terms  of  the  ideal 
state  of  affairs  and,  on  the  other,  equally  convincing 
evidence  that  compels  us  to  turn  our  thoughts  in  the  opposite 
direction.  Our  two  principal  speakers  this  morning, 

Professor  Fischer  and  Dr.  Lindenmeyer,  will  develop  these 
two  lines  of  evidence,  to  which  each  in  his  own  sphere  is 
an  outstanding  contributor.  They  are  not  fundamentally  in 
conflict,  but  presumably  will  describe  different  aspects 
of  a  subtle  but  unified  underlying  reality.  The  recognition 
of  this  reality  is  one  of  the  most  pressing  problems  of  the 


moment. 
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In  order  to  set  the  stage  for  their  papers,  let 
me  begin  my  review  in  the  only  fitting  way  by  going  back 
exactly  a  decade  to  early  1957  when  Till  published  his  paper 
on  lamellar  single  crystals  of  polyethylene,  to  be  followed 
within  months  by  the  independent  work  of  Fischer  and  of 
Keller.  But,  in  passing,  I  should  pay  admiring  respects  to 
Jaccodine  who  had  really  made  the  discovery  a  few  years 
previously  and  particularly  to  Storks  who  had  foreseen  chain 
folding  as  early  as  1938.  Both,  unfortunately,  suffered  the 
penalty  that  is  often  exacted  from  those  who  conceive  thoughts 
out  of  season. 

The  first  slide  shows  an  electron  micrograph  of 
a  monolayer  single  crystal  of  polyethylene  grown  from  dilute 
solution  in  xylene.  It  is  about  100A  thick,  looks  for  all 
the  world  like  a  paraffin  crystal  (apart  from  a  central 
pleat)  and,  as  electron  diffraction  shows,  has  the  chain 
molecules  aligned  more  or  less  normal  to  its  own  plans. 

From  this  evidence  Keller  drew  the  conclusion  that  the  chains 
crystallize  by  folding,  a  conclusion  that  has  revolutionized 
our  thinking  and  provided  the  essential  stimulus  for  so  much 
of  the  excitement  of  recent  years.  The  first  shock  of 
novelty  over,  thoughts  turned  primarily  in  two  directions: 
first,  to  elucidating  details  of  the  molecular  packing  and 
of  possible  folding  schemes  and,  secondly,  to  explaining 
why  and  how  chain  molecules  adopt  this  curious  but  undoubtedly 
advantageous  way  of  crystallizing.  By  i960  or  thereabouts 
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we  had  reached  the  point  of  knowing  that,  to  a  good  approxi¬ 
mation  at  least,  a  crystal  such  as  you  see  here  consists  of 
four  distinct  fold  domains,  that  the  molecular  folds  lie  in 
each  sector  in  (110)  planes  parallel  to  the  corresponding 
growth  face,  that  fold  period  (crystal  thickness)  varies 
with  crystallization  temperature  in  a  specific  way,  and 
that  the  crystals  grow  as  hollow  pyramids  which  collapse 
on  drying  to  give  pleats  such  as  the  one  you  see  here.  To 
this  we  might  add  without  worrying  too  much  about  precise 
chronology  that  the  crystals  may  also  be  ridged  or  may  take 
on  warped  chair-like  forms.  These  latter  observations  came 
later  to  be  rationalized  on  the  assumption  that  asymmetry 
and  bulkiness  of  regularly  packed  folds  on  the  upper  and 
lower  surfaces  cause  too  much  strain  to  be  supported  by  a 
flat  crystal,  and  that  the  folds  therefore  take  on  staggered 
configurations  giving  rise  to  sloping  surfaces  many  of  which 
have  been  identified  with  specific  crystallographic  planes. 

By  i960  we  also  had  two  essentially  different 
theoretical  approaches  to  explain  the  fact  that  the  molecules 
do  indeed  fold.  I  would  not  say  that  the  equilibrium  theory 
is  wrong;  many  of  the  considerations  that  it  brought  into 
prominence  are  still  germane  to  a  full  understanding  of  the 
lattice  dynamics  of  polymer  crystals,  but  in  terms  of  the 
original  intent  it  must  be  considered  not  to  have  been  fruit¬ 
ful.  The  kinetic  approach,  based  conceptually  on  the 


nucleation  theory  developed  In  the  20 's  and  30' s  by  Volmer 
and  by  Becker  and  Doring,  on  the  other  hand,  has  had  great 
success  In  explaining  the  known  facts  (particularly  the 
variation  of  fold  period  with  supercooling)  and  In  predicting 
melting  behavior,  etc,  with  gratifying  reliability.  To  the 
well  known  work  of  Laurltzen  and  Hoffman,  Price,  Frank  and 
Tosi  has  recently  been  added  the  elaborate  and  elegant  gene¬ 
ralized  treatment  by  Laurltzen,  Di  Marzio  and  Passaglla  of 
sequential  addition  processes,  including  the  deposition  of 
folded  chain  molecules  on  a  polymer  crystal,  that  marks  a 
substantial  advance  in  theoretical  rigor.  The  models  may 
yet  require  refinement,  however,  and  the  theory  would  cer¬ 
tainly  profit  from  a  better  input  of  more  exact  experimental 
data;  nevertheless  there  is  little  or  no  reason  to  doubt 
that  the  basis  of  a  sound  and  lasting  interpretation  of  the 
causes  of  chain  folding  is  already  well  established. 

The  picture,  then,  with  which  polymer  physicists 
were  mostly  preoccupied  after  some  five  years  or  so  was  one 
conceived  in  a  spirit  of  seeking  after  idealized  behavior 
describable  by  the  simplest  crystal  geometry.  We  thought 
of  polyethylene  single  crystals  as  polyhedra  with  regular, 
well-smoothed  growth  faces,  with  highly  regularized  folding 
schemes  (the  RG  I  and  RG  II  schemes,  etc)  and  with  a 
staggering  of  folds  which,  possibly  after  some  readjustments 
had  taken  place,  was  itself  fairly  regular.  ]t  is  true  that 
the  papers  of  the  time  were  not  without  their  perfunctory 


words  of  caution,  but  I  don't  think  they  were  meant  to  be 
taken  too  seriously.  The  thermodynamicists,  however, 
notably  Plory  and  Mandelkern,  were  not  convinced  and,  while 
accepting  the  possibility  that  chains  might  well  fold  at 
crystal  surfaces,  they  argued  that  such  folding  would  mostly 
involve  "loose  loops".  They  favored  what  became  known  as 
the  "busy  switchboard"  model.  But  among  the  morphologists 
the  pursuit  of  idealized  structure  went  on  apace  and  the 
findings  were  carried  over,  undoubtedly  with  more  genuine 
caution,  into  interpretations  of  morphology  realized  by 
crystallization  from  the  melt  where,  of  course,  chain- 
folded  crystallization  had  also  been  established  as  a  cer¬ 
tainty  . 

In  retrospect,  this  is  not  the  only  instance  of 
unguarded  overemphasis .  Many  of  the  features  I  have  men¬ 
tioned  were  found  in  other  polymers  too,  as  anyone  who  has 
even  glanced  at  Prof.  Oeil's  survey  book  will  know.  But  it 
is  a  sobering  thought  to  realize  how  much  of  the  detailed, 
thedsfinitive,  experimentation  has  been  performed  using 
polyethylene .  Even  today  it  is  rather  painfully  evident 
that  studies  of  annealing  and  melting  behavior,  precise 
measurements  of  density  and  so  on,  using  polyethylene, 
outweigh  similar  studies  of  other  polymers,  both  in  pro¬ 
fusion  of  number  and  in  detail,  in  a  staggering  and  dis¬ 
concerting  disparity.  The  attractions  of  polyethylene  as 
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a  model  substance  are  Indeed  obvious.  It  Is  the  simplest 
of  chain  molecules,  but  also  the  most  mobile  In  the  solid 
state  In  terms  of  lengthwise  translation  and  also  the 
fastest  and  easiest  to  crystallize.  It  Is  not  Idle  to  ask 
ourselves  Just  how  generally  applicable  Is  the  knowledge 
we  gain  from  Its  study.  It  would  be  all  too  easy  to  over¬ 
interpret  observations  made  with  other  polymers  by  citing 
seemingly  analogous  behavior  in  this  better  known  but 
possibly  exceptional  material. 

About  five  years  ago  the  first  Jarring  notes  be¬ 
gan  to  sound.  People  began  to  measure  the  densities  of 
polyethylene  single  crystals.  I  don't  really  know  who  did 
it  first  and  I  asked  Prof.  Geil  recently.  He  isn't  sure 
either,  but  thinks  that  Statton  and  he  did.  At  all  events, 
the  fact  that  trouble  might  be  brewing  first  struck  me  at 
the  American  Physical  Society  meeting  in  Baltimore  in  1962, 
when  Brown  and  Eby  showed  that  the  density  of  polyethylene 
crystals  is  appreciably  lower  than  anticipated  and  is  in 
fact  a  linear  function  of  the  reciprocal  of  their  thickness, 
extrapolating  at  infinite  thickness  to  the  theoretical  X-ray 
density.  By  1963  Fischer  and  his  colleagues  had  produced 
further  evidence  drawn  from  density  and  X-ray  measurements, 
showing  again  that  there  are  real  and  disconcerting  dis¬ 
crepancies  between  what  one  finds  in  practice  and  what  one 
would  expect  to  find  with  crystals  having  the  regularity  of 
structure  suggested  by  earlier  morphological  observations 
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alone.  This  led  a  number  of  workers  to  repeat  the  density 
measurements  on  polyethylene  crystals  with  gradual  Improve¬ 
ments  in  technique  and  reliability.  The  results  were  at 
first  subject  to  unusually  large  scatter,  some  finding  low 
values  In  the  range  O.96  to  0.97*  others  close  to  1.0  - 
roughly  the  theoretical  value.  There  Is  fairly  general 
agreement  now  on  values  between  0.96  and  0.98  depending 
on  thickness,  and  the  latest  number  I  hear  from  the  Bureau 
of  Standards  where  the  experiment  has  been  done  with  ex¬ 
treme  care  and  attention  to  sources  of  error  is  O.98. 

Prof.  Fischer  interpreted  such  low  density  values  as  indi¬ 
cating  the  presence  of  a  disordered  "amorphous"  layer 
about  20  A  thick  at  the  folded  surfaces.  I  will  not  steal 
his  thunder,  but  he  arrived  at  this  conclusion  only  after 
first  considering,  and  for  various  reasons  rejecting,  other 
possible  interpretations.  Supporting  evidence  for  his 
view  came  more  recently  from  the  work  of  Peterlin  and  his 
collaborators  in  studies  of  the  effect  of  fuming  nitric 
acid  on  single  crystals  of  polyethylene.  Similar  work  at 
Bell  Telephone  Laboratories  by  Winslow  and  his  colleagues, 
and  also  I  understand  in  Keller's  laboratory,  leads  to 
essentially  the  same  results.  I  have  no  doubt  we  shall  hear 
about  this  in  the  discussion.  So  it  would  seem  that  we  have 
been  wrong  and  that  folds  are  looped  and  irregular;  that  all 
along  we  have  really  been  dealing  with  "bad"  crystals. 


But^  while  this  was  going  on  there  were  other 
developments,  notably  at  the  Chemstrand  Research  Center 
where  Holland  and  Lindenmeyer  were  carrying  out  a  very 
beautiful  and  elegant  study  of  Moire  patterns  generated 
by  double  diffraction  from  bilayer  crystals  of  polyethylene. 
You  will  hear  an  account  of  this  presently,  and  your  reac¬ 
tion  must  surely  be  to  regard  the  evidence  as  showing 
unambiguously  that,  with  these  bilayer  crystals  at  least, 
folds  on  the  surfaces  pack  crystallographically  and  with 
remarkable  regularity.  Bassett  at  Reading  has  also  found 
evidence  for  a  similar  view  -  perhaps  he  will  tell  us 
briefly  about  that  later.  Now,  where  are  we? 

One  could  well  ask  who  is  right  and  who  is  wrong. 
But,  and  I  stress  this,  that  would,  I  submit,  be  altogether 
the  wrong  question  to  put.  I  suspect  that  each  view  is  in 
its  own  context  equally  valid.  It  would  seem  that  the  under¬ 
lying  reality,  as  I  called  it  earlier,  is  complex;  that  there 
is  a  spectrum  of  behavior  that  has  been  sampled  at  two  dif¬ 
ferent  points.  What  are  the  details  of  the  spectrum  as  a 
whole,  and  what  in  any  given  circumstances  decides  which 
sampling  we  get?  This  is  the  first  and  the  principal  question 
that  I  want  to  raise.  Related  to  it  is  the  second  question. 
Which  sampling  of  the  spectrum  (which  after  all  refers  to 
single  crystals  grown  slowly  for  the  most  part  from  dilute 
solution)  is  the  appropriate  one  to  lean  upon  for  guidanc- 
in  attempting  to  interpret  the  morphology  of  aggregates  of 

crystals  -  spherulites  and  the  like  -  crystallized  under  less 
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Idealized  conditions  from  concentrated  solution  and  from 
the  melt.  Clearly,  molecular  weight  and  kinetics  bear 
importantly  upon  both  questions.  But  let  me  not  inject 
my  own  interpretations  -  I  am  supposed  to  be  asking  ques¬ 
tions. 

Let  me  turn  now  to  some  other  morphological 
questions.  Once  we  depart  from  single  crystals  that  are 
grown  slowly  so  that  they  have  what  seem  to  be  smooth  out¬ 
lines,  we  are  involved  with  stepped  growth  faces,  and  thus 
with  microsectorization  and  with  much  more  complicated 
folding  schemes.  Burbank  in  a  little  known  paper  in  i960 
raised  many  interesting  points  in  this  connection.  One 
wonders  what  the  situation  might  be  in  crystals  grown 
relatively  rapidly  in  the  melt;  to  what  extent  do  our  ideas 
about  folding  carry  over?  Let  us  not  forget  that  it  is  these 
crystals  that  represent  the  real  crystals  in  bulk  polymers 
of  technological  Interest,  Just  as  a  piece  of  hardened  steel 
represents  the  real  metal  as  distinct  from  the  idealized 
single  crystal  of  pure  iron.  In  both  cases  the  relevance  of 
the  ideal  to  the  real  situation  is  subject  for  argument. 

But  let  me  not  belabor  this;  it  is  food  for  thought  but  I 
don't  think  we  are  yet  in  a  position  to  pursue  it  profitably. 

Before  I  leave  the  subject  of  the  morphology  of 
single  crystals  and  of  aggregates  of  such  crystals  let  me 
pose  two  further  questions.  First,  in  multilayer  single 
crystals  grown  in  solution,  or  in  the  melt  for  that  matter, 
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successive  layers  are  not  oriented  in  precise  register  with 
one  another.  We  could  scarcely  expect  otherwise  particularly 
if  folding  is  irregular  but,  over  and  above  this,  the  layers 
diverge  or  splay  quite  markedly.  Why?  Staggered  folding 
or  whatever  gives  rise  to  pyramidal  habits  obviously  plays 
a  part,  but  it  is  not  obvious  to  me  that  on  its  own  it  is 
sufficient  explanation.  Secondly,  in  polypropylene, 
solution -grown  crystals  take  the  form  of  lathes  that  are 
much  longer  in  the  "a"  direction  than  in  the  "b"  direction. 
The  ends  of  these  lathes  are  "squared  off";  they  appeal-  to 
be  (100)  planes  and  certainly  not  (110)  or  some  other  low 
index  (hko)  planes.  We  would  normally  say  without  i esita- 
tion,  then,  that  (100)  is  the  fast  growing  face  but,  as 
Morrow  and  Sauer  have  indicated,  the  folding  of  polypropylene 
helicies  of  fixed  hand  is  plausible  in  the  a-cryotal  struc¬ 
ture  only  if  it  takes  place  in  (010)  planes.  They  have  pro¬ 
duced  evidence  for  this  type  of  folding  from  deformation 
studies.  Now  the  fast  growing  plane  seern't  ';o  advance  In  the 
same  direction  as  that  taken  by  the  l<~ops  of  the  lolded  mole¬ 
cules.  This  is  definitely  a  switch  from  the  •vsual  pattern  of 
behavior.  Believing  that  nothing  so  implausible  nould  pos¬ 
sibly  be  right,  Padden  and  I  have  had  a  look  at  this  system 
but  we  haven't  discovered  anything  that  gives  us  Justifica¬ 
tion  for  taking  issue  with  Morrow  and  Sauer's  interpretation. 
Of  course  we  can  all  think  of  one  or  two  obvious  ploys  to 


remove  the  difficulty  but  are  any  of  them  plausible?  Here 
we  have  a  situation  that  needs  explanation  and  it  may  not 
be  unique. 

It  is  time  now  that  I  turn  to  crystallization 
from  the  melt  -  to  spherulitic  crystallization.  But  there 
is  not  too  much  that  I  want  to  say  about  this,  for  here  the 
problems  have  perforce  been  primarily  concerned  with  the 
organization  of  chain-folded  crystals  into  more  complex 
structures,  and  have  seldom  been  faced  as  yet  on  a  truly 
molecular  scale.  Thus,  the  uncertainties  about  molecular 
packing,  regularity  of  folding,  etc,  in  bulk  polymers  have 
really  been  the  same  uncertainties  that  we  encounter  with 
single  crystals  grown  from  solution  except  that,  as  I  have 
already  indicated,  they  may  be  aggravated  to  a  bewildering 
degree. 

We  think  we  know,  broadly  speaking,  how  spheru- 
lites  are  formed,  though  only  at  a  level  which  ignores  de¬ 
tails  both  of  molecular  attachment  to  growing  crystals  and 
of  the  perfection  of  those  crystals.  That  there  is  a  faction- 
ization  during  crystallization  and  a  segregation  of  low 
molecular  weight  material,  as  Padden  and  I  first  suggested 
in  1961,  is,  I  think,  no  longer  in  question  -  even  if  the 
details  may  still  be  cloudy.  Anderson  has  shown  that  this 
low  molecular  weight  material  is  capable  of  forming  paraffinoid 
or  extended-chain  crystals.  What  is  still  lacking,  however. 


is  a  good  three-dimensional  picture  of  how  this  material 
of  low  molecular  weight  is  distributed  between  the  chain- 
folded  lamellae  and  how  it  is  connected  to  them.  The  pro¬ 
blems  are  mostly  ones  of  technique.  The  methods  available 
to  us  are  all  a  good  deal  less  direct  than  we  would  like. 

We  can  study  thin  films  by  transmission  microscopy  -  how 
representative  are  these  films?  We  can  replicate  free 
surfaces  -  again  how  representative  are  the  surface  struc¬ 
tures?  Fracture  surfaces  are,  ipso  facto,  special  surfaces 
and  thus  suspect.  We  can  digest  solid  polymer  with  nitric 
acid  and  look  at  the  "bits"  that  remain  -  how  much  do  they 
tell  us?  They  are  largely  bits  of  paraffinoid  material 
by  this  time,  possibly  capable  of  recrystallization  and 
rearrangement  since  many  of  the  folds  are  fractured.  It 
is  like  trying  to  discern  the  picture  on  a  jigsaw  puzzle 
given  a  small  .fraction  of  the  pieces  and  knowing  that  they 
may  have  suffered  some  distortion  of  shape.  We  can  use 
the  method  that  we  employ  at  Bell  Telephone  Laboratories 
of  mixing  low  molecular  weight  paraffin  with  the  polymer 
and  then  etching  it  out.  The  paraffin  is  probably  not  too 
dissimilar  in  its  behavior  to  the  low  molecular  weight 
species  that  are  segregated  anyway,  but  we  are  again  faced 
with  the  problem  of  extrapolating  from  the  behavior  of  very 
thin  films.  If  there  is  an  obvious  question  implicit  in 
this  discussion  it  must  surely  be:  does  anyone  know  a  way 
around  the  difficulties? 
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There  is  another  point  I  want  to  touch  on  briefly. 
In  our  studies  of  blends  of  polyethylene  and  paraffin, 

Padden  and  I  find  that  as  soon  as  we  approach  conditions 
analogous  to  those  found  in  true  crystallization  from  the 
melt,  then  (except  possibly  at  the  very  slowest  rates  of 
crystallization)  the  growth  faces  of  the  crystals  become 
serrated  on  a  fine  scale  and  so  rough  that  crystallographic 
facets  are  difficult  to  discern  at  all.  Diffraction  shows 
at  the  same  time  that  the  crystals  are  becoming  disordered. 

I  find  it  difficult  to  believe  that  relatively  simple  fold¬ 
ing  schemes  and  staggered  arrangements  of  folds  as  we  meet 
them  in  solution-grown  crystals  have  anything  like  as  much 
significance  in  the  crystals  comprising  a  piece  of  bulk 
polyethylene.  Others  may  disagree  but,  at  all  events,  here 
is  an  area  of  great  uncertainty.  I  would  put  it  in  the 
form  of  a  question  if  I  thought  that  anyone  had  a  sound 
answer. 

Another  pertinent  topic  in  connection  with  the 
morphology  of  bulk  polymers,  particularly  in  relation  to  the 
interpretation  of  mechanical  behavior,  deformation,  and 
recovery  after  deformation,  is  the  connectivity  between 
crystals,  the  nature  of  inter-crystalline  links  and  of  the 
so-called  amorphous  content.  Doubtless  you  can  think  of 
many  questions  needing  to  be  answered  here,  and  I  shall  not 
take  time  to  tabulate  the  obvious  ones. 
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There  are  many  other  questions  that  I  might  raise; 
for  example,  why  does  crystallization  under  pressure  appar¬ 
ently  induce  an  extended  chain  morphology?  But  I  must  stop 
somewhere  and  there  will  be  time  for  that  later.  The  princi¬ 
pal  topic  I  wanted  to  get  in  focus  is  the  one  I  devoted  most 
time  to.  How  regularly  does  a  molecule  fold,  how  variable 
is  the  regularity  and  what  controls  it?  There  should  be  no 
lack  of  interesting  points  for  discussion. 


DISCUSSION  ON  PAPER  NO.  7 

Professor  B.  Wunderlich 

Rensselaer  Polytechnic  Institute 

To  H.  D.‘  Keith  and  E.  W.  Fischer's  question  of  the  density  of 
folded  chain  single  crystals  and  the  connected  problem  of  regularity 
of  folds,  I  commented  that  low  densities  like  Passaglia  had  found,  as 
well  as  higher  ones  similar  to  what  one  would  expect  for  sharp  folding 
was  no  contradiction  since  we  had  at  that  time  just  completed  new 
density  measurement  on  different  chain  folded  morphology. 


*  See  ContrlJui-LJ-on  page  2lS 
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On  the  structure  of  disordered  regions  In  polyethylene  single 
crystals  and  In  drawn  polyethylene 

by  E,W,  Fischer,  H,  Goddar  and  G,F,  Schmidt 

Labor  at  or  lum  fUr  Physik  der  Hochpolymeren  am  Institut  ftir 
Physikalische  Chemle  der  Universitfit  Mainz 

1)  Introduction 

The  physical  properties  of  polymeric  material  do  not  depend 
only  on  the  chemical  nature  of  the  macromolecules  but  also  on  the 
state  of  order  of  the  chains.  In  a  semicrystalline  polymer  the 
physical  properties  are  controlled  toa  great  extent  by  the  struc¬ 
ture  of  the  disordered  regions.  For  example  fig,  1  shows  a  model 
of  the  disordered  regions  within  annealed  drawn  polymers1)  ,  which 
will  be  elucitated  in  more  detail  later  on.  In  addition  some  pro¬ 
perties  of  polymers  are  specified  depending  obviously  on  the 
arrangemaat  of  the  chains  in  the  disordered  regions.  These  pro¬ 
perties  have  been  studied  intensively  in  many  laboratories.  For 
explanation  of  the  experimental  results  various  models  of  the 
structure  of  the  disordered  regions  have  been  proposed.  The  prob¬ 
lem  involved,  however,  is  not  only  of  interest  from  a  technologi¬ 
cal  point  of  view,  but  it  is  of  importance  too  with  regard  to 
the  basic  question  for  the  reasons  of  existence  of  disordered 
regions  in  polymeric  materials  and  for  the  explanation  of  crystalli¬ 
zation  and  melting  behaviour. 

The  aim  of  this  paper  shall  be  a  contribution  of  some  new 
informations  about  the  nature  of  disorder  in  polyethylene.  For 
many  reasons  this  polymer  is  extremely  suitable  for  structure 
investigations.  It  is  believed,  however,  that  most  results  dis¬ 
cussed  here  may  also  be  applied  qualitatively  to  other  polymers, 
esides  the  structure  of  drawn  polymers  as  demonstrated  in  fig.  1 
another  interesting  case  would  be  the  nature  of  disorder  in  iso¬ 
tropic,  melt^rystalllzed  material.  The  struoture  of  this  state 
of  polymer  is  very  complex,  however,  and  experiments  cannot  be 
evaluated  without  additional  assumptions,  e,g,  isotropic  bulk 
polyethylene  exhibits  two  different  long  spaolngs  which  cannot 
be  attributed  definitely  to  the  dimensions  of  the  crystallites2). 


149 


So  we  oonfined  ourselves  to  the  study  of  polyethylene  single 
oryetals  and  drawn  polyethylene* 

One  of  the  most  important  properties  of  the  disordered  re¬ 
gions  is  their  density*  This  quantity  yields  a  dear  Insight  in¬ 
to  the  struoture  of  those  regions  and  is  extremely  valuable  fer 
disousslng  various  models  of  struoture*  This  paper  deals  with 
experiments  measuring  the  values  of  density  of  disordered  regions 
by  means  of  two  methods.  The  first  method  oonsists  in  determina¬ 
tion  of  the  absolute  value  of  the  mean  square  electron  density 
fluctuation  in  single  crystals  and  drawn  polyethylene,  the  seeend 
teohnique  uses  the  ohanges  of  low  angle  intensity  due  to  staining 
of  the  disordered  regions  by  iodine*  Additional  informations 
about  the  struoture  of  those  regions  oan  be  obtained  by  measuring 
the  effeots  of  annealing  and  the  temperature  dependence  of  the 
x-ray  small  angle  intensities* 


Single  oryetals 


During  the  last  years  a  variety  of  experimental  observations 
has  indicated  that  in  most  oases  only  80-85  of  the  polyethylene 
embodied  in  the  soe ailed  single  erystals  oan  have  the  properties 
required  for  the  orystalllne  state*  Tab*  1  shows  various  methods 
applied  to  this  problem  by  many  authors^ properties  of 
single  oryetals  having  been  used  for  measuring  their  orystalllnlty 
include  density,  enthalpy  of  fusion,  x-ray  soatterlng,  infrared 
absorption  and  selective  oxidation*  The  table  shows  too  that  a 
broad  variety  of  crystallization  conditions  have  been  applied  and 
different  materials  have  been  used*  All  these  experiments  yielded 
the  results,  that  15-20  i>  of  the  monomer  units  have  te  be  assigned 
to  a  nonoryatalilsed  state  er  to  some  kind  of  defeots* 


Now  the  question  arises  where  the  disordered  regions  lowering 
the  orystalllnlty  are  looated*  One  group  of  authors  bellevs  that 
the  mentioned  results  either  are  falsified  by  systematic  errors^ 
or  that  they  refleot  voids  or  defeet  structures  within  the  in¬ 
terior  ef  the  oryetals1^1®).  Another  groop  appraises  the  ex¬ 
perimental  observations  as  lndloatlon  of  an  aaorphous  surface 
layer  of  the  single  oryetals*  Beth  points  ef  view  are  supported 
by  selested  experimental  results* 
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The  assumption  of  lattice  defects  within  the  interior  of  the 
crystals  accompanied  with  a  regular  folded  chain  surfaoe,  is 
supported  by  the  crystallographic  regularity  of  the  boundaries 
of  the  crystals*^ ,  by  experiments  yielding  oriented  overgrowth 
of  polyoxymethylen  on  the  top  of  polyethylene  single  crystals 20 ^ 
and  especially  by  the  beautiful  dislocation  networks  between 
bilayered  crystals  described  by  Holland  and  lindefeeyei^1).  The 
latter  experiments  yield  strong  evindence  for  the  existence  of 
a  regulariyfolded  chain  surface  of  those  crystals  under  investi¬ 
gation.  They  also  proof  that  a  regular  fold  including  only  a  few 
monomer  units  represents  one  possible  conformation  of  a  molecular 
chain.  These  results  have  to  be  taken  into  account  discussing  the 
surface  structure  of  polymer  single  crystals.  On  the  other  hand, 
however,  the  absenoe  of  dislocation  networks  in  many  kinds  of 
single  crystals  studied  in  various  laboratories  shows  that  the  re¬ 
gularity  discovered  by  Holland  and  Lindemeyer  is  not  a  general 
feature  of  these  crystals,  otherwise  it  should  be  observed  with 
the  generally  used  technique  of  electron  microscopy.  In  addition 
the  properties  mentioned  in  tablejjlike  density  or  enthalpy  of 
fusion,  are  unknown  for  the  case  of  crystals  presenting  dis¬ 
location  networks.  It  is  questionable  if  they  will  exhibit  the 
same  figures  as  the  generally  used  crystals. 

From  this  point  of  view  the  experimental  observations  seem 
to  indicate  that  the  surface  structure  of  the  single  orystals 
depends  very  sensitively  on  the  crystallization  conditions  or, 
more  probably,  on  particularities  of  the  investigated  polymers, 
for  example,  on  the  distribution  of  molecular  weight  or  on  number 
of  chain  branchings.  The  reasons  for  this  apparent  discrepancies 
are  not  yet  understood  and  so  we  will  concentrate  our  interest 
to  the  "normal"  single  crystals  possessing  crystallinities  of 
about  80-85  $  which  are  supposed  to  represent  the  general  case. 

As  mentioned  above  experimental  results  exist  indicating  that 
the  disordered  material  belongs  to  the  intercrystalline  surface 
layers  ^  22  ^ .  First  indication  was  yielded  by  the  experimen¬ 

tally  established  relationship  between  density  p  and  long 
spacing  L  of  single  crystal  mats  prepared  under  various  conditi¬ 
ons^.  The  results  could  be  explained  most  definitely  by  a  model 
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shown  In  the  next  slide  and  consisting  of  lamellae  with  an  ideal 
density  pc  separated  by  a  layer  with  a  smaller  density  po-Ap. 

The  model  is  based  on  the  existenoe  of  the  discontinous  small 
angle  soattering,  since  the  reflections  used  for  determination 
of  the  long  spaoings  L  oan  be  oaused  only  by  an  almost  periodi¬ 
cally  fluctuating  electron  density.  The  point  in  question  is  the 
value  of  the  density  differenoe  Ap,  Are  the  reflections  oaused 
by  close  packed  ohain  folds,  or  by  voids  accompanying  the  regular 
folded  chain  surfaoe,  or  by  an  amorphous  surf aoe  layer? 

The  question  can  be  answered  by  determination  of  the  mean 
square  fluctuation  of  the  electron  density  distribution2^ 2^. 
According  to  theory2^  this  quantity  <  At) 2 >  which  is  also  oalled 
scattering  power,  is  proportional  to  the  integral 

<At|2>  =  K fyf7{6)  ede  (1) 

where  the  proportional  constant  K  can  be  determined  by  measuring 
the  absolut  value  of  intensity  J0  of  the  incident  x-ray  r addition. 
The  scattered  intensity  J(e)  is  measured  by  means  of  a  slit 
camera.  The  soattering  power  does  not  depend  on  the  geometrical 
arrangement  of  the  soattering  units.  Assuming  a  simplified 
structure  consisting  of  two  phases  only,  e,g,  a  orystallin-amor- 
phous  polymer,  the  scattering  power  <at)>  is  given  by 

<Ati2>  =  (ric-r)a)?wc-wa  (2) 

where  w<j,  wa  are  the  volume  fractions  of  crystalline,  resp, 
amorphous  material. characterized  by  electron  densities  t)0  and 
t)a,  resp,  .In  the  case  of  bulk  polyethylene  this  quantity  was 
measured  by  Hermans  and  Weidinger2^  and  by  Kratky  and  Schwarz- 
kopf-Schier2^.  These  authors  ^obtained  <at)^>  =  l,5»lO“^  and 
1, 02*10”^  [  (mole  electronf'cm^)2] ,  reap., 

Prom  the  soattering  power  the  volume  fractions  of  the  two 
phases  can  be  calculated  assuming  a  reasonable  value  for 
(Tlc”Tla)^^,^^^»  regard  to  our  problem,  however,  we  are 

interested  in  measuring  the  density  difference  Ap  between  the 
crystalline  cores  and  the  interoryetalline  surface  layers  using 
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values  of  crystallinity  wc  evaluated  by  other  methods  (for  example 
from  the  enthalpy  of  fusion),  Ap  is  calculated  from  the  scattering 
power  by  equation 


2 

<  Arr> 


(l-wc) 


(3) 


with  M0  =  molecular  weight  of  repeating  unit,  2  Zi  =  sum 
atomic  numbers.  Instead  using  crystallinity  one  also  can 
late  Ap  on  the  basis  of  the  measured  values  p  of  density 
single  crystal  mats  and  the  well  known  density  g,  of  the 
crystal 

(  Mr 


Ap  = 


<At)2>+  (pc-p)2 


Pc“P 


of 

calcu- 
of  the 
ideal 


(4) 


We  studied  an  isotropic  mat  consisting  of  multilayer  crystals 
and  yielding  a  scattering  curve  shown  in  the  fig,  3.  Background 
scattering  has  been  substracted.  Calibrating  the  scattered  in¬ 
tensity  by  means  of  a  standard  sample2^  we  obtained  a  scattering 
power  of 

<  at) 2 >  =  1,20. 10-2  ( ^--electrons 

V  cnr 

which  agrees  approximately  with  the  values  in  the  case  of  bulk 
polyethylene  mentioned  above.  Using  this  value  and  taking  into 
account  a  degree  of  orystallinity  of  wc  =  0,82  obtained  by  heat 
of  fusion  measurements11)  eq,  3  yields  a  density  difference  of 


A  p  =0,159  -Sr 
cnr 


P  = 


On  the  other  hand  from  the  density  of  these  samples 
0,970  -Ar  and  from  eq,  (4)  a  value  of 


om 


Ap  =  0,160 

CUT 
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is  obtained.  The  mutual  agreement  of  both  these  values  shows 
that  no  detectable  amount  of  voids  is  present  in  our  sample. 
Additionally  the  measurements  yields  the  remarkable  fact  that 
the  value  of  Ap  calculated  from  the  scattering  power  does  agree 

•z 

rather  well  with  the  generally  accepted  value  of  Ap  =  0,142/cnr 
obtained  by  extrapolating  the  specific  volume  of  amorphous  poly¬ 
ethylene  to  room  temperature^®). 

In  order  to  calculate  Q  according  to  eq.  (1)  the  scattering 
curve  has  to  be  extrapolated  to  angle  zero.  Since  the  intensity 
values  are  multiplicated  by  9,  however,  the  error  resulting  from 
this  proceeding  is  lower  than  that  due  to  the  uncertainties  of 
density  and  crystallinity  measurement.  All  errors  together  may 
not  change  the  value  of  Ap  for  more  than  10  ?4» 

In  spite  of  this  limitation  of  accuracy  the  evaluated  value 
of  Ao  yields  a  significant  conclusion.  Assuming  that  the  scattering 
curve  in  fig.  3  is  caused  by  voids  separating  crystals  with  a  re- 
gulary  folded  chain  surface,  see  fig,  4a,  the  mean  square  electron 
density  fluctuation  <  Ati  >  has  to  be  expected  to  amount  to  a  much 
higher  value.  Starting  from  p  =  0,970  g/cm  and  pc  =  0,998  g/cnr 
according  to  eq,  (4)  one  obtains  <at)  >  =  8,83»10-^  instead  of 
the  measured  value  of  1  20 » 10~^(  m0^-e  electrons  V  This  dis- 

\  cm^  / 

crepancy  excludes  obviously  the  assumption  of  voids  producing 
the  scattering  curve  of  the  single  crystal  mat  under  investiga¬ 
tion. 

Naturally  dense  packing  of  crystals  has  to  be  achieved  by 
suitable  filtration  technique.  So  one  also  can  obtain  a  loosely 
packed  sample  of  crystals  by  using  different  filtration  proce¬ 
dures'^).  moreover  some  polymer  crystals  do  not  pack  close/^p 
dtffif!  to  their  inflexibility,  e.,g.  polyoxymethylene.  Consequently 
in  those  cases  the  scattering  power  is  much  higher  than  the  de¬ 
scribed  value.  For  example,  a  loosely  packed  polyethylene  sample 
yields  a  scattering  power  of  <^7 *>  -  {)¥•  /P'{x  We  believe,  however 
that  the  value  of  Ap  =  0,16-0,016  g/cnr  calculated  from  the  small 
angle  scattering  curve  of  fig.  3  does  agree  not  only  accidentally 


x)  A  polyoxymethylene  single  crystal  sample  exhibits  a  v  lue  of 

'  I  ' 


t 
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with  the  generally  accepted  value  of  deneity  difference  between 
crystalline  and  amorphous  phase,  rather  we  are  convinced  of  the 
existence  of  an  intercrystalline  disordered  layer  characterized 
by  the  packing  density  of  a  molten  phase,  although  the  confor¬ 
mation  of  the  chain  molecules  may  be  different  as  it  may  be 
concluded  from  viscoelastic  behaviour  and  NMR  absorption. 

Pig,  4  shows  some  models  proposed  for  the  structure  of  single 
crystal  surfaces.  Prom  existence  of  small  angle  reflexions  it 
must  be  concluded  that  the  electron  density  of  the  surface  layer 
has  to  be  different  from  that  of  the  crystallites  case.  The  model 
of  fig,  4a  characterized  by  voids  surrounded  by  regularly  folded 
chains  must  be  excluded  as  mentioned  already,  A  regularly  folded 
chain  structure  without  inclusion  of  voids  would  yield  a  lower 
scattering  power  than  we  observed2^.  In  addition  the  mat  of 
single  crystals  in  this  case  should  possess  a  density  higher  than 
the  ideal  density  calculated  from  x-ray  data.  Further  arguments 
for  rejection  of  this  model  are  given  by  results  of  small  angle 
scattering  studies  on  iodine  stained  crystals.  The  intensity 
of  long  spacing  reflections  decreases  continouiLy  with  increasing 
iodine  content  un/til  it  disappears  almost,  then  it  increase^  again. 
Prom  this  result  we  may  conclude  that  density  of  intercrystalline 
layers  must  be  lower  than  that  of  the  crystallites. 

Our  described  result  can  be  explained,  however,  by  the 
assumption  of  a  rough  chain  folded  surface18^,  whereby  the  ex¬ 
truding  chain  folds  are  packed  together  like  within  an  amorphous 
region  of  polyethylene.  Another  possibility  is  the  random  re¬ 
entry  model  of  Plory^2^  characterized  by  the  assumption  of  a 
broad  distribution  of  re-entry  distance  and  lengths  of  loops. 

Both  models  may  show  the  same  density  of  the  intercrystalline 
surface  layer.  Additional  informations  are  required  for  solving 
thij  problem. 

These  informations  can  be  obtained  by  investigation  of 
structure  changes  taking  place  at  higher  temperatures.  During 
annealing  the  small  angle  scattering  pattern  is  changed,  where¬ 
as  the  changes  are  partly  reversibel  and  partly  irreversibel 
with  regard  to  temperature.  These  effects  can  be  seen  in  fig.  5 
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and  Tab.  JJ,  After  having  annealed,  the  crystals  at  temperatures 
above  110°C.  the  measurement  of  the  x-ray  scattering  at  room- 
temperature  yielded  a  scattering  power  lower  than  that  of  an 
unannealed  sample.  This  observation  corresponds  to  the  well  known 
increase  of  crystallinity  observed  with  other  methods, too 
Therefore't^valuated  value  of  the  density  difference  A0  was  found 
to  be  approximately  constant,  see  table  II 

On  the  other  hand  the  scattering  pattern  measured  at  higher 

temperatures  exhibits  a  remakably  higher  scattering  power  as  it  is 

showri^fig.  5  and  tab.  jr«).  For  example,  at  125°C  the  evaluation 

yields  a  scattering  power  of  2,23*10“^  which  is  more  than  twice 

so  much  as  at'  room  temperature.  This  increase  is  not  caused  by 

an  increase  of  the  density  difference  A0  as  one  may  suppose. 

From  specific  volume  of  the  sample  measured  at  125°C  dilato- 

metrically^)  by  using  the  relation*  between  A p,  at^  and  p  a 

•2 

value  of  Ap  =  0,174  g/cm  is  obtained  in  excellent  agreement 
with  the  flg'lxe  calculated  from  the  known  expansion  coefficients 
of  the  crystalline  resp.  amorphous  phase.  Therefore  the  main  con¬ 
tribution  to  the  increase  of  the  scattering  power  at  higher 
temperatures  is  due  to  a  decrease  of  crystallinity.  From  the 
equation  derived  above  we  obtained  wc  =  0,65  at  125°C  instead 
of  wc  =  0,88  at  room  temperature. 

The  decrease  of  crystallinity  is  a  well  known  effect  often 
called  partial  melting.  In  principle  it  can  be  achieved  in  two 
different  manners,  either  by  melting  of  some  crystallites  or  by 
an  increase  of  thickness  of  the  intercrystalline  surface  layers. 
The  latter  effect  we  call  boundary  melting^).  Each  type  of 
melting  is  expected  to  result  in  a  different  change  of  the 
scattering  pattern.  Theory  of  small  angle  scattering  reveals 
definitely  that  melting  of  some  crystallites  without  further 
changes  of  the  macrolattice  will  always  yield  a  decrease  of  in¬ 
tensity  of  the  reflections  accompanied  by  an  increase  of  the 
background  scattering^.  On  the  other  hand  the  growth  of  thick¬ 
ness  of  the  amorphous  surface  layer  enlarges  the  intensity  of 
the  reflections^)  and  causes  an  increase  of  the  scattering 
power  beeing  observed.  Therefore  the  temperature  dependence  of 
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reflection'  intensity  enables  the  decision  between  the  discussed 
processes.  The  scattering  patterns  of  fig.  5  and  6  show  olearly 
that  the  intensity  change  observed  can  only  be  explained  by 
boundary  melting. 

The  observed  temperature  dependence  of  thickness  of  the  dis* 
ordered  layers  between  the  crystallites  can  be  explained  by 
theoretical  considerations^  based  oi^the  assumption  that  during 
annealing  a  metastable  equilibrium  between  the  boundary  layer 
and  the  crystallites  is  established.  Since  the  entropy  of  con¬ 
formation  on  the  noncrystallized  sequences  does  not  depend 
linearly  on  the  length  of  the  sequenoes^^®) ,  one  obtains  from 
the  condition  of  minimalized  free  energy  an  average  equilibrium 
length  of  these  sequences.  In  the  case  of  loops  fitted  with 
their  ends  in  a  crystal  the  equilibrium  length  increases  with 
rising  temperature. 

The  equilibrium  length  can  be  calculated  using  simple  statisti¬ 
cal  models.  Prom  these  values  the  temperature  dependence  of 
thickness  of  disordered  layers  can  be  revealed  and  the  intensity 
of  small  angle  reflections  can  be  calculated.  The  result  is 
plotted  in  fig.  7.  together  with  the  experimentally  measured 
values.  In  order  to  get  agreement  a  certain  value  of  the  distance 
of  position  of  the  re-entry  has  to  be  chosen.  The  numerical  value 
was  about  35  1,  tort  it  depends,  of  course,  somewhat  on  the  statisti¬ 
cal  model  used  for  calculation.  With  regard  to  our  problem  the 
most  important  conclusion  from  theory  consists  in  the  result,  that 
loops  with  adjacent  ends  will  not  increase  their  length  with  rising 
temperature.  Therefore  the  cited  results  are  speaking  in  favor 
of  a  model  with  random  re-entry  and  distribution  of  loop  length. 

3.  Structure  of  Disordered  Regions  in  Drawn  Polymers 

The  presence  of  electron  density  fluctuations  in  drawn  poly¬ 
mers  is  definitely  proved  by  the  appearance  of  meridional  and 
equatorial  scattering  in  the  small  angle  x-ray  diagram.  For  ex¬ 
planation  of  this  well-known  effect  different  models  have  been 
developed. for  example^  fig,  8  shows  some  proposals  for  structure 
of  a  drawn  polymer  exhibiting  a  stalled  four  point  diagram.  The 
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variety  of  models  reflects  the  ambiguity  of  scattering  effects. 
For  example  with  the  models  in  the  upper  line  the  four  point 
diagram  i3  supposed  to  be  caused  by  the  particle  scattering, 
whereas  it  is  explained  in  terms  of  interparticular  interference/ 
with  the  other  models. 

Looking  at  the  structure  of  the  disordered  regions  evidently 
the  density  again  presents  the  most  important  property  of  these 
regions.  In  order  to  evaluate  the  density  difference  between 
crystalline  and  disordered  regions  in  the  case  of  drawn  polymers, 
one  has  to  take  into  account  the  anisotropy  of  the  structure  and 
of  the  scat  ter  i^^T^o^  for  example  the  intensity  distribution  in 
meridional  direction  1(0,0,  b3)  does  not  depend  on  the  mean 
square  density  fluctuation  between  crystalline  and  disordered 
regions,  but  it  does  reflect  the  fluctuation  of  the  projected 
electron  density^0); 


(xi,  x2,  X3)  dxx  dx2 


(6) 


It  can  be  shown  that  the  meridional  intensity  I  (b3)  is  proporti¬ 
onal  to  the  convolution  square  of  the  projected  density.  There¬ 
fore  in  general  an  increase  of  I  (b^)  cannot  be  judged  as  an  in¬ 
crease  of  density  difference. 

The  only  quantity  which  yields  the  desired  information  about 

2 

the  mean  square  electron  density  fluctuation^  ap  >  is  proportional 
to  the  integral 

<Ap2>=W0 JJf  J  (blf  b2,  b3)  db-L  db2  db3  (7) 

see  also  eq,  (  j  ) 


In  the  case  of  rotational  symmetric  around  the  fiber  axis 
this  quantity  oan  be  evaluated  by  means  of  a  slit  camera. 
Measuring  the  scattering  curve  in  direction  perpendicular  to 


r 
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the  fiber  axis  (slit  parallel  to  fiber  axis)  one  obtains  the 
intensity  integrated  with  respect  to  t>j  ' 

(br)  =  f J  (br,  b3)  db3  (8) 

According  to  eq.  (7)  the  scattering  power  of  the  sample  can  be 

9*^  Jf/ 

calculated  by  integration  with  respect  to  br: 


at )2>~ 


/ 


Ja£  (br)  br  dbj 


(9) 


For  this  integration  it  is  necessary  to  extrapolate  the 
measured  intensity  J8*  (br)  to  the  angle  20=0.  In  most  cases 
this  can  be  obtained  suscessfully  using  a  Guinier-plot 
/tfyJa l  (br)  va'br  • 

In  this  manner  we  obtained  from  a  drawn  and  annealed  low 
pressure  polyethylene  (Lupolen  6011  L,  drawn  1500  $  at  70°C, 
annealed  1  h  at  125°C  and  quenched)  yielding  the  scattering 
curve  of  fig,  9  a  value  of 


f  An2>  =  6, 6»10”^ 


\  p 

mole  electrons  1 

3 - 


cm 


/ 


which  is  considerably  less  than  the  value  obtained  from  iso¬ 
tropic  meltcrystalliz  a  polyethylene  or  polyethylene  single 
crystals.  Since  the  density  of  the  drawn  polyethylene,  however, 
is  almost  equal  to  the  densities  of  other  types  of  samples, 
the  density  difference  between  crystallites  and  disordered  re¬ 
gions  must  be  lower  than  0,142  g/cm^  generally  used  for  the  va¬ 
lue  of  Ao  in  the  case  of  polyethylene^0 ).  Assuming  that  the 
density  oc  of  the  crystalline  regions  in  drawn  polymers  is 
equal  to  the  ideal  value  calculated  from  x-ray  data,  we  can  use 

eq,  (4)  ft.,'  calculation  of  Ao.  From  p  =  0,973  g/cm^  and  the 
2 

value  of  <■  At)  >  mentioned  above  one  obtains 

A p  =  0,109  g/cm^ 
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On  the  other  hand  Ap  can  be  determined  from  eq.(3)  using 
the  degree  of  crystallinity  measured  by  heat  of  fusion^. 

Thtfn  a  value  of 

An  =  0,130  g/cm^ 

is  obtained.  This  discrepancy  reflects  the  well  known  fact  that 
in  drawn  polymers  the  heat  of  fusion  is  higher  than  it  would  be 
expected  with  regard  to  the  density  of  the  sample.  This  effect 
was  described  firstly  by  Peterlin  and  Meinel^^and  attributed 
to  a  reduction  of  specific  enthalpy  of  the  disordered  regions 
due  to  the  stress  of  the  tie  molecules.  The  discrepancy  between 
the  values  of  Ap  showing  up  from  drawn  polyethylene  on  the  one 
hand  and  from  single  crystals  and  bulk  isotropic  polyethylene 
on  the  other  hand  may  also  reflect  a  better  alignment  of  the 
molecules  in  the  disordered  regions, 

I.iore  insight  into  the  structure  of  these  regions  can  be  gained 
by  studying  the  changes  taking  place  during  annealing  at  higher 
temperatures.  It  is  well  known  that  small  angle  intensity 
scattered  from  drawn  polymers  increase* during  heat  treatment,  For 
example,  Statton^"^  reports  a  fortyfold  increase  of  meridional 
intensity  by  annexing  Nylon  6,6-fibers,  It  should  be  noticed, 
however,  that  the  meridional  intensity  J  (b^)  is  correlated  to 
the  projected  electron  density  pp  according  to  eq.  (6)  and  not 
to  the  electron  density  fluctuation  p  (x^)  along  fiber  axis. 
Nevej^ess  Statton's  conclusions  that  density  difference  Ap 
increases  during  annealing  seems  to  be  correct  as  it  is  shown  for 
the  case  of  polyethylene  in  the  following  considerations. 

The  exact  solution  of  this  problem  requires  the  measuf^ent 
of  the  scattering  powers  of  unannealed  and  annealed  samples.  Un¬ 
fortunately  in  the  case  of  unannealed  samples  the  determination 

A 

of  ^ Af|  /is  complicated  very  often  by  the  existence  of  longitu¬ 
dinal  voids  causing  an  intensive  equatorial  scattering.  This  was 
found  for  the  sample  discussed  above,  yielding  a  value  of 
<AU  >  =  6,6»10  in  the  annealed  state,  see  fig,  10  a,  b.  An 
information  about  the  A  p-value  of  the  unannealed  sample  can  be 
obtained,  however,  by  means  of  iodine  staining  experiments 
discussed  below. 
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By  special  treatment  before  drawing  and  by  drawing  at  higher 
temperatures,  however,  equatorial  scattering  can  be  eliminated 
at  least  up  to  a  Bragg  value  of  360  5.  So  for  example  fig,  10  c 
shows  the  x-ray  pattern  of  an  unannealed  sample  drawn  1000  #  at 
80°C  (Lupolen  6011  L).  Before  drawing,  the  sample  was  molten, 
then  quenched  in  icewater  and  subsequently  drawn  at  once^ 

/'"The  curve  obtained  from  Guinier-plot  could  easily  be  extra¬ 
polated  to  br  =  0.  This  experiment  resulted  in 

(\  2 

mole  electrons  , 

- - -  | 

cm  / 

for  the  unannealed  and 

S*  =  4,52- 10-4  (H'/fMjeL) * 

for  a  sample  annealed  1  h  at  125°C, 

Further  investigations  of  the  dependence  of  the  scattering 
power  of  those  sample/on  annealing  temperature  yielded  the 

p 

result  that  <  At)  >  increases  continously  with  arising  annealing 
temperature  up  to  a  value  of  <An  >  =  5,72*10”^  after  annealing 
at  130°C.  Table  Illshows  the  various  values  obtained  from 
different  temperatures  including  the  density  difference  values 
determined  by  iodine  staining. 

The  experiments  yield  the  remarkable  result  of  a  strong  in¬ 
crease  in  A  p  taking  place  during  annealing.  One  should  take  into 
account,  however,  that  Ap  may  even  be  lower  in  the  case  of  the 
unannealed  sample  than  measured  with  the  aid  of  the  scattering 
power.  The  method  of  extrapolating  the  scattering  intensity  to 

b_  =  0  using  a  Guinier-plot,  includes  the  possibility  of  cal- 

”  2 

culating  an  uncorrectly  hijh  value  of  <Lr\  >  since  the  existence 

of  equatorial  scattering  caused  by  longitudinal  voids  cannot  be 
excluded  for  Bragg  values  greater  than  360  A. 

Evidence  of  still  lower  values  of  Ap  is  obtained  from  the 
results  of  iodine  staining  investigation.  Before  discussing  the 
density  difference  values  determined  by  this  method,  another 
consequenoe  of  our  staining  experiments  should  be  demonstrated. 
Looking  at  two  different  models  of  drawn  polymers  shown  in  fig, 11 
one  states  a  remarkable  difference  with  regard  to  the  fluctuation 
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of  the  projected  electron  density*  In  the  case  of  the  Hess-Kiessig- 
model  characterized  by  chains  passing  through  the  disordered 
regions,  the  projected  electron  density  of  the  latter  ones  is 
higher  than  that  of  the  crystallites.  In  the  case  of  a  model 
assuming  chain  folds  at  the  boundaries  of  the  crystallites, 
however,  the  projected  density  difference  possesses  an  opposite 
sign.  During  selective  staining  by  atoms  of  a  higher  scattering 
power  in  both  cases  the  projected  electron  density  of  the  dis¬ 
ordered  regions  increases.  The  effect  on  meridional  intensity 
will  be  different,  however.  In  the  first  case  a  monotone  increase 
of  intensity  will  be  observed,  whereas  in  the  second  case  firstly 
a  decrease,  followed  by  an  increase,  will  occur.  Prom  fig.  12 
we  definitely  learn  the  behaviour  which  is  expected  from  the 
second  model.  The  intensities  shown  here  were  taken  by  measuring 
the  intensity  distribution  along  b^-direction  by  means  of  a  slit 
camera,  slit  perpendicular  to  fiber  axis.  By  this  method  we 
measure 

Jsl  (*3)  =/j 0>r*  b3)  db3  (10) 


which  is  proportional  to  the  projected  electron  density  difference 
on  the  condition  that  relative  intensity  distribution  along 
br-direction  does  not  change  during  iodine  staining,  as  it  is 
shown  in  fig.  13,  In  our  opinion  this  result  yields  an  additional 
and  definite  proof  that  chain  folding  does  occur  in  drawn  polymers. 
Surely  not  all  chains  are  refolded  on  the  surface  of  the  crystalli¬ 
tes,  since  the  mechanical  strength  of  fibers  requires  some  chains 
passing  through  several  crystallites. 


In  addition  to  these  qualitative  conclusions  the  staining 
experiments  can  be  used  for  determination  of  the  density  of 
disordered  regions.  The  intensity  JB£  (br)  of  an  untreated  sample 
nay  be  written  as 

Ju  =  P-AT,2  =  ‘V  (11) 


if  the  sample  is  assumed  to  consist  of  two  phases  characterized 
by  density  difference  ap.  Under  the  condition  that  the  relative 
intensity  distribution  along  br  remains  constant,  see  fig.  13, 
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and  that  iodine  only  penetrates  the  disordered  regions,  the  in¬ 
tensity  of  an  iodinated  fiber  is  given  by 


Jit  =  F.[nc-(na+1^)]2  »  F-(ari-n^)' 


(12) 


with  electron  density  of  iodine  in  the  disordered  regions. 

As  it  was  shown  by  Marikhin^\  from  eq,  (11)  and  (12)  we  obtain 


(13) 


SZi 

with  (3  and  the  terms  in  the  case;  of  polyethylene  and  iodine, 
resp. , 


From  this  relations  it  is  possible  to  calculate  a p on  the 
basis  of  measuring  the  intensity  of  samples  with  various  iodine 
contents.  The  curves  used  for  this  evaluation  are  shown  in 
fig. 

*For  a  detailed  discussion  of  the  evaluation  procedure  we 
must  refer  to  the  original  paper  The  values  of  Ap  obtained 
by  this  method  are  presented  in  table  III.  There  is  a  good  agree¬ 
ment  between  the  Ao-values  calculated  from  scattering  power  or 
from  iodine  staining  in  the  case  of  annealed  drawn  polyethylene. 
V/e  may  conclude  that  this  method  of  iodine  staining  also  yields 
the  true  valu  of  the  density  difference  in  the  case  of  the 
unannealed  fiber.  We  state  a  fi/efold  increase  in  density 
difference  between  crystalline  and  amorphous  regions  taking 
place  during  annealing. 

In  the  present  state  of  investigations  we  cannot  definitely 
decide  the  question  if  this  increase  of  density  difference  is 
caused  by  chain  refolding  or  by  other  processes.  From  the  results 
of  other  measurements,  as  mechanical  behaviour,  swelling  of  drawn 
fibers,  and  NMR  investigations,  however,  we  think  that  a  good 
explanation  oan  be  given  by  the  model  of  fig.  15^.  The  state  of 
the  unannealed  fiber  is  characterized  by  an  almost  homogeneous 
crystalline  matrix  with  a  periodical  fluctuation  of  defects  in¬ 
volved.  During  annealing  the  defects  are  arranged  in  layers  per¬ 
pendicular  to  fiber  axis.  This  process  results  in  a  decreasing 
density  of  disordered  layers  accompanied  by  an  increasing 
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perfection  of  the  crystallites.  The  activation  energy  of  this 

diffusion  of  defects  may  he  estimated  from  the  temperature 
dependence  of  the  scattering  power.  We  obtained  a  value 

10  hcal/mol«>.  This  value  is  in  rather  food  agreement  with 

the  result  reported  by  Statton  in  the  case  of  Nylon  6,6  , 

although  his  interpretation  is  different  from  ours. 


The  authors  are  indebted  to  the  "Deutsche  Porschungsgemeinschaft" 
xor  financial  support  of  this  work. 


t 


164 


Summary 

In  order  to  obtain  additional  informations  about  the  structure 
of  the  disordered  regions  in  polyethylene  single  orystals  and 
in  drawn  polyethylene  the  density  of  these  regions  was  de¬ 
termined  by  means  of  measurements  of  the  absolute  value  of  the 
scattered  intensity  in  the  small  angle  range  and  by  measuring  the 
intensity  changes  due  to  iodine  staining.  In  the  case  of  single 
crystal  mats  experiments  yielded  the  result  that  the  chain  mo¬ 
lecules  are  not  regularly  folded  at  the  surface  of  the  crystalli¬ 
tes.  The  experimental  data  can  only  be  explained  by  models 
assuming  a  roughly  folded  chain  surfaoe  or  random  re-entry  of 
the  chain  molecules.  A  roughly  folded  chain  surface  model, 
however,  can  be  excluded  since  temperature  dependence  of  small 
angle  intensity  indicates  boundary  melting  taking  plaoe  at 
higher  temperature*  On  the  basis  of  present  knowledge^  this 
effect  can  only  be  explained  by  a  random  re-entry  model. 

Measurements  of  the  scattering  power  of  drawn  polyethylene 
result  in  a  very  low  density  dlfferenoe  between  crystalline 
and  disordered  regions  in  the  case  of  unannealed  fibres.  Com¬ 
paring  the  scattering  power  of  unannealed  and  annealed  drawn 
polyethylene  and  measuring  the  x-ray  small  angle  intensity  of 
iodine  stained  fibres,  a  fivefold  increase  of  density  difference 
results.  In  addition,  from  the  experiments  on  iodine  stained 
drawn  polyethylene  a  definite  proof  of  the  existence  of  chain 
folds  in  polymer  fibres  is  obtained. 
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Figures 


1,  Some  physical  properties  of  semicrystalline  polymers  depending 
on  structure  of  disordered  regions, 

2,  a)  Model  of  stack  of  single  orystals  separated  by  inter¬ 

crystalline  layers  with  density  (  p0  -  Ap) 

b)  Relationship  p  =  pc  -  drAg  between  density  o  and  long 
spacing  L  of  polyethylene  single  orystals  annealed  at 
various  temperatures3 

3,  Scattering  curve  of  an  unoriented  polyethylene  single 
crystal  mat^ 

4,  Models  of  structure  of  surface  layer  of  polyethylene  single 
crystals 

a)  Regulary  folded  chain  surfaoe  including  voids 

b)  Closely  packed  regularly  folded  lamellae.  Electron  density 
fluctuation  is  caused  by  the  increased  number  of  chain  units 
in  the  intercrystalline  regions, 

c)  Roughly  folded  chain  surface  (Hof ftaann^8^ ),  In  densely  packed 
lamellae  systems  the  intercrystalline  layer  may  possess  the 
density  of  amorphous  polyethylene, 

d)  Random  re-entry  model  with  distribution  of  loop  lengthy 
(Flory32)) 


5,  Small  angle  scattering  curves  of  polyethylene  single  orystals 
at  different  temperatures23  ^ 

a)  TJnaimealeaXan2>=  1,20-NT5  ^mole  9lectr»n»'\2 


(! 


cm 


b)  Annealed  20  h  at  125°C,  measured  at  room 
<AT)2>  =  1,09*10”3  /S£il_2l£2tl2S£)2 

V  our  ' 


temperature, 

-3 


c)  Treated  like  b);  measured  at  125°C#  ^An'v  =  2,23*10 
^mole  electrons^2 


f  -l 

(! 


cm' 


.'c;  t  luring  curves  from  polyethylene  single  cr;  atajr:  Measured  at 
dif^rent  temperatures^ ^ 

a)  annealed  4  h  at  125°C 

b)  annealed  4  h  at  130°C 

Maximum  intensity  of  long  period  ref  lection"''  ^ 

o  cured  during  first  cooling  down 

O  ne 'inured  during  second  heating  cycle 

broken  curve  represents  the  calculated  ch  ange:'  >.  ue  to 
'the  different  thermal  expansion  coefficient!:  © .  c  r;  stal  line 
ana  amorphous  phase,  reap.) 

I  Ov  i  Is  proposed  for  explanation  of  '  our  point  di*<-~-  ms 

a)  our  point  diagram  obtained  from  annealed  drawn  poly  ethylene 
piral  fibrils  (Korgair^) 

k)  'ibrils  with  blown  up  amorphous  regions  (  .-n:  rt"  ^ ) 

I! )  siring  model  (Statton^^) 

c)  oblique  crystalline  layers  (3eto-Hara^) ) 

f)  oblique  layers  possessing  refolded  chains 

cat  tering  curves  from  annealed  drawn  polyfthyLne 
(j.u  ,olen  6011  L,  drawn  1500  '/>  at  70°C,  annealed  1  h  at  125°.| 

■  nd  quenched) 

a)  ^3)  dbr  (slit  perpendicular  to  'iber  axis) 

■'  )  Js /0>r>  =/j(Br.  b  3)  db^  (slit  parallel  to  fiber  axis) 

::-ray  small  angle  patterns  of  drawn  polyethylene  (Lupolen  6011  L) 
:  )  Drawn  1500  %  at  70°C,  unannealed 

b)  Drawn  1500  1°  at  70°C,  annealed  1  h  at  125°C 

c)  Drawn  1000  f'  at  80°C,  unannealed 
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11.  Expected  influence  of  Iodine  staining  on  x-ray  small  angle 
meridional  intensity 

a)  Hess -Kies Big-model 

b)  model  assuming  folded  chains 

12.  Relative  intensity  change  vs,  iodine  content  (Lupolen  6011  L) 

13.  Intensity  distribution  along  br-direction  (Lupolen  6011  L, 
drawn  1500  #  at  70°C,  annealed  1  h  at  125°C) 

14.  Relative  intensity  change  vs,  iodine  content  (According  to 
eq.  13) 

15.  Models  of  unannealed  and  annealed  drawn  polyethylene^ 

a)  Unannealed 

b)  Annealed 
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1)  Modulus  of  elasticity ,  tensile  strength 

2)  Viscoelastic  behaviour 

3)  Thermoelastic  behaviour,  shrinkage 

4)  Diffusion,  sorption 

5)  Chemical  reactivity,  e.g.  oxidation 
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REGULAR  CRYSTALLOGRAPHIC  CHAIN-FOLDING  IN  POLYETHYLENE  CRYSTALS 
P.  H.  Lindenmeyer,  Chemstrand,  North  Carolina 

Evar  alnce  the  dlacovery  of  a Ingle  cryatala  of  polyethylene  there 
haa  been  a  continuing  debate  about  tha  nature  and  the  regularity  of  the 
molecular  chain  folding  which  muat  exist  In  theae  cryatala.  Experimental 
evidence  exlata  which  some  of  ua  contend  cannot  be  Interpreted  In  any 
other  way  except  by  a  regular  cryatallographlc  chain-folding.  Likewise 
other  evidence  exists  which  people  have  Interpreted  as  conclusively 
precluding  a  regular  chain  folding  and  requiring  the  existence  of  an 
amorphous  or  disordered  layer  on  the  surface  of  these  crystals.  Obviously 
either  one  or  the  other  of  these  two  groups  of  people  are  In  error  as 
to  their  Interpretation  of  the  data  or  else  there  exists  a  misunderstanding 
or  lack  of  communication  on  the  meaning  of  terms.  Although  I  cannot 
pretend  to  an  unbiased  point  of  view.  It  Is  my  opinion  that  the  differences 
Involved  are  due  to  a  misunderstanding  of  terms  and  definitions  rather 
than  a  basic  misinterpretation  by  either  group.  Specifically  just  what 
are  the  requirements  for  "an  amorphous  or  disordered  overgrowth  layer" 
and  what  Is  required  by  a  "regular  crystallographic  fold  surface"? 

The  evidence  in  favor  of  regular  crystallographic  folding  requires 
a  sufficient  amount  of  such  folding  to  define  the  crystallographic  nature 
of  the  fold  surface  so  as  to  account  for  (a)  the  preferential  cleavage 
(b)  the  pyramidal  or  other  morphological  structures  and  (c)  the  direct 
observation  of  dlalocatlon  networks.  The  evidence  opposed  to  regular  chain 


folding  rests  In  the  contention  that  quantitative  measurements  of  density, 
infrared  absorption  and  enthalpy  are  not  consistent  with  a  regular  folded 
chain  structure.  Likewise  the  Influence  of  annealing  and  solvent  swelling 
on  NMR  mobility  as  well  as  certain  partial  melting  phenomena  are  more 
readily  explained  by  the  presence  of  an  amorphous  layer  rather  than  a 
regular  folded  surface.  The  problem  in  reconciling  these  two  points  of 
view  rests  in  defining  more  exactly  the  nature  of  the  "regular  crystallo¬ 
graphic  fold"  required  to  produce  the  one  set  of  observations  and  the  possible 
nature  of  an  "amorphous  or  disordered  layer"  which  might  explain  the  other 
set  of  observations. 

It  is  my  opinion  that  one  might  conceive  of  a  folded  chain  surface 
which  is  sufficiently  regular  to  have  the  observed  properties  of  preferential 
cleavage,  the  pyramidal  morphology  and  the  dislocation  networks  but  at 
the  same  time  exhibit  sufficient  mobility  and  disorder  to  account  for  the 
observed  density,  infrared  and  enthalpy.  Likewise  the  thermodynamic 
stability  of  such  crystals  must  be  such  as  to  account  for  the  observed  an¬ 
nealing  melting  behavior. 

In  the  remainder  of  this  talk  I  hope  to,  first,  summarize  the  positive 
experimental  evidence  in  favor  of  regular  crystallographic  chain  folding. 
Secondly,  I  will  present  some  theoretical  justification  for  regular 
crystallographic  chain  folding.  And  finally,  I  shall  present  some  attempts 
to  rationalize  the  opposing  views. 

It  is  my  intention  to  try  to  put  regular  crystallographic  chain 
folding  in  what  I  consider  its  proper  prospective,  namely  —  it  is  a 
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metastable  state  which  results  under  certain  crystallization  conditions 
as  a  consequence  of  the  kinetics  of  crystallization.  Since  it  is  at  best 
a  metastable  state,  one  would  expect  deviations  from  a  perfectly  regular 
crystallographic  folded- chains  under  most  conditions. 

Turning  to  the  first  slide  we  see  the  now  familiar  pleats  formed 
by  the  collapse  of  the  hollow  pyramidal  crystals.  The  second  slide  shows 
Professor  Keller's  electron  micrograph  of  pyramidial  crystals  sedimented 
on  glycerine  in  which  he  has  pressured  much  of  the  pyramidal  structure. 
Note  the  definite  impression  of  the  "chair"  structure  in  the  left  hand 
crystal.  Slide  number  three  illustrates  the  preferred  cleavage  of  these 
crystals.  In  slide  four  we  show  Dr.  Holland's  morie'  pattern  with  its 
edge  type  dislocations.  Although  this  particular  moire'  effect  does  not 
require  a  regular  chain  folding,  the  dislocation  network  shown  in  slide 
five  clearly  requires  a  regular  packing  of  regular  crystallographic  folds. 
The  interpretation  of  these  networks  is  established  beyond  any  reasonable 
doubt.  Their  Burgers  vectors  were  established  as  shown  in  slide  six  and 
were  found  to  be  characteristic  of  the  orthorhombic  subcell  of  polyethylene. 
Slide  seven  is  a  sketch  illustrating  the  type  of  packing  wnich  would  be 
expected  to  give  rise  to  dislocations  of  the  type  observed. 

I  think  we  can  safely  say  that  at  least  for  these  particular  crystals 
there  is  conclusive  evidence  that  a  regular  crystallographic  chain  folding 
does  exist.  It  is  true  that  these  crystals  represent  a  single  low  molecular 
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weight  fraction.  It  is  conceivable  that  they  represent  some  unique  state. 
However,  it  would  seem  much  more  reasonable  to  believe  that  regular 
crystallographic  folding  occr  s  in  most  polymer  crystallization  but  only 
in  these  particular  crystals  has  it  reached  the  degree  of  perfection 
necessary  to  exhibit  dislocation  networks.  A  considerable  lesser  degree 
of  regular  chain  folding  is  required  to  produce  the  pyramidal  morphology 
and  presumably  even  less  is  required  to  produce  the  lamella  obtained  in 
melt  crystallization. 

I  should  like  now  to  address  myself  to  the  question  of  "why  do 
polymer  molecules  fold  when  they  crystallize?"  My  answer  to  this  is 
simply  that  a  polymer  molecule  folds  because  it  can  lower  its  free  energy 
by  folding.  Consider  first  an  isolated  polymer  chain  at  sufficiently 
low  temperature  so  that  its  conformation  will  be  determined  by  the  energy. 

In  slide  eight  we  illustrate  how  the  increase  in  energy  required 
to  fold  a  polymer  chain  is  compensated  by  a  decrease  in  energy  due  to 
the  crystallographic  packing  of  the  straight  chain  portions.  If  the  chain 
is  long  enough  the  increase  in  energy  of  the  fold  can  always  be  compensated 
by  the  packing  energy.  Thus  the  lowest  energy  conformation  of  a  single 
isolated  molecule  is  a  regularly  folded  chain.  This  same  principle  can 
be  applied  to  an  isolated  molecule  crystallizing  on  an  infinite  crystal  sub¬ 
strate  as  shown  in  slide  nine.  We  can  now  consider  a  regularly  folded 
chain  crystal  as  a  model  for  a  simple  statistical  mechanical  calculation. 
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Each  folded- chain  is  considered  to  be  a  small  system  with  the  various 
number  of  folds  representing  the  various  energy  levels  available  to  the 
system.  The  number  of  arrangements  of  the  molecule  with  a  given 
energy,  the  degeneracy  of  the  energy  level,  is  simply  the  number  of 
ways  of  arranging  the  R  segments  which  are  not  included  in  the  crystal. 
The  equations  and  the  model  used  are  shown  in  slide  ten.  Using  the 
partition  function  shown  in  equation  three  we  have  calculated  the  free 
energy  as  a  function  of  crystal  thickness  for  a  monodisperse  polymer. 

The  results  .are  shown  in  slide  eleven.  Note  that  although  the  absolute 
minimum  in  free  energy  occurs  at  a  crystal  thickness  equal  to  the  chain 
length,  there  exist  a  whole  series  of  subsidiary  minima  corresponding  to 
various  number  of  folds.  If  we  average  over  a  typical  distribution  we 
obtain  the  results  shown  in  slide  twelve. 

Thus  we  see  that  for  a  fixed  distribution  of  molecular  lengths  the 
folded  chain  crystal  is  the  most  thermodynamically  stable  form.  However, 
the  stability  of  such  a  crystal  is  extremely  sensitive  to  the  lowest  molecule 
length  species  --if  these  can  be  eliminated  the  free  energy  of  the  remain¬ 
ing  crystal  is  reduced.  Thus  there  is  a  thermodynamic  driving  force 
tending  to  eliminate  the  lowest  molecular  length  from  the  crystal  and 
consequently  increase  the  fold  period.  This  is  the  driving  force  that  is 
responsible  for  the  physical  changes  which  occur  during  the  aging  of 
crystalline  polymer. 


188 


One  might  ask  "How  far  does  this  molecular  species  segregation 
proceed?"  My  answer  is  that  it  would  like  to  go  all  the  way.  If  only  a 
single  molecular  length  is  available  in  some  local  area,  then  the  extended- 
chain  crystal  is  the  most  thermodynamically  stable  crystal.  Thus  there  is 
a  thermodynamic  driving  force  toward  complete  fractionation  of  the  mole¬ 
cular  species,  however,  the  extent  to  which  molecular  segregation  occur 
depends  upon  the  kinetics  of  the  crystallization  and  annealing  processes. 

In  my  opinion  the  most  important  barrier  to  our  understanding  of 
the  relationship  between  structure  and  physical  properties  --  which  after 
all  is  the  reason  why  we  are  interested  in  structure  --  lies  in  our  under¬ 
standing  the  thermodynamics  and  kinetics  of  molecular  folding  and  molecular 
species  segregation. 

Finally,  I  would  like  to  speak  briefly  about  some  work  in  our 
laboratories  which  was  reported  briefly  by  Dr.  McMahon  at  the  recent 
physical  society  meeting.  I  want  to  make  clear  that  the  people  responsible 
for  this  work  were  Drs.  McMahon  and  McCullough  and  Mr.  Schlegel.  They 
have  used  a  computor  to  calculate  the  separation  distances  between  atoms 
as  a  function  of  bond  rotation  and  a  Lennard- Jones  type  potential  function 
to  calculate  energy.  They  have  been  attempting  to  find  those  crystallographic 
defects  which  have  low  energies.  Such  defects  include  the  crystallographic 
folds  as  well  as  various  "kinks"  and  "jogs"  which  must  be  involved  in  the 
interior  of  polymer  crystals  if  molecular  motion  is  to  occur. 
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In  constructing  a  crystallographic  fold  by  the  rotation  about  C-  C 
bonds  one  is  faced  with  the  solution  of  two  problems.  The  first  is  strictly 
a  problem  in  geometry.  The  polymer  chain  emerging  from  the  crystal  must 
be  translated  by  a  crystallographic  vector  to  the  point  where  it  re-enters 
the  crystal.  This  is  a  three-dimensional  vector  and  it  provides  three 
geometrical  constants  which  must  be  satisfied.  In  addition  the  chain  must 
reverse  its  direction  and  assume  the  proper  orientation  to  fit  into  the 
crystal.  This  provides  three  more  geometrical  restraints.  Thus,  in  order 
to  solve  the  geometry  of  a  chain  fold  by  bond  rotation  we  must  have  at 
least  six  bonds  which  are  rotated  to  satisfy  the  three  orientational  and 
the  three  translational  restraints  required  to  produce  a  crystallographic 
fold.  The  second  problem  to  be  solved  is  the  requirement  that  the  fold 
be  a  chain  conformation  which  will  minimize  the  energy.  Therefore,  in 
order  to  investigate  crystallographic  fold  structures  we  must  find  those 
combinations  of  seven-bond  rotations  which  satisfy  the  six  geometrical 
constraints  and  which  minimize  the  energy.  The  problem  was  a  formidable 
one  since  the  equations  involved  are  non-linear  in  several  different  ways. 

I  shall  not  trouble  with  details  but  simply  say  that  after  wondering 
around  in  seven-dimensional  space  for  a  year  and  a  half  these  gentlemen 
came  up  with  the  solution  and  have  tabulated  all  the  minima  in  energy 


which  are  less  than  100  Kcal. 
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The  most  interesting  and  surprising  result  of  this  work  was  the 
discovery  that  for  these  seven  bond  folds  there  exists  exactly  one  diagonal 
fold  (i.  e.  in  the  (110)  plane)  and  one  b-axis  fold  (in  the  (100)  plane) 
which  were  at  least  4  Kcal  lower  in  energy  than  all  other  minima.  These 
two  crystallographic  folds  are  shown  in  Slides  13  and  14  along  with 
tabulated  values  of  the  seven  bond  rotations.  Note  that  the  diagonal  fold 
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involves  a  crystallographic  translation  of  [fciii]  whereat  the  b  axis  fold 
involves  a  [0  1  0]  vector.  This  is  in  agreement  with  the  morphological 
studies  which  concluded  that  the  diagonal  fold  must  have  a  slope  in  the 
direction  of  the  fold  whereas  the  b  axis  fold  does  not. 

At  this  point  I  must  say  something  about  the  actual  constants  used 
in  the  potential  function.  It  seems  that  everyone  who  works  in  this  field 
has  their  own  favorite  potential  function  and  their  own  reasons  for  pre¬ 
ferring  their  function  over  all  others.  I -shall  not  attempt  to  go  into 
the  various  arguments  here  except  to  say  that  the  potential  function  we 
have  used  J,s  perhaps  the  "hardest"  or  "steepest"  function  which  can  be 
justified.  All  other  proposed  functions  would  be  somewhat  less  discriminating 
in  the  structures  they  would  allow.  If  we  take  the  minima  predicted  by 
our  potential  function  and  calculate  their  energies  using  much  "softer" 
potential  functions  as  suggested  by  others  we  find  that  the  number  of 
solutions  within  5  Real  of  the  lowest  energy  structure  are  indeed  Increased 
buc  not  greatly.  For  example,  attributing  70%  of  the  energy  to  an  intrinsic 
bond  potential  Increases  the  number  of  structures  within  5  Real  of  the 
lowest  structure  from  2  to  12.  Using  90%  Intrinsic  bond  potential  which 
is  certainly  near  the  opposite  extreme  raises  the  number  from  2  to  31. 

Thus  regardless  of  the  choice  of  potential  function  it  is  clear  that  entropy 
cannot  play  a  large  role  in  determining  the  structure  of  the  seven  bond 
crystallographic  fold. 

Unfortunately  the  search  for  the  crystallographic  fold  is  not  yet 
ended.  The  minimum  energy  calculated  for  these  seven  bond  folds  turns  out 


to  be  14.5  Real  for  the  diagonal  fold  and  12.5  for  the  b-axla  fold.  (Thla 
can  be  reduced  to  11  and  9.7  for  a  aoftar  potential  function).  However, 
these  results  are  still  substantially  higher  than  current  estimates  of 
the  end  surface  energy  by  kinetic  and  thermodynamic  methods.  Three 
possibilities  for  reducing  or  accounting  for  these  high  energies  exist: 

(1)  the  Inter-molecular  energy  of  packing  these  folds  might  result  In  a 
negative  contribution  to  the  surface  energy,  (2)  the  addition  of  more 
rotating  bonds  into  the  fold  might  result  in  a  structure  with  lower  energy 
and  finally,  (3)  it  may  be  that  the  comparison  of  these  calculated  energies 
should  not  'be  made  with  other  estimates  of  surface  energy  since  no  allowance 
Is  made  here  for  Interactions  with  a  liquid  which  is  always  present  In 
practice. 

Some  progress  has  been  made  In  checking  the  first  two  of  these 
possibilities  Inter-molecular  energies  have  been  calculated  for  the  packing 
of  some  of  these  seven-bond  folds  Into  the  proper  crystallographic  planes 
[(312)  for  the  diagonal  folds  and  (302)  for  the  b-nxis  fold].  The  calculations 
made  thus  far  have  not  yielded  any  negative  contributions  —  In  fact  they 
have  all  yielded  exceptionally  high  positive  energies.  Thus  it  would  appear 
that  the  seven-bond  crystallographic  folds  not  only  have  a  somewhat  higher 
fold  energy  than  we  would  like  but  they  also  do  not  pack  efficiently  into 
the  crystallographic  planes  required  by  experimental  observations. 

We  have  extended  these  calculations  to  eight  and  nine  rotating  bonds 
by  observing  perturbations  in  the  vicinity  of  known  seven-bond  solutions. 
Although  we  have  not  yet  completely  Investigated  all  the  nine  bond  structures 


it  la  apparent  that  thaaa  aolutlona  dlffar  from  tha  seven-bond  structurea 
by  relatively  minor  rotations  of  the  additional  bonds.  Nevertheless,  these 
minor  rotations  do  permit  somewhat  lower  fold  energies  and  they  do  result 
in  a  substantial  lowering  of  the  barriers  between  the  low  energy  fold 
structures.  Thus  nine-bond  folds  have  lower  energies  and  permit  a  greater 
possibility  of  motion  between  fold  structures.  Note  that  one  would  not 
expect  a  continued  decrease  in  energy  by  the  addition  of  more  and  more 
rotating  bonds.  A  compromise  must  be  reached  between  minimizing  the  intra¬ 
molecular  fold  energy  and  increasing  the  bulk  of  the  fold  so  that  it  inter¬ 
feres  with  the  inter-molecular  energy  of  packing  the  fold  into  crystallo¬ 
graphic  planes.  We  are  hopeful  that  it  will  be  possible  to  arrive  at  a 
fold  structure  or  a  limited  manifold  of  such  structures  which  will  minimize 
the  sum  of  the  intra  and  inter  molecular  energies. 

Two  important  points  can  be  made  here  concerning  this  work.  (1)  Regular 
crystallographic  molecular  folds  are  possible  with  a  minimum  of  seven 
rotating  bonds.  However,  they  have  relatively  high  energies  and  do  not 
pack  efficiently  into  the  required  crystallographic  planes.  (2)  To  obtain 
a  crystallographic  fold  which  has  a  low  energy  and  which  can  pack  efficiently 
it  now  appears  necessary  to  allow  more  bonds  to  take  part  in  the  fold. 

This  work  certainly  appears  to  be  moving  in  the  direction  of  reconciling 
the  differences  between  the  experimental  evidence  which  would  require  a 
regular  crystallographic  fold  surface  and  that  which  appears  to  preclude 
such  a  surface.  If  the  regular  crystallographic  fold  surface  turns  out  to 
require  as  many  as  eight  or  nine  or  even  more  methylene  groups  in  order  to 
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pack  efficiently  then  the  quantitative  argument*  would  have  to  be  re¬ 
assessed. 

In  conclusion,  I  think  we  can  say  that  there  exists  both  experimental 
evidence  and  theoretical  justification  for  regult~  crystallographic  folding 
in  polymer  crystallization.  Closely  associated  with  molecular  folding 
is  the  segregation  of  molecular  species.  An  understanding  of  the  kinetics 
and  thermodynamics  of  molecular  folding  and  molecular  species  segregation 
is  almost  within  our  grasp  and  ought  to  go  a  long  way  toward  providing  an 
understanding  of  the  relationship  between  structure  and  physical  properties. 
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Abstract 

The  flotation  method  of  density  determination  for 
solution  grown,  crystals  of  polyethylene  is  shown  to  be 
a  reliable  method  if  sufficient  care  is  taken  in  pre¬ 
paring  the  crystals  for  density  measurement.  With 
varying  crystallization  temperature  and  molecular  weight 

-3 

the  measured  density  varied  between  0.983  and  0.997  g  cm 
The  density  is  shown  to  vary  with  surface  structure  as 
well  as  lamellar  thickness.  The  heat  of  fusion  of  solution 
grown  crystals  is  proportional  to  specific  volume  as  long 
as  the  fold  length  stays  constant.  Different  fold  length 
crystals  show  different  specific  volume  -  heat  of  fusion 
relationships . 


1.  Introduction 


The  measurements  of  density  and  heat  of  fusion  have 
been  the  simplest  and  most  convenient  methods  for  charac¬ 
terizing  the  crystallinity  in  melt  crystallized  polymers. 
Folded  chain  crystals  grown  from  solution  in  contrast  have 
proven  to  yield  conflicting  data  when  standard  methods  of 

density  determination  were  used.  Many  different  values  have 
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been  reported  in  the  literature.  One  group  of  authors 
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found  densities  in  the  region  of  0.97  g  cm  by  a  flotation 
method.  These  values  are  considerably  lower  than  the  ideal 
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crystallographic  subcell  density  of  1.00  g  cm  and  require 
an  "amorphous  content"  of  about  20Z.  On  the  other  hand, 

Kawai  and  Keller  obtained  a  value  close  to  the  ideal 

crystallographic  density  using  the  pyknometer  method. 

Martin  and  Passaglia^  finally  determined  the  density  of  poly¬ 
ethylene  single  crystals  from  solution  also  using  the  pyk¬ 
nometer  method  and  obtained  a  density  value  of  about 
0.98  g  cm”  .  In  addition,  Kawai  and  coworkers  recently 
determined  the  density  of  solution  grown  polyethylene  single 
crystals  crystallized  at  various  conditions  using  the 

pyknometer  method  and  obtained  densities  between  0.99  and 
_3 

1.00  g  cm  which  are  still  higher  than  the  values  of  the 
other  authors.  Table  1  shows  a  summary  of  measured  values 
of  density  of  solution  grown  polyethylene  single  crystals. 

The  present  work  was  undertaken  :o  find  out  more  about  the 
density  of  solution  grown  polyethylene  crystals  and  to 
reestablish  density  determinations  as  a  valuable  tool  in 


structure  determination.  In  addition  heats  of  fusion 
and  melting  characteristics  were  measured  to  elucidate 

questions  of  crystal  perfection. 


Experimental  Section 

A.  Materials 

Molecular  weight  fractions  of  linear  polyethylene 

9 

were  prepared  by  column  fractionation.  (Sholex-6009 , 

polyethylene  manufactured  by  Japan  Olefin  Chem.  Co., 

similar  to  Marlex-50).  The  viscosity  average  molecular 

weight  of  these  fractions  ranged  from  8,400  to  280,000. 

Other  samples  were:  linear  polyethylene  of  the  Mar lex-50type 

with  an  approximate  viscosity  average  molecular  weight  of 

60,000,  polymethylene  with  an  estimated  molecular  weight 

of  10^,  and  n-C  H  paraffin.  The  paraffin  was  obtained 
36  74 

from  Humphrey  Wilkinson  Co.  and  was  made  by  coupling  of  pure 
alkyl  halides. 

B.  Crystallization 

Two  methods  were  used  for  the  crystallization  of 
polyethylene  from  solution.  In  one  method  polyethylene  was 
dissolved  in  p-xylene  under  nitrogen,  the  hot  solution  was 
then  transferred  to  the  crystallization  vessel  which  was  kept 
at  the  chosen  temperature  and  contained  outgassed  p-xylene. 
Thu  final  solution  had  a  concentration  of  0.1%  polymer 
by  weight.  The  solution  was  kept  for  48  hours  under  nitrogen 
at  the  given  temperature  for  crystallization.  The  resulting 
crystal  aggregates  were  collected  at  the  same  temperature 
on  a  glass  filter  .  To  align  the  crystal  lamellae  as  much 
as  possible  the  filtering  was  slowed  down  to  take  about 
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5  ho ur 8  for  200  cm  of  suspension.  The  crystal  mat 
obtained  was  removed  from  the  glass  filter  and  then  dried 
In  vacuum  at  60°C.  The  dried  mat  was  used  for  density 
measurement  In  a  density  gradient  column, for  determination 
of  heat  of  fusion  in  a  scanning  calorimeter, and  for  the 
determination  of  lamellar  thickness  by  small  angle  X-ray 
diffraction. 

The  other  method  of  crystallization  was  used  for 
sample  preparation  for  the  density  measurement  of  single 
crystal  aggregates  in  suspension.  The  solution  of  poly¬ 
ethylene  in  p-xylene  of  0.1%  concentration  was  in  this  case 
prepared  under  nitrogen  and  the  hot  solution  was  then  cooled 
to  the  given  crystallization  temperature.  After  this  solution 
was  kept  for  seven  days  at  the  crystallization  temperature, 
the  crystal  aggregates  were  removed  for  density  determination 
in  suspension. 

C.  Density  Measurements 

Different  methods  were  used  for  the  density  measurement 
of  polyethylene  crystals  differently  collected.  A  density 
gradient  column  was  used  for  the  density  measurement  of  the 
dry  mats.  A  modified  flotation  method  was  used  for  the 
density  measurement  of  crystal  aggregates  in  suspension. 

All  measurements  were  carried  out  at  23°C  . 

(a)  Density  gradient  column  method:  The  liquid  for  the 
density  gradient  column  was  a  mixture  of  monochlorobenzene 
and  toluene.  The  pieces  of  the  dry  mat  and  a  mixed  liquid 
having  a  density  close  to  that  of  the  crystals  were  evacuated 


for  5-10  houra  In  a  suitably  shaped  glass  tube.  The 
pieces  of  the  dry  mat  were  then  Immersed  In  the  liquid 
mixture  under  vacuum.  After  further  pumping  for  3-4  hours 
to  minimize  the  air  bubbles  from  the  dry  mat,  the  wet 
crystal  oat  pieces  were  transferred  to  the  density  gradient 
column.  The  density  values  obtained  from  any  one  sample 

.3 

showed  only  little  variation  la  density  (from  +  0.0001 g  cm 

.3 

to  +  0.003  g  cm  for  different  samplos). 

(b)  Flotation  method:  A  mixture  of  monochlorobenzene  and 
toluene  with  Its  density  close  to  that  of  the  suspended 
crystals  was  prepared  In  a  glass  tube.  This  mixture  was 
evacuated  to  eliminate  all  dissolved  air.  The  polymer  crys¬ 
tals  were  then  transferred  from  the  crystallization  flask 
which  was  still  at  the  crystallization  temperature.  The 
crystals  were  lifted  gently  with  the  help  of  a  wire  mesh  net 
from  the  crystallization  flask  and  then  immediately  Immersed 
into  the  liquid  mixture.  Thus  wet  crystal  aggregates  were 
transferred  to  a  liquid  mixture  for  density  measurement 
with  a  minimum  of  disturbance.  The  liquid  mixture  with  the 
crystal  aggregates  was  stirred  carefully  and  again  set 
under  vacuum  to  eliminate  air  bubbles.  Monochlorobenzene 
or  toluene  was  added  to  the  mixture  to  adjust  the  density 
to  make  the  crystal  aggregates  flost.  This  procedure  was 
repeated  for  7  to  30  days  until  the  densities  were  matched. 
The  density  of  the  liquid  mixture  was  finally  determined 
by  Mohr-Wes tphal  balance.  Any  crystal  aggregates  which 
adhered  to  the  wall  of  the  glass  tube  were  eliminated. 

When  the  density  of  the  crystal  aggregates  and  liquid  mixture 
was  nearly  matched,  most  of  the  crystal  aggregates  floated 


between  the  top  and  the  bottom  of  the  liquid  mixture. 

Always  a  few  crystals,  however,  rose  to  the  top  and  a  few 
sank  to  the  bottom.  This  moans  that  the  crystals  have 
a  distribution  of  densities  and  an  appropriate  average  had 
to  be  chosen.  We  tried  to  determine  the  width  of  the 
distribution  of  the  density  of  crystal  aggregates  in 
suspension,  but  failed.  The  estimated  width  of  the  density 
distribution  is  0.01  to  0.02  g  cm”"*.  This  density  dis¬ 
tribution  is  somewhat  dependent  on  the  absolute  value  of  the 
density  of  the  crystal  aggregates  and  is  significantly 
broader  than  that  measured  in  repeated  determinations  on 
the  dry  mat. 

D.  Heats  of  Fusion 

The  heats  of  fusion  were  determined  with  a  Perkin-Elmer 
Differential  Scanning  Calorimeter.^  Sample  weights 
were  3-6  mg  determined  to  one  percent  accuracy  on  a  Cahn 
electrobalance.  The  scanning  rate  was  5°C  min~^.  Calibra¬ 
tion  of  the  power  input  into  the  sample  was  performed  by 
measurements  of  the  heat  of  fusion  of  indium,  anthracene, 
urea,  and  benzoic  acid.  The  literature  values  of  the  heat 
of  fusion  of  these  substances  are  respectively  6.80,  38*7, 
57.8,  and  35.2  cal  g  The  calibrations  were  re¬ 

peated  sufficiently  often  to  allow  an  estimate  of  the 
precision.  The  standard  deviation  of  a  single  measurement 

of  all  calibrations  was  +  1%.  The  average  value  of  the  con- 
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version  factor  area  measured  to  heat  was  13. 64  meal  cm 
Areas  of  the  power-tine  recordings  were  evaluated  by  plani¬ 
metry.  The  sensitivity  chosen  was  4x  (about  4  meal  min  ^)  . 


The  reproducibility  of  heats  of  fusion  obtained  was  found 
to  be  better  than  two  percent  in  most  cases.  Difficulties 
in  drawing  the  base  line  existed  because  of  considerable 
reorganization  during  heating  causing  a  broad  melting  peak. 
These  difficulties  were  minimized  by  determination  of  the 
start  of  melting  on  large  amounts  of  substance  and  drawing 
the  baseline  in  accordance  with  the  thus  predetermined 
melting  range.  The  typical  melting  range  as  determined  in 
this  way  by  the  first  deviation  from  pure  specific  heat 

recording  stretched  from  100  to  135°C.  All  actual  areas 
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measured  varied  between  13  cm  and  23  cm  .  No  correction  ' 

based  on  the  surface  enthalpy  of  lamella  of  the  crystals  is 

included  in  the  values  reported. 

Results 

A)  Paraffins 

To  have  a  check  on  the  methods  of  density  measurement, 
we  determined  first  the  density  of  single  crystal  aggregates 
of  n-Cj^H^.  The  crystals  were  grown  from  methyl  acetate 
solution  at  43.3*0  within  two  days.  The  single  crystals  as 
observed  by  Interference  microscopy  were  multilayer  crystals 
with  an  average  size  of  50p.  First  the  density  was  measured 
in  a  gradient  column  made  of  a  mixture  of  ethyl  alcohol  and 
water.  The  single  crystal  aggregates  were  transferred 
directly  to  the  density  gradient  using  a  wire  mesh  net. 

In  this  way  the  crystals  never  dried  out.  The  obtained  value 
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of  density  was  0.950  g  cm  ,  a  value  lower  than  the  crystal¬ 
lographic  density.  Next,  the  density  was  measured  by  the 
flotation  method  as  described  above  starting  with  a  mixture 


of  ethyl  alcohol  and  water  of  density  0.950  g  cm 

Most  of  the  paraffin  single  crystal  aggregates  showed 
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a  density  of  0.960  g  cm  but  a  few  aggregates  showed 
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a  density  of  0.965  g  cm  .  The  density  0,960  g  cm 

corresponds  to  the  known  crystallographic  density  of  the 

13 

orthorhomoic  form  and  the  density  0.965  corresponds  to 

14 

the  crystallographic  density  of  the  monoclinic  form. 
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The  weight  of  the  crystals  of  density  0.965  g  cm  was  too 

small  for  X-ray  diffraction  analysis.  Overall  the  dis- 
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tribution  of  density  was  narrow  (+  0.002  g  cm  )  and  the 

agreement  of  the  calculated  data  from  X-ray  diffraction 

with  flotation  method  was  good.  In  contrast  the  values 

obtained  by  the  density  gradient  method  were  significantly 

less  than  the  crystallographic  density.  This  lower  density 

might  be  due  to  remaining  air  bubbles  on  the  surface  of  the 

single  crystal  aggregates  and/or  to  the  trapped  solvent 

between  the  lamellae  of  the  crystals.  Also  the  density  of 

single  crystal  mats  was  determined  by  the  density  gradient 
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column  method.  The  result  was  0.942  g  cm  ,  even  lower 
than  the  density  of  the  single  crystals  in  suspension  in  the 
density  gradient  column.  This  added  density  defect  is  probably 
caused  by  the  voids  in  single  crystal  mats  produced  during 
the  filtering  operation. 

These  preliminary  experiments  show  that  the  density 
measurement  of  single  crystal  aggregates  in  suspension  by 
the  flotation  method  can  give  correct  answers  for  small 
lamellar  crystals,  while  the  density  gradient  column  seems 
to  yield  too  low  values. 


Table  2  shows  the  density  and  low  angle  spacing 
of  polyethylene  crystals  grown  from  solution  at  various 
crystallization  temperatures  and  solvents.  In  Fig.  1, 
the  filled  circles  mark  the  average  densities  of  poly¬ 
ethylene  crystal  aggregates  grown  from  p-xylene  solution 
at  different  crystallization  temperatures  for  a  molecular 
weight  fraction  of  42,000.  The  open  circles  represent  the 
density  of  dry  mats  of  Identically  crystallized  polyethylene 
measured  In  a  density  gradient  column.  Both  sets  of  data 
show  that  the  density  Increases  with  increasing  crystal¬ 
lization  temperature.  The  density  values  of  single  crystal 
aggregates  measured  in  suspension  are,  however,  significantly 
higher  Chan  the  density  value  obtained  from  the  filtered  dry 
mats.  The  difference  is  bigger  at  the  lower  crystallization 
temperatures.  Figure  2  shows  a  plot  of  the  density  of  poly¬ 
ethylene  single  crystal  aggregates  crystallized  from  p-xylene 
at  84.5°C  as  a  function  of  molecular  weight.  Filled  circles 
again  show  the  density  of  crystals  in  suspension  and  open 
circles  show  the  density  of  dry  mats.  The  density  decreases 
with  Increasing  molecular  weight.  Also  shown  in  Fig.  2,  are 
a  filled  triangle  and  an  open  triangle  which  respectively 
show  the  density  of  crystal  aggregates  in  suspension  and 
dry  mats  of  unfractionated  Marlex  50.  The  filled  square  and 
the  open  square  show  the  density  of  single  crystal  aggregates 
in  suspension  and  dry  mats  of  polymethylene,  respectively. 

To  solve  the  question  whether  high  density  crystals 
also  have  a  high  enthalpy  of  fusion,  the  heat  of  fusion  of 
solution-grown  polyethylene  and  n-C^H^  single  crystals 
was  measured  with  the  differential  scanning  calorimeter 
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In  Fig,  3  an  Fig,  4,  some  of  the  observed  melting  curves 

are  shown.  Figure  5  is  a  plot  of  the  measured  heat  of 

fusion  of  solution-grown  polyethylene  crystals  and  n-C^H^ 

crystals  as  a  function  of  the  specific  volume  at  23#C. 

Curves  1  and  2  are  the  results  on  polyethylene  crystals 

obtained  by  us,  curve  4  shows  the  heats  of  fusion  of  the 

paraffins,  curve  3  reproduces  uncorrected  data  of  the  heat 

of  fusion  of  solution  grown  polyethylene  crystals  by 

Fis  che  r  ,  ^  ^  and  Hendus  and  Illers.^  The  heats  cf  fusion 

of  n-C^^H^Q  and  n”^25^52  sin8^e  crystals  were  adopted 

from  that  of  the  orthorhombic  form  reported  in  the  literature. 
18*20 

The  heat  of  fusion  of  n"Cioo*1202  was  ca*culated 

21 

using  the  equation  given  by  Flory,  modified  to  fit  the 

extrapolated  value  (AH  ■  980  cal  r.ol  Qf  heat  of  fusion 
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of  specific  volume  1.000  cm  g  : 

AHn  -  980  -  ACpAT  -(2150/n) 

AHn  is  the  enthalpy  of  fusion  per  CH2  group  of  the  paraffin 
of  chain  length  n,  AT  is  the  difference  between  the  equi¬ 
librium  melting  temperature  of  an  extended  chain  polymer 

29 

crystal  of  infinite  molecular  weight  (about  142°C)  and  the 

melting  point  of  the  n-paraffin  homolog  of  chain  length 

n,  AC  finally  is  the  difference  between  the  heat  capacity 
P 

23 

of  extended  chain  crystals  of  polyethylene  and  the  heat 

24 

capacity  of  amorphous  polyethylene.  The  densities  of 

n-C19H40»  n_C25H52  and  n”C100H202  W6re  calculated  from 
crystallographic  data  of  the  orthorhombic  unit  cell  in  the 
20 

literature  and  for  the  density  of  n-C^H^  the  measured 
density  for  the  orthorhombic  unit  cell  was  used.  The  open 
square  shows  the  heat  of  fusion  of  unfractionatud  Marlex  50 
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crystallized  under  high  pressure.  The  extrapolation  of 
plot  2  to  a  specific  volume  of  1.000,  which  is  the  ideal 
crystallographic  subcell  specific  volume  of  polyethylene, 
yields  a  heat  of  fusion  of  about  65  cal  g  *  while  the  extra¬ 
polations  of  curves  1,  3,  and  4,  to  a  specific  volume  of 
1.000  cm"*  g  ^  yield  about  70  cal  g”*. 

Discussion 

A.  Flotation  Densities 

Plrst  we  shall  discuss  the  reliability  of  the  flotation 
method  as  a  method  of  density  measurement  of  small  crystal 
aggregates  in  suspension.  In  one  set  of  measurements 
we  compared  the  density  obtained  by  the  flotation  method 
directly  with  that  obtained  by  the  density  gradient  column 
method  on  the  identical  crystals.  When  the  densities  of 
the  crystal  aggregates  and  the  flotation  liquid  were  nearly 
matched  and  the  aggregates  floated  between  the  top  and  the 
bottom  of  the  liquid  mixture,  some  of  the  floating  crystal 
aggregates  were  carefully  transferred  to  a  density  gradient 
column  of  the  same  liquid  pair  using  a  pipette.  The  density 
obtained  in  the  density  gradient  column  was  often  the  same  as 
in  the  flotation  method,  but  occasionally  somewhat  lower  than 
that  obtained  by  the  flotation  method.  We  ascribe  this  in¬ 
consistency  in  results  to  the  degree  of  care  taken  in  transfer 
of  the  crystal.  It  is  extremely  difficult  to  accomplish  the 
transfer  without  picking  up  air.  In  the  case  of  dry  mats, 
we  obtained  always  nearly  the  same  density  by  both  methods. 

The  transfer  in  this  case  is  much  easier  because  of  the  more 


compact  nature  of  the  crystals.  Although  the  density  gradient 
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column  method  is  subject  to  some  error  due  to  the  inter- 
facial  free  energy  gradient  present  in  the  column/  we  have 
shown  here  that  this  error  Is  negligible  for  the  toluene- 
monochlorobenzene  liquid  pair.  A  similar  conclusion  was 
reached  by  Fischer  for  the  propyl  alcohol-dioxane  liquid 
pair.^'^  It  is  noteworthy,  however,  that  unless  sufficient 
care  is  taken  in  preparing  the  sample,  the  density  gradient 
method  may  give  considerably  lower  density  values  in  the  case 
of  solution  grown  polyethylene  crystal  aggregates  in  suspens¬ 
ion.  In  the  case  of  poor  preparation  of  sample  for  density 
measurement,  for  example  by  direct  transfer  of  crystal  aggre¬ 
gates  without  intermediate  elimination  of  air  by  evacuation 
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we  observed  as  much  as  0.025  g  cm  lower  densities  for  the 
same  materials.  This  lower  density  is  probably  due  to  air 
bubbles  added  to  the  surface  of  the  single  crystal  aggregates 
and  trapped  solvent  between  lamellae  of  crystals.  The  trapped 
solvent  caused  the  density  of  polyethylene  crystals  from 
p-xylene  to  increase  gradually  slightly  with  time  until  after 
one  to  two  days  a  constant  value  was  approached,  while  the 
density  of  polyethylene  crystals  from  tetrachloroe thyle:ie 
decreased  slightly  rapidly  with  time  so  that  a  constant  value 
was  approached  after  about  three  hours. 

The  difference  between  the  density  of  crystal  aggregate 
in  suspension  and  that  of  dry  mats  as  shown  in  Fig.  1  and 
Fig.  2  is  of  great  importance.  This  difference  seems  to  be 
due  to  the  voids  in  the  dry  mat.  We  reached  this  conclusion 
because  of  the  following  facts:  a)  The  density  of  a  dry  mat 
which  was  diied  very  well  shows  a  slightly  lower  density 
than  that  dried  poorly.  b)  The  difference  between  density 


values  of  crystal  aggregates  In  suspension  and  as  dry 

mats  decreases  with  Increasing  crystallisation  temperature. 

c)  The  collapsed  crystal  aggregates  contain  voids  visible 

by  microscopy.  These  voids  are  Initially  filled  with 

solvent  but  cannot  be  refilled  when  the  solvent  was  once 

removed  by  drying.  The  dry  mats  of  crystals  grown  at  higher 

crystallisation  temperature  have  less  voids  because  of  the 

more  regular  structure  of  the  crystals  and  because  of  the 

higher  temperature  used  for  filtration.  Figure  6  is  an 

interference  micrograph  of  a  collapsed  polyethylene  growth 

spiral  covered  on  both  sides  with  a  vacuum  deposit  of 
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silver.  Several  areas  of  Irregular  collapse  can  be  seen. 

Similar  growth  spirals  observed  by  double  beam  interferometry 

27 

with  transmitted  light  show  none  of  these  voide  since  the 
reference  beam  Is  carried  through  air  and  eliminates  thus 
any  phase  difference  lack  due  to  voids.  It  may  be  possible 
to  Improve  this  method  by  using  instead  of  the  weak  gravi¬ 
tational  force  the  centrifugal  force  of  a  centrifuge. 

This  should  increase  the  sensitivity  to  a  change  in  density. 
Lower  density  values  might  still  be  obtained,  however, 
unless  similar  care  as  described  above  is  taken  in  sample 
preparation .  ® 

Another  inevitable  problem  in  density  determination  of 
small  crystals  by  flotation  method  is  the  selective  adsorption 
of  one  of  the  measuring  liquids.  We  checked,  therefore,  the 
effect  of  the  selective  adsorption  on  the  density  of  crystals. 
The  results  are  shown  in  Table  3.  The  effect  is  easily  meas¬ 
urable,  but  much  smaller  than  the  effect  of  poor  sample 
preparation.  The  density  is  affected  only  in  the  third 
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doclmal.  In  the  case  of  n-butyl  benzoate  only  a  single 
liquid  which  has  the  danslcy  of  1.000  at  2 6 * C  was  usad 
in  che  flotation  method.  Tha  temperature  at  which  the 
crystals  float  between  the  top  and  the  bottom  of  tha  single 
liquid  was  measured  and  than  the  density  at  23*C  was 
calculated  using  thermal  expansion  coefficients.  The  repro- 
duclblllty  of  this  method  was  not  as  good  and  the  density 
obtained  by  this  method  may  have  some  uncertainty. 

Tha  last  problem  to  be  discussed  is  the  increase  in 
density  caused  by  oxidation  during  the  preparation  of  poly¬ 
ethylene  fractions  and  during  crystallization  from  solution. 
According  to  Hendus  and  Illers^  a  small  00  content  in 
polyethylene  may  significantly  affect  the  density  and  the 
heat  of  fusion  of  polyethylene  crystals.  We  checked  the  00 
content  of  our  crystals  by  determination  of  I  R  absorption 
at  1720  cm~*.  The  OO  content  found  was  below  0.1Z.  The 
effect  of  OO  content  in  our  crystals  on  the  density  and  heat 
of  fusion  should  therefore  be  small. 

In  summary  it  has  been  shown  that  the  flotation  method 
can  give  reliable  data  if  adsorbed  air  is  eliminated  by 
careful  sample  preparation.  Remaining  systematic  errors 
are  solvent  adsorption  and  possible  oxidation.  In  our  case 
(monochlorobenzene-toluene)  both  of  these  factors  could  give 
slightly  too  high  densities.  We  estimate  this  error  to  be 
less  than  0.5Z. 

B.  Effect  of  Crystallization  Conditions  and  Molecular 
Weight  on  Density . 

Figure  1  shows  that  the  density  . *  crystals  of  poly¬ 
ethylene  of  molecular  weight  42,000  grown  from  p-xylene 
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Increases  with  Increasing  crystallisation  temperature. 

This  Increase  In  density  may  be  caused  by  two  effects, 
the  decrease  in  the  amount  of  (001)  surface  area  in  a  crystal 
due  to  the  Increase  of  lamella  thickness,  and  the  change  In 
the  structure  of  the  (001)  surfece  with  increasing  crystal¬ 
lization  temperature,  since  the  sub-cell  unit  density  does 
not  vary  significantly.  The  change  of  morphology  of  crystals 

grown  from  xylene  or  tetralln  at  various  temperatures  can  be 
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seen  by  interference  microscopy  and  by  electron  microscopy.  * 

29 

At  high  crystallization  temperature  single  crystals 
are  formed,  while  at  low  crystallization  temperature  dendrites 
grow.  In  accord  with  this  change  in  morphology  the  melting 
curves  as  determined  by  the  differential  scanning  calorimeter 
change  as  can  be  seen  from  Fig.  3.  The  melting  curves  of 
crystals  grown  from  xylene  solution  at  higher  temperature 
show  two  peaks  while  the  melting  curves  of  crystals  from 
xylene  grown  at  lower  temperature  show  only  the  higher  tempera¬ 
ture  peak.  The  Interpretation  can  be  made  in  conjunction 

with  previous  detailed  analyses  of  time  dependent  melting  In 
30  31 

our  laboratory.  ’  The  dendrites  grown  at  lower  tem¬ 

perature  are  less  stable  thermodynamically,  but  can  recrystal- 
llze  faster  into  crystals  of  larger  fold  length  than  the 
single  crystals  grown  at  higher  temperature  which  are  somewhat 
more  stable,  but  less  mobile.  The  single  peak  at  higher 
temperature  Indicates  thus  only  the  melting  of  reorganized 
crystals  and  the  double  peaks  show  melting  of  crystals  with 
less  reorganization  besides  a  portion  which  has  reorganized 
more.  Figure  2  shows  that  the  density  of  crystals  grown 
at  84.5'C  from  p-xylene  decreases  with  Increasing  molecular 
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weight.  The  morphology  of  crystal*  grown  frost  xylene 

28  29 

change*  also  somewhat  with  Increasing  molecular  weight.  * 

It  Is  easy  to  form  orthorhombic  single  crystals  from  poly¬ 
ethylene  fractions  of  lower  molecular  weight,  while  dendrite 
or  complicated  crystal  are  obtained  from  polyethylene  of 

high  molecular  weight.  The  fold  length,  however,  Is  largely 

29 

independent  on  molecular  weight,  so  that  the  low  density 
in  crystals  of  high  molecular  weight  polyethylene  must  be 
mainly  due  to  a  change  In  surface  structure  and  a  possible 
presence  of  tie  molecules.  The  effect  of  the  molecular  weight 
Is  also  shown  In  the  melting  curves  of  polyethylene  crystals 
grown  at  84.5*C  from  p-xylene  in  Fig.  4.  The  melting  curves 
of  lower  molecular  weight  crystals  show  two  peaks,  while  the 
melting  curves  of  crystals  of  polyethylene  of  higher  molecular 
weight  show  only  one  peak  at  the  higher  temperature.  This 
Indicates  again  that  the  crystals  of  high  molecular  weight 
of  less  perfect  crystal  structure  can  rscrystallixe  faster 
Into  lamellae  of  larger  thickness  than  those  of  low  molecular 
weight  which  have  a  more  perfect  crystal  structure. 

In  summary  the  density  of  crystal  aggregates  In  suspen- 
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slon  was  found  to  vary  between  0.983  and  0.997  g  cm  accord¬ 
ing  to  the  conditions  of  crystallisation  and  the  molecular 
weight  of  the  sample.  Most  of  these  values  are  significantly 

higher  than  the  values  obtained  by  authors  other  than  Kaval 
5  8 

and  Keller.  *  Crystals  grown  from  solution  at  lower  tempera¬ 
ture  show  lower  densities.  Crystals  of  higher  molecular 
weight  and  unfractionated  polyethylene  grown  from  solution 

also  show  lower  density.  This  result  is  consistent  with  the 

7 

data  by  Martin  and  Passaglla,  but  Is  not  conslftemt  with  the 
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result  of  Kawal  and  Keller.  '  It  la  noteworthy, 

that  we  found  In  all  cases  a  few  crystals  having  a  density 

of  neerly  one  Included  In  the  single  crystal  aggregates. 

The  densities  meesured  on  the  dried  nets  are  generslly 

lover  and  are  similar  to  data  obtained  by  Fischer.****^ 

C.  Heats  of  Fusion. 

In  Fig.  5,  we  can  see  the  effect  of  crystallisation 
temperature  end  molecular  weight  on  the  heat  of  fusion  of 
polyethylene.  The  polnto  plotted  In  curve  1  show  the  heat 
of  fusion  of  crystals  of  polyethylene  having  the  seme  molec¬ 
ular  weight,  but  different  lemellar  thickness  because  of 
various  crystallisation  temperatures.  The  Increase  in  heat 
of  fusion  with  Increasing  crystallisation  temperature  must 
in  this  case  mainly  be  due  to  the  decrease  of  the  -’.mount 
of  lamellar  (001)  surface  area  due  to  the  Increase  In  fold 

length.  The  measured  heat  of  fusion  of  the  almost  extended 

25 

chain  polyethylene  falls  nearly  on  the  same  curve.  The 
points  plotted  in  curve  2  show  the  heats  of  fusion  of 
crystals  of  polyethylene  having  various  molecular  weights 
but  Identical  lamellar  thickness  because  of  identical  crys¬ 
tallisation  temperature.  The  heats  of  fusion  plotted  In 
curve  2  Increase  with  decreasing  molecular  weight.  This 
must  be  due  to  the  formation  of  more  compact  crystals  with 
more  regular  surfaces  with  decreasing  molecular  weight. 

The  difference  between  the  extrapolated  heat  of  fusion 

3  -1 

of  curve  1  and  2  to  specific  volume  of  1.000  cm  g  is  about 
5  cal  g”*.  This  difference  Is  a  measure  of  the  decrease  in 
heat  of  fusion  on  folding  if  the  folded  region  of  lamellae 
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has  a  specific  volume  of  1.000  cm  g  .  Our  heats  of 
fusion  agree  with  the  heat  of  fusion  obtained  by  Flachar 
and  Hendus  and  Ulers^  on  similar  solution  grown  crystals. 

The  discrepancy  between  our  curves  1  and  2,  and  curve  3  is 
due  to  the  discrepancy  between  our  density  data  and  their 
density  data.^’^  Curve  4  shows  the  heats  of  fusion  of 
n-parafflns.  The  heat  of  fusion  Increases  with  increasing 
carbon  number  and  approaches  the  value  for  the  heat  of  fusion 
of  extended  c.ialn  crystals  of  polyethylene  of  high  molecular 
weight.  The  difference  of  this  curve  to  a  similar  one  shown 
by  Hendus  and  Illers^  is  due  to  our  use  of  crystallographic 
specific  volume  of  paraffins. 

In  summary  the  heat  of  fusion  measurements  support 
the  conclusions  drawn  from  the  density  measurements: 

Both  (OOl)-surf ace  structure  and  surface  area  must  be  con¬ 
sidered  as  major  factors  in  interpretation  of  crystals 
grown  from  solution.  Each  series  of  polyethylene  crystals 
of  constant  fold  length  has  a  different  heat  of  fusion-spe¬ 
cific  volume  relation  displaced  from  the  curve  for  melt 
crystallized  polyethylene  to  lower  heats  of  fusion. 
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Figure  1.  Tha  effect  of  crystallisation  ttopinturt  on 

the  danalty  of  polyethylene  crystals  of  the  earns 
molecular  weight  (42,000)  grown  fron  p-xylene 
at  varloue  tanperaturaa .  Filled  clrclaa  re- 
praaant  neaeureneate  of  eryatal  auapanalon  by 
the  flotation  nathod.  Opan  clrclaa  ara  tha  a ana 
cryatala  naaaurad  In  the  daaalty  gradient  colunn 
after  filtration  to  a  dry  nat. 

Figure  2.  Tha  affect  of  nolecular  weight  on  tha  danalty 

of  polyethylene  cryatala  grown  from  p-xylene  at 
84.5*C.  Meaning  of  clrclaa  aa  In  Fig.  1.  Trlanglee 
rapraaant  unf ractlonatad  Marlex  SO,  aquaraa  re- 
preaant  polyethylene. 

Figure  3.  Melting  curvea  for  polyethylene  cryatala  grown 

at  70*C,  84.3*C,  and  89.1*C  of  the  ease  molecular 
weight  (42.000)  (heating  rate  5*C  min  * 
normalised  to  equal  welghta,  not  corrected  for 
Inatrument  lag). 

Figure  4.  Melting  curvea  for  polyethylene  cryatala  of 

MV  8,400.  42,000  and  280,000  cryetalllsed  at 
84.5*C  (heating  rate,  5*C  min”*,  normalised  to 
equal  welghta,  not  corrected  for  inatrument  lag). 

Figure  5.  Plot  of  the  measured  valuea  of  the  heat  of  fusion 
of  polyethylene  crystals,  from  solution  and 
n-parafflns  as  a  function  of  the  specific  volume 
at  23*C . 

Curve  ltPolyethylene  crystals  of  earns  molecular  weight 

(42,000)  grown  from  p-xylene  at  various  tempera¬ 
tures;  from  bottom  to  top,  60*C,  70*C,  84.5*C 
and  89.1*C. 

Curve  2 {Polyethylene  crystals  of  various  molecular  weight 
grown  from  p-xylene  at  84.3*C;  from  bottom  to 
top,  MW  60,000  (broad  distribution),  280,000, 

10*  polyethylene,  140,000,  42,000  and  8,400. 


Curve  3 

Curve  4 
Figure  6 


:  Data  on  polyethylene  cryatal  grown  from  aolutlon 
obtained  by  Fischer , 15 * 16and  Hendus  and  Illera.17 

n-paraf f In  crystals  of  orthorhombic  form. 

•  A  top  and  bottom  slivered  polyethylene  growth 
aplral  viewed  with  transmitted  light.  The 
Illumination  Is  from  an  unflltered  mercury 
lamp.  The  long  side  of  the  photograph  corresponds 
to  0.19mm.  The  contrast  Is  caused  by  Inter¬ 
ference  at  the  top  and  bottom  silver  layer. ^ 


Table  1 


Density  of  Polyathyl«na  Slagle  Crystals 
froo  SolutloB 


Mathod : 

Author 

Danalty 

SUSPBN8I0M t 

A.  Centrifuge  Flotation 

Flachar  (1963) 

0.96*0.97 

Flory  (1961) 

0.970*0.9 

B.  Flotation 

Wundsrllch  (1961) 

0.965 

D*Y  MAT: 

C.  Danalty  Gradlant  Tuba 

Flachar  (1963) 

0.96*0.97 

(1966) 

0.96*0.91 

D.  Flotation 

Wundarlleh  (1961) 

0.965 

PYRNOMBTER  METHOD: 

Flachar  (1963) 

0.96*0.97 

Ravel , Roller  (1963 

1.00 

Martin,  Fasaaglla 

(1966)  0.98 

Ravel  at  al  (1966) 

0.99*1. 
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Table  2 

Density  of  Polyethylene  Crystals* 

~  3  . 

from  Solution  ir.  g  cn  J  at  23*C 


Solvent 


used 

T 

<l> 

Density  Gradient 

Flotation  Method 

Tube 

(°C) 

(A) 

(Dry  Mat) 

(Suspension) 

89.1 

151.7 

0.993 

0.995 

i-xy  lene 

86.0 

140.1 

0.985 

84. 5 

'  - 

0.984 

0.994 

78.1 

117.6 

0.980 

- 

70.0 

- 

0.976 

0.992 

60.0 

- 

0.974 

0.987 

decalln 

83.9 

121 

0.981 

0.997 

75.4 

839 

0.976 

- 

106.5 

181 

0.990 

0.992 

n-hexa- 

decane 

95.9 

143 

0.985 

- 

*  Molecular  weigh4'  fraction  42,000. 


& 
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Table  J 

Effects  of  Selective  Adsorption  of  a  Solvsnt 
In  Determination  of  Density 


Solvents  used 

Density  me 

Carbon  Tetrachloride 

+  Toluene 

0.998 

Mono chlorobenzene 

+  Toluene 

0.997 

Butyl  Benzoate 

0.993 

Ethyl  Alcohol 
+  Water 


0.990 


MW  =  42  000 


Temperature  (°C) 


MW  s  8  400 


Temperature  (°C) 
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SOME^AVENUES  IN  POLYMER  SINGLE  CRYSTAL  STUDIES 

by 

A.  Keller 

H.H.  Wills  Physics  Laboratory,  University  of  Bristol. 

It  will  be  clear  from  the  foregoing  lectures  that  we  are  faced 
with'diametrally  opposed  views  as  regards  the  surface  structure  of 
chain  folded  single  crystals,  each  of  which  is  based  on  apparently 
sound  evidence.  On  the  one  hand  we  need  to  envisage  disordered 
amorphous  material  on  the  fold  surface,  on  the  other  the  fold 
surface  should  possess  crystallographic  regularity.  The  compromise 
solution  which  suggests  itself  is  that  there  is  regular  folding 
but  this  may  be  superposed  by  disorder  due  to  loose  hairs  and 
loops  of  varying  lengths  such  as  sketched  tentatively  in  Fig.  1. 

Indeed  such  disorder  types  could  readily  be  envisaged  as  a  consequence 
of  chain  folded  crystal  growth  under  ideal  conditions.  The  amount 
and  type  of  this  disorder  is  expected  to  be  variable  dependant  on 
molecular  weight  and  crystallisation  conditions. 

It  follows  that  if  we  are  to  resolve  the  existing  conflict  we 
have  to  make  sure  that  our  crystals  are  well  characterised  and 
particularly  that  the  same  samples  are  used  for  the  different 
investigations  on  which  the  conflicting  experimental  findings  are 
based.  In  particular,  electron  microscopic  evidence  relies  on 
individual  crystal  layers  which  are  seldom  representative  of  the 
macroscopic  sample  obtained  by  isolating  the  crystalline  precipitate 
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in  Che  usual  single  crystal  suspensions.  The  need  arises  therefore  of 
obtaining  crystal  preparations  where  the  representative  crystal 
elements  can  be  identified  by  simple  sampling.  A  new  method  which 
emerged  recently  as  a  result  of  collaboration  between  our  own 
laboratory  and  Dr.  Kovacs  in  Strasbourg,  France  is  a  definitive  step 
in  this  direction.  ^  It  will  be  outlined  briefly  in  case  of 
polyethylene  although  it  is  applicable  also  to  other  polymers. 

A  new  Method  of  £cm  t_r  oj.  le  d_c  ry  at  a  l_gr  ow  i  n  g 

The  usual  polyethylene  crystals  dissolve  at  97°C  in  xylene  as 
judged  by  visual  clearing  and  by  precision  dilatometry.  Nevertheless, 
the  rete  of  subsequent  crystallisation  was  found  to  depend  on  the 
dissolution  temperature  (T#)  up  to  about  106°C  beyond  which  further 
raising  of  the  temperature  had  no  longer  any  effect.  Within  this 
dissolution  range  the  number  of  crystals  which  formed  on  subsequent 
crystallisation  decreased  vith  increasing  T#.  The  resulting  crystals 
were  all  of  uniform  size  indicating  thtt  they  grew  from  pre-existing 
nuclei  which  themselves  must  consist  of  the  polymer  as  they  are 
removed  irreversibly  by  appropriately  raising  T  The  crystals  were 
much  smaller,  hence  their  number  much  larger  (by  2-4  magnitudes)  than 
those  which  are  obtained  when  the  dissolution  temperature  is  high 
enough  for  the  previous  crystallisation  memory  to  be  lost.  This  has 
the  consequence  that  the  crystals  have  lass  chance  to  develop  by  the 
usual  sheaving  and  overgrowth  processes  and  conseauently  will  be  of 
simpler  types.  In  fact  for  z  low  enough  T^  range  (97  -  104 °C)  the 


crystals  formed  subsequently  were  practically  exclusively  monolayers, 
even  from  concentrations  where  collection  of  macroscopic  quantities 
becomes  practicable  (up  to  0.2  -  0.5Z  although  the  crystals  become 
gradually  more  complicated  as  the  concentration  is  raised).  Thus  we 
have  a  method  for  growing  crystals  of  uniform  size  where  a  randomly 
selected  individual  is  representative  of  the  total,  and  where  in 
addition  the  crystals  are  essentially  simple  mono  layers.  The  last 
feature  ensures  that  any  disorder,  if  present,  is  restricted  to  the 
fold  surface  and  the  problem  is  not  complicated  by  the  presence  of 
material  associated  with  multilayers  such  as  tie  molecules,  material 
trapped  between  layers  etc. 

The  number  of  crystals,  hence  their  size  could  be  varied 

systematically;  higher  T  gives  larger  crystals  (Fig.  2).  When  in 

8 

control  of  all  the  variables  (see  below)  monolayer  crystals  can  in 

fact  be  grown  'to  order',  all  having  the  same  habit,  thickness  and  size 

(2) 

(the  latter  within  5Z) .  This  point  gives  ground  for  some  reflection. 
Polymer  crystals  may  well  be  complicated  and  contain  disorder. 
Nevertheless,  it  is  possible  to  control  their  growth  and  habit  to  an 
extent  hardly  realizable  amongst  the  simplest  organic  and  inorganic 
substances . 

Direjct_exmination_0|f  £r^s_taj.  surfaces 

Direct  visual  observations  have  often  been  decisive  in  the  field 
of  polymer  crystals.  One  may  therefore  look  for  methods  for  exploring 
the  surface  topograph  directly.  A  very  sensitive  method,  the  so 


called  decoration  technique,  due  to  G.A.  Baaaett  haa  been  in  use  for 
some  time  in  the  field  of  inorganic  crystals.  It  relies  on  the  vacuum 
deposition  of  a  mobile  metal  (usually  gold)  on  the  surface  in  quantities 
insufficient  to  coat  the  surface  uniformly.  The  metal  atoms  will  form 
small  grains  by  mean*  of  the  usual  nucleation  processes  as  a  result  of 
which  the  crystal  surface  will  appear  dotted.  In  places  which  favour 
nucleation  the  dot  density  will  be  higher.  Such  are  re-entrant  edges 
which  will  appear  as  densely  dotted  lines  on  a  more  lightly  and 
randomly  dotted  background.  In  this  way  atomic  steps  could  be  shown 
up  in  alkali  halides. 

The  decoration  technique  is  now  being  applied  to  polymer  crystals 
(3)  (4)  .  prov£(je»  information  of  two  kinds:  i)  on  edges  and  steps 
ii)  on  the  texture  of  uniform  surfaces. 

i^_Edges_and_8te££  As  in  alkali  halides  edges  and  steps  could  be 

(3) 

decorated  also  in  polymer  crystals  (Fig.  3).  Steps  in  single 
layers  were  produced  deliberately  by  changing  the  crystallisation 
temperature  during  growth.  Known  step  heights  down  to  8A  could  be 
identified  and  steps  even  smaller  than  this  (but  not  assessed  precisely) 
could  be  shown  up  by  decoration.  The  distinctness  of  straight  steps 
commensurable  with  the  unit  cell  dimension  suggests  an  ordered  surface. 

The  amount  of  disorder  compatible  with  the  observed  distinctness  and 
straightness  of  the  steps  would,  however,  require  quantitive  assessment. 

The  steps  and  edges  are  manifest  as  denuded,  decoration  free  zones 
of  50  -  100 A  width  (Fig.  3),  at  the  edges  at  any  rate  the  zones  being 


on  the  upper  side  of  the  step.  This  is  e  general  and  unique  feature 

(3) 

of  polymers;  in  other  substances  including  paraffins  the  steps 
are  shown  up  by  a  single  dotted  line  only.  The  effect  indicates  a 
difference  in  texture  within  these  zones,  which  gives  rise  to  higher 
metal  mobility  there.  The  molecular  origin  of  this  texture  difference 
which  must  reside  in  the  macrotnolecular  nature  of  the  crystal  is  now 
being  investigated. 

jli^  _Tex£ure_of  uniform  surfaces  As  seen  in  Fig.  3  the  overall  density 

is  lower  on  the  polymer  crystal  than  on  the  surrounding  carbon  substrate 

which  in  itself  makes  the  crystal  appear  as  distinct.  This  is  the 

consequence  of  the  chemically  different  nature  of  the  surfaces  (the 

polymer  is  essentially  a  hydrogen  surface)  .  Of  greater  significance 

is  the  fact  that  the  decoration  density  can  vary  within  the  same  crystal 

layer.  With  the  aid  of  uniform  monolayer  crystal  preparations  it  could 

be  established  that  the  decoration  was  representatively  coarser  in 

the  crystal  interior.  The  extent  of  the  difference  in  decoration 

density,  however,  was  small  and  was  variable  from  sample  to  sample. 

A  more  definitive  effect  was  obtained  by  flooding  the  previously 

(5  4) 

decorated  crystal  with,  say  xylene  '  .  This  greatly  enhanced 

the  coarseness  of  the  decoration  pattern  in  the  interior,  while 
leaving  the  finer  pattern  along  the  exterior  rim  unaltered  (Fig.  3) . 

This  in  itself  shows  that  a)  even  within  a  given  monolayer  the  surfaces 
can  be  of  different  kinds,  variation  occuring  during  growth,  b)  portions 
of  the  surface  are  mobilizable  by  swilling  agents.  As  the  mobilization 
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would  not  be  expected  with  the  crystal  proper  it  must  be  associated 
with  amorphous  material. 

The  origin  of  the  mobilizable  material  is  being  investigated. 

It  is  seen  from  Fig.  3  that  the  change  in  texture  type  need  not  be 
associated  with  the  growth  step.  Conditions  responsible  for  the 
mobilizable  surface  are  rather  intricate.  It  appears  that  it  is 
favoured  both  by  long  molecules  and  high  concentration  (The  fact 
that  it  occurs  in  the  crystal  interior  is  a  reflection  of  this: 
the  longer  molecules  are  expected  to  deposit  first  from  a  solution 
where  the  concentration  is  comparatively  higher)  .  This  trend 
is  at  least  in  accord  with  the  picture  in  Fig  1.  As  already  stated, 
the  defect  structure  there  is  more  likely  when  the  molecules  are 
longer  and  the  solution  is  more  concentrated. 

The  difference  in  decoration  density  and  the  associated  mobilization 
effects  cannot  be  interpreted  quantitatively  at  present.  Nevertheless 
the  effect  should  serve  to  divide  crystals  into  mobilizable  and 
non-mob ilizable  categories  as  a  preliminary  characterization  prior  to 
other  measurements.  If  grown  by  self  seeding  ^  a  single  sampling  can 
characterize  the  whole  preparation.  It  would  remain  to  be  seen  how 
other  properties  invoked  in  favour  of  order  or  disorder  respond  to 
such  a  classification. 

It  is  instructive  to  point  out  that  crystals  such  as  in  Fig.  2 
which  is  well  characterized  as  regards  thickness,  habit  and  size,  and  is 
essentially  &  monolayer  is  in  itself  not  uniform  as  regards  the  fold 
surface.  Even  when  such  a  crystal  is  representative  of  the  whole 
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preparation,  a  property  measured  on  an  aggregate  of  such  crystals  would  still 
only  represent  an  average  given  by  the  two  kinds  of  fold  surfaces.  Even 
if  the  effects  this  averaging  would  have  on  the  macroscopic  properties 
is  unknown  at  present,  it  is  worth  reflecting  on  the  subtle  distinctions 
which  may  have  to  be  invoked  in  the  characterization  of  a  crystal  before 
far  reaching  generalizations  can  safely  be  made  from  macroscopic 
measurements  on  collected  aggregates. 

Molecular  _w£ight  di£tri_buti£n_of^  selectively  degraded  crystals_ 
floint  con tr i b ut i on_tri t h  I_.M._Ward) 

When  polyethylene  single  crystals  are  subjected  to  the  oxidising 

effect  of  fuming  nitric  acid  then  after  long  enough  treatment  the  folds 

are  cut  and  the  fold  surface  is  removed  in  some  appreciable  depthf^’  ^ ^ 

Peterlin  and  Meinel  ^  inferred  this  from  the  length  of  the  remaining 

molecular  fragments  as  assessed  viscometrically,  and  ourselves  arrived 

at  this  conclusion  from  the  fact  that  the  residual  segments  crystallized 

as  paraffins  do  with  unalterable  long  period  ^ .  However,  more  and 

possibly  decisive  information  should  be  obtainable  from  the  changes  in 

the  molecular  weight  distribution  in  the  course  of  degradation. 

(9) 

Preliminary  results  have  already  been  reported  and  more 
detailed  work  is  in  progress  The  approach  is  based  on  the 

comparatively  new  technique  of  gel  permeation  chromatography  (G.P.C) 
enabling  the  rapid  characterization  of  the  whole  molecular  weight 
spectrum  on  a  small  amount  of  material.  On  testing  polyethylene  in 
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progressive  stages  of  degradation  with  nitric  acid  it  was  found  that  the 
molecular  weight  did  not  decrease  uniformly  but  through  the  development  of 
discrete  peaks  at  the  low  molecular  weight  end  (between  4000  and  1000)  as 
shown  by  Fig. 4.  The  peak  positions  changed  only  little  during  degradation 
but  relative  peak  heights  varied  largely.  The  peaks  at  the  lower  molecular 
weight  end  became  more  pronounced,  and  finally  only  one  peak  that  corresponding 
to  the  lowest  molecular  weight  remained  (Fig. 4b)  .  Tfcis  final  peak 
corresponds  to  a  paraffin  of  a  length  which  is  also  in  good  agreement  with 
the  corresponding  long  period  obtained  on  the  fully  degraded  material 
This  was  to  be  expected.  The  discreteness  and  multiplicity  of  the  peaks 
in  the  intermediate  stages,  however,  was  novel. 

The  existence  of  peaks  must  mean  that  there  are  different  chain 
traverse  lengths  through  the  crystals  which  remain  uncut.  In  view  of 
the  fact  that  the  crystals  are  lamellar  and  that  in  the  case  of  Fig. 4 
in  particular  they  were  all  monolayers,  as  obtained  by  the  self  seeding 
technique  ^  these  characteristic  lengths  must  be  accommodated  within 
the  same  layer.  As  the  last  peak  corresponds  to  the  original  layer  thickness 
(slightly  reduced  ^  owing  to  the  removal  of  some  fold  surface  material) 
the  others  to  chain  lengths  which  are  longer  than  this  by  about  a  factor 
of  two  or  more,  it  follows  that  the  molecules  must  be  folded.  This 
conclusion  may  not  appear  surprising  from  what  we  know  by  now  through 
gradual  accumulation  of  evidence.  It  is  worth  recalling  nevertheless, 
phat  the  existence  of  multiple  peaks  from  monolayer  preparations  is  the 
only  direct  molecular  evidence,  hence  perhaps  the  most  intrinsic  support 
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for  chain  folding. 

It  follows,  that  the  three  peaks  detected  so  far  ought  to 
correspond  to  single,  double  and  triple  traverses  of  the  chains.  The 
fact  that  they  are  discrete,  implies  that  the  fold  structure  cannot  be 
random.  In  addition  the  position  of  the  peak  maxima  should  tell  us  whether 
the  folds  present  in  largest  number  are  loose  or  sharp,  and  permit  an 
assessment  of  the  amount  of  looseness  involved  if  any.  Namely,  if  the 
amount  of  material  within  the  fold  is  negligible  compared  to  that  forming 
the  stems  (sharp  fold)  the  molecular  weights  associated  with  the  peaks  should 
be  close  to  1:  2:  3.  Deviations  from  these  integer  values  should  give  a 
measure  of  the  average  looseness  involved.  The  width  of  the  peak  on  the 
other  hand  should  relate  to  the  uniformity  of  the  folds.  The  analysis 
is  complicated  by  two  factors:  calibration  of  the  chromatograph,  as  no 
standard  in  the  corresponding  molecular  weight  range  of  the  same  chemical 
composition  is  available,  and  secondly  by  the  problems  of  instrumental 
broadenings  and  separation  of  peaks.  Nevertheless  work  in  progress  shows 
much  promise  .  Reporting  of  results  will  be  deferred  to  the 
publication  specifically  devoted  to  the  subject.  At  this  stage 
merely  the  following  will  be  stated. 

With  the  aid  of  a  special  calibration  procedure  it  is 

now  being  found  that  the  ratio  of  the  peak  positions  of  the  two  lowest 
peaks  is  1:  2  within  5Z.  According  to  the  foregoings  this  requires 
tight  folds.  The  peaks  have  appreciable  width  (fractional  standard  deviation 
0.1  -  0.18)  which  could  permit  a  certain  amount  of  additional  fold 
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looseness.  However,  in  view  of  the  verioua  uncertainties  no  value  can 

be  uniquely  aaaigned  to  this  looaeneaa  at  the  moment.  In  addition  the 

molecular  weight  corresponding  to  the  different  peaka  reflect  the 

original  fold  length,  i.e.  crystals  which  possess  longer  fold  lengths 

initially,  yield  peaks  which  are  at  a  higher  molecular  weight  than  those 

corresponding  to  crystals  with  shorter  folds.  Finally,  discrete  multiple 

peaks  appear  also  in  nitric  acid  digested  bulk  samples  both  random  and 

oriented  (c  axis  fibre  type)  indicating  distinctness  and  regularity 

of  the  molecular  traverse  lengths  within  the  crystals  which  in  analogy 

with  deductions  from  solution  grown  crystals  would  be  a  reflection  of 
(12) 

chain  folding 

To  conclude  with, we  now  possess  means  of  exploring  the  texture 
of  crystalline  polymers  on  the  level  of  molecular  detail.  This  coupled 
with  improved  control  over  the  growing  of  crystals  and  over  their 
characterisation  should  in  the  foreseeable  future  contribute  to  the 
resolution  of  the  present  conflict  and  largely  enhance  our  existing 
knowledge  and  understanding. 
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Fig.  2.  Electron  micrographs  of  monolayer  polyethylene  crystals  grown 
at  80°C  from  0.1%  solution  by  means  of  the  self^eding 
technique  for  two  dissolution  temperatures,  Tg 


Fig.  3.  Electron  micrograph  of  a  polyethylene  crystal  portion.  The 
crystal  was  grown  by  self  seeding,  with  a  deliberate  chang 
in  temperature  during  gxowth.  The  crystal  was  d«c°ra?ed  with 
gold,  and  subsequently  flooded  with  xylene  r^e^ing  mobilisation 
of  the  fold  surface  in  the  crystal  interior.  ,  f 

(The  finely  decorated  portion  on  the  left  is  due  to  the  e  ge 

another  overlapping  crystal. 
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Fig.  4 


Fig.,  4a 


Fig.  4b 


Superposition  of  results  from  gsl  permeation  experiments  on  nitric 
acid  degraded  monolayer  crystals.  The  detected  refractive  index 
difference  is  plotted  as  a  function  of  elution  volume  for  crystals 
after  various  times  of  treatment  (larger  elution  volume  corresponds 
to  lower  molecular  weight;  the  number  are  measures  of  the  elution 
volume,  a)  treatment  times  up  to  36  hours.  b)  treatment  times 
50  -  126  hours.  Based  on  the  work  in  ref.  9. 
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1 .  Introduction 

The  nature  of  fold  surfaces  in  polymer  crystals  is  still  a 
controversial  topic,  views  varying  through  the  entire  spectrum  from 
order  to  complete  disorder.  Many  of  the  observations,  such  as  density 
measurements  underlying  these  views  are  not  only  somewhat  indirect 
but  use  crystal  aggregates.  However,  the  most  direct  methods,  those 
of  microscopy  of  individual  crystals  have  always  favoured  regular 
folding,  a  conclusion  which  is  supported  by  study  of  moire*  patterns. 

2.  Observations  and  Interpretation 

2.1,  Material 

Moir£  patterns  observed  in  the  electron  microscope  have  been 

compared  and  contrasted  for  three  polymers,  polyethylene  (PE), 

polyoxymethylene  (POM)  and  isotactic  poly(4-methylpentene-1)  (P^tMP). 

The  bilayer  crystals  necessary  for  moire  work  were  all  grown  by 

crystallization  of  supersaturated  dilute  solutions.  MMW  polymer 

was  used  for  P*4MP  and  POM,  1  but  to  obtain  (001)  fold  surfaces  in 

PE  and  hence  more  extensive  moires  of  strong  hkO  reflexions,  LMW 
2 

polymer  was  taken. 

2.2.  Moire  Patterns 

Dark  field  electron  microscopy  of  two  overlying  lamellae  having 
a  slight  relative  rotation  about  their  common  normal,  the  £g  axis 


reveals,  ideally,  line  fringes  perpendicular  to  the  selected  diffracting 
planes.  However,  the  detail  of  these  fringes  depends  upon  the  nature 
of  contact  in  the  common  interface.  Undeformed  crystals  give  cos^  fringes 
whose  location  varies  if  the  phase  of  the  pattern  is  altered  e.g.  by 
slight  tilting  of  the  crystals.  This  is  appropriate  to  fig. 1(a); 
corresponding  double  diffraction  moires  are  seen  in  fig. 2(a), 

Mutual  deformation  of  lamellae  is  sketched  in  fig. 1(b),  indicating 
a  relaxation  of  molecular  positions  so  that  matching  occurs  over  wide 
areas  separated  by  narrow  regions,  dislocations,  in  which  the  relative 
twist  is  concentrated.  Moire/  fringes,  which  may,  as  in  the  present  cases, 
also  involve  double  diffraction  are  necessarily  confined  to  the  deformed 

regions,  which  they  thus  image.  Fig. 2(b)  is  a  deformation  moire  of  this 
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type  (first  identified  as  such  by  Holland  and  Lindenmeyer)  in  which 
the  character  is  evident  from  the  reversal  of  fringe  contrast  in  regions 
where  the  crystal  is  accidentally  tilted.  Strictly  this  criterion  is 
necessary  to  assign  deformation  character  to  a  moire,  however,  it  is 
usually  much  simpler  to  do  so  on  the  basis  of  the  associated  secondary 
criteria  of  narrow  dark  fringe  profile  (at  normal  beam  incidence)  and 
especially  the  characteristic  fringe  kinking,  as  is  appropriate  for 
dislocations  in  a  network.  Deformation  moires  identified  in  this  way 
have  provided  the  experimental  basis  of  this  work. 

2.3.  Fold-Surface  Lattices 

The  importance  of  deformation  moires  is  that  the  dislocations  imaged 
in  them  are  dislocations  of  the  fold  surfaces  (not  of  the  subcell) 
representing  the  interval  between  successive  matching  positions  of  two 


surfaces.  By  considering  the  observed  translations  in  terms  of  possible 
surface  models  it  is  possible  to  draw  conclusions  concerning  fold  geometry 

and  packing. 


2. 3. 1 .  F  olyethylene 

The  fold  surface  lattice  of  PE  has  base  vectors  (a00)„  and  (0b0)_ 

These  are  compatible  either  with  an  ordered  surface  of  types  RGI  or  RGI^ 
(fig. 3)  or  with  mixed  stacking  and  adjacent  re-entry  provided  that  folds  in 
the  two  possible  subcell  positions  have  sufficiently  different  geometries. 
Other  ordered  structures  and  all  disordered  surfaces  (i.e.  including  non- 
ad  jacent  re-entry)  are  excluded.  For  both  the  two  possible  alternatives, 
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folds  must  have  rather  restricted  geometries  and  in  that  sense  be  regular. 

2.3.2.  Polyoxymethylen  j 

The  fold  lattice  of  POM  has  base  vectors  equal  to  those  of  the  subcell 

n 

in  c$  projection  i.e.  <I1.0)S.  All  ordered  structures  would  involve 

greater  dimensions.  The  surface  structure  is  most  probably  one  with  mixed 
stacking  and  adjacent  re-entry. 

2.3.3.  Poly(4-methylpentene-1) 

Few  deformation  moires  are  observed  in  P^MP,  although  the 

proportion  of  crystals  showing  indications  of  fringe  kinking  and  narrowing 

increases  after  heating.  All  observations  are  consistent  with  the  likely 

situation  of  a  network  of  ft/ 2  (110  )  dislocations  in  which  case  the 

s 

implications  for  folding  would  be  as  for  PE.  However,  the  evidence  is 
much  weaker  than  for  PE  and  POM  so  that  the  situation  remains  rather  open. 


2,4,  Edge  Dislocations 


Deformation  moires  indicate  that  good  surface  packing  can  be 

achieved  at  the  expense  of  deforming  lamellae.  This  principle  may 

well  explain  the  curious  paradox  revealed  by  earlier  work  on  dislocations 

(probably  in  edge  orientation)  indicated  by  terminating  moire  fringes. 

In  as-grown  POM  and  P4MP  crystals  such  dislocations  conform  to 

1  8 

predictions  based  on  sub-cell  structure1  while  in  PE  they  do  not,  but 
without  exception  are  isolated  i(abO)  partials. 

Consider  matching  RGI  surfaces  in  PE  and  suppose  that  in  one,  an 
odd  number  of  RGII  sequences  intervenes  so  that  further  sequences  are 
RGI'*.  Then,  provided  that  fold-fold  positions  for  matching  of  RGl/RGI 
and  RGl/RGr^  surfaces  are  similar,  it  follows  that  matching  positions 
of  the  RGI^  portion  of  the  surface  will  be  displaced  from  those  of  the 
RGI  by  \  (abO)_  parallel  to  the  growth  face,  plus  a  fold  lattice 
translation,  i.e.  by  either  -§XabO)8.  The  observed  preference  for  the 
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radial  vector  in  as-grown  crystals  is  readily  accounted  for  if  it  is 
considered  that  lamellae  do  not  grow  in  contact,  but  are  pressed  together 
during  sedimentation  on  a  substrate,  when  the  predominantly  radial 
stresses  will  tend  to  select  radial  displacements. 

This  argument  is  not  relevant  to  mixed  stackings  as  such  because  a 
single  change  of  stacking  sequence  has  no  special  effect  in  them.  Thus, 
on  this  hypothesis,  as-grown  PE  crystals  would  have  fold  surfaces  with 
substantial  ordering.  In  all  three  polymers  ordering  would  increase  on 
heating,  by  a  combination  of  fold  smoothing  and  change  of  stacking 
sequences,  leading  to  more  terminating  fringes  (e.g.  fig. 4)  and  especially 
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to  dislocations, ^ »® » ?  Including  isolated  partials,  having  Burgers 
vectors  equal  to  the  inter-chain  separation  in  the  growth  face. 

3.  Discussion 

Two  aspects  of  this  work  will  be  discussed,  firstly  how  much 
disorder  is  compatible  with  observed  deformation  moires  and  secondly 
whether  these  results  are  in  any  way  special. 

The  disorders  especially  relevant  to  density  deficits  are  those 

of  non-ad jacent  re-entry  on  one  hand  and  chain  ends  and  loose  folds  on 

a 

the  other.  Completely  random  non-adjacent  re-entry  is  incompatible 
with  deformation  moires  because  such  surfaces  would  not  have  the  marked 
directionality  required  to  match  surfaces.  Yet  if  randomness  is 
restricted  so  as  to  overcome  this  limitation,  then,  correspondingly, 
there  would  be  little  contribution  to  a  density  deficit.  As  for  chain 
ends,  of  length  1,  or  loose  loops,  of  length  21,  their  maximum  proportion 
cannot  be  more  than^^)  where  d  is  the  interchain  distance  or  they 
could  cover  the  fold  surface  and  prevent  fold  contact.  Taking  1  ~  100A 
( the  lamellar  thickness) ,  would  limit  this  proportion  to  at  most  a  few 
per  cent.  Thus  folding  of  crystals  showing  deformation  moires  must  be 
good. 

Although  deformation  moires  indicate  good  folding,  their  absence 
does  not  necessarily  imply  the  converse.  Folding  may  be  very  regular  but 
there  may  still  be  insufficient  reduction  in  free  energy  from  better  surface 
packing  to  compensate  the  energy  required  to  deform  lamellae.  This  appears 
to  be  so  for  P^MP.  On  the  other  hand,  poor  lamellar  contact  may  mask 
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regular  folding  and  indeed  it  it  possible  to  see  the  character  of  a 

moire  pattern  change  where  lamellae  are  deformed. '  Poor  lamellar 

contact  may  also  lead  to  apparently  deficient  densities  of  crystals  and, 

indeed,  on  the  basis  of  this  common  origin,  the  absence  of  deformation 

moires  and  low  densities  might  well  correlate.  The  converse  might  well 

be  especially  marked  for  LMW  polymers  whose  crystals  collapse  most 
10  2 

easily.  •  However,  such  a  correlation  would  have  no  significance  for 
fold  geometry.  It  would  certainly  not  imply  that  regular  folding  is 
confined  to  LMW  polymer,  on  the  contrary,  it  seems  to  be  general  for 
solution-grown  crystals. 

■  The  grounds  for  saying  this  are,  firstly,  that  POM  and  P^MP  crystals 
showing  deformation  moires  were  prepared  from  MMW  polymer  and  there 
appears  to  be  little  degradation  during  crystallization.  Secondly,  the 
POM  and  PE  crystals  studied,  being  grown  very  rapidly  would  toe  expected  to 
lead  to  less  regular  folding  than  occurs  at  smaller  supercoolings. 
Thirdly,  there  is  a  great  deal  of  evidence  that  crystals  of  MMW  polymers, 
including  PE,  have  regular,  uniform  shapes*  ^  and,  on  the  basis 
of  sectorisation,  that  fold  shapes  are  determined  by  the  growth  face  on 
which  molecules  were  added  to  the  crystal.  Such  observations  are 
inconsistent  with  fully  disordered  surfaces  and  indicate  a  certain 
regularity  in  folding. 

In  summary,  the  main  conclusions  of  this  work  are  (1)  that  mixed 
stacking  with  adjacent  re-entry  occurs  in  POM  and  P^MP,  (2)  that  PE 
folds  have  regular  geometries  -  the  evidence  is  consistent  with  ordered 


or  mixed  staoking  with  adjacent  re-entry  and  (3)  that  tha  ooourranca  of 
isolatad  partial  dislocation*  in  PE  and  P**MP  and  terminating  moire 
fringes  in  POM  can  ba  explained  in  tarns  of  fold  packing. 
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Legend  to  Figures 

Figure  1.  Traces  of  diffracting  planes  contributing  to  a  rotational 
moire  pattern  from  overling  crystals.  In  (a)  the  crystals  are 
undeforaed  while  in  (b)  the  relative  rotation  has  been  resolved  into  a 
series  of  dislocations. 

Figure  2.  (a)  200  dark-field  moire  in  PlJMP  of  double  diffraction  type. 

(b)  110  dark- field  moire  in  PE  exhibiting  deformation  character. 

Figure  3.  Ribbon  stacking  structure  for  an  {00l}fl  fold  surface  of  PE. 

Folds  are  indicated  conventionally  by  straight  lines  at  the  same  Z  level, 
without  attempt  to  represent  their  actual  geometry.  Continuous  thin  lines 
are  folds  at  the  top  surface  and  broken  lines  fold'  at  the  bottom  surface 
of  a  layer. 

(After  Bassett  et  al.  1963b). 

Figure  4.  10.0  dark-field  moire  of  a  POM  bilayer  which  had  been  heated 

on  mica  by  placing  on  a  hot  bar  at  150°C  for  2  minutes. 
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Contribution  by  Dr.  T.  G.  Fox 

CHARACTERIZATION  OF  CHAIN  FOLDS  IN  CRYSTALLINE  POLYMERS. 

A  STATISTICAL  PROBLEM 

(Remarks  submitted  by  T.  G  Fox  and  Hershel  Markovltz  as  an  addendum 
to  the  discussion  on  crystalline  polymers  at  the  April  1967  Natick  Meeting) 


It  appears  to  us  that  more  quantitative  description  of  the 
nature  of  chain  folding  in  any  given  polymer  single  crystal  requires 
conceptual  and  experimental  approaches  capable  of  describing  the  entire 
spectrum  of  models  from  the  limit  of  regularly  folding  through  structures 
representing  small  or  large  deviations  from  it.  It  is  our  purpose  here 
to  present  some  initial  suggestions  of  means  to  this  end  though  the  use 
of  appropriate  probability  distributions.  We  believe  these  remarks  and 
suggestions  are  in  accord  with  the  spirit  of  the  discussion  at  this 
meeting  and  particularly  with  the  comments  of  Fraser  Price. 

(We  remark  that  it  is  not  our  intention  here  to  consider 
imperfections  within  the  single  crystal  such  as  the  inclusion  of  chain 
ends,  loop 8 ,  twisted  chains,  vacancies,  and  the  like.) 

Conceptually,  it  is  useful  to  consider  a  single  crystal  grown 
from  dilute  solution  as  ideally  a  regularly  ordered  array.  Since  the 
long  chains  in  such  a  crystal  clearly  must  "fold"  and  traverse  the 
crystal  many  times,  a  convenient  model  for  a  regularly  ordered  struc¬ 
ture  is  one  in  which  the  molecules  enter  the  crystal  one  at  a  time  with 


crystallization  procaading  from  ona  and  of  tha  molecule  and  with  the 
chain  folded  neatly  and  regularly  at  tha  lattice  surface  as  tha  turn 
is  made  for  the  next  passage  through  the  crystallite. 

However,  as  has  bean  emphasized  In  tha  discussion  at  this 
meeting  and  by  several  workers  some  years  ago,  for  tha  most  real  polymer 
single  crystals,  deviations  from  the  ideal  of  a  regularly  folded  struc¬ 
ture  must  be  expected,  and  in  fact  are  evidenced  by  various  physical 
measurements  of  the  properties  of  such  materials.  Thus,  the  middle  of 
the  chain  may  enter  the  crystal  first,  and  Impose  some  irregularities 
in  the  "loop"  lengths  and  re-entry  pattern  since  both  ends  of  the 
initial  crystalline  segment  cannot  re-enter  the  neighboring  position 
in  the  lattice  simultaneously.  Of  course,  chain  ends  may  dangle  as 
irregularities  at  the  interface.  In  general,  the  chain  segments  or 
"loops"  between  exit  and  re-entry  of  the  crystal  face  need  not  be  all 
of  the  same  length,  and  may  enter  distant  rather  than  neighboring  lattice 
points.  Such  deviations  from  regularity  may  be  minor  or  they  may  reach 
such  proportion  that  the  chains  at  the  interface  constitute  a  markedly 
irregular  noncrystalline  phase.  Obviously,  if  the  loops  are  sufficiently 
long,  their  conformation  and  packing  could  approach  that  characteristic 
of  the  normal  amorphous  liquid  phase. 

In  recent  years,  workers  in  this  field  have  been  handicapped, 
in  their  characterization  of  specific  single  crystals  and  in  communica¬ 
tion  of  their  findings,  by  the  lack  of  precise  language  for  characteriza¬ 
tion  of  the  deviations  from  chain  folding.  Thus,  some  have  described 
real  crystals  as  having  a  regularly  folded  structure  when  in  truth 
they  meant  only  that  regular  folding  was  a  predominate  or  major  habit 


without  meaning  to  exclude  the  possibility  of  sons  vsrlstion  in,  for 
example,  loop  lengths.  Others  have  suggested  that  "loose  loops"  nay 
be  present  in  some  materials.  The  language  used  has  been  qualitative 
at  best,  and  frequently  subject  to  misinterpretation  and  fruitless 
controversy. 

We  believe  the  description  in  molecular  terms  of  the  chain 
"folds"  or  "loops"  on  the  surface  of  a  single  crystal  requires  first, 
as  a  minimum,  definition  of  the  parameters  which  describe  the  length 
and  position  on  the  crystal  face  of  the  ends  of  a  given  loop  and 
recognition  that  we  require  evaluation  of  a  distribution  function 
specifying  the  probability  of  occurrence  of  loops  of  different  lengths 
and  orientations  relative  to  the  crystal  lattice. 

Such  a  chain  fold  can  be  characterised  by  its  length  ^  (in 
chain  atoms)  and  a  vector  £  on  the  face  of  the  crystal  joining  the 
points  of  exit  and  re-entry  into  the  crystal.  Then,  specifying  £  in 
terms  of  some  lattice  vectors  &  and  fc,  we  can  write 

r  -  (Ana)fc  +  (/Sn^fe  . 

To  describe  completely  the  loop  structures  on  the  face  of  a 
given  single  crystal  would  require,  of  course,  the  specification  of 
the  values  of  i,  An^  and  An^  of  each  loop,  and  even  of  the  coordinates 
of  the  two  ends  of  each  loop  relative,  say,  to  one  edge  of  the  crystal 
face.  Unless  the  structure  possesses  a  highly  regular  pattern,  with 
very  few  imperfections,  such  a  description  is  impractical,  if  not 
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Impossible.  As  is  usual  In  such  instances,  its  very  complexity,  involving 
large  numbers  of  chains,  may  be  a  saving  feature,  e.g.,  permitting  the 
use  of  statistical  representation  of  the  population  of  loops  of  various 
structures. 

Thus  we  should  ask,  if  we  choose  a  fold  at  random  what  Is 
the  probability  P(4,r)  that  the  fold  is  4  chain  atoms  long  and  that 
the  vector  joining  the  points  of  leaving  and  entering  the  crystal  is  r. 

From  Eq.  (1)  we  can  write  this  probability  as 

P(A,r)  -  P(4,  Ana,  Anb)  .  (2) 

It  is  likely  that,  except  in  some  limiting  cases,  the  evalua¬ 
tion  of  P(4,  Anfi,  An^)  will  be  extremely  difficult,  but  it  might  still 

•Hf 

be  possible  to  determine  the  one-parameter  probability,  P^(4  ),  that  a 

★ 

loop  chosen  at  random  has  4  chain  atoms,  irrespective  of  the  values 
Anfl  and  An^;  Pfl(Ana)  and  P^An^)  can  be  defined  similarly. 

It  is  instructive  to  Illustrate  the  meaning  of  these  concepts 
by  application  to  some  special  cases.  As  is  indicated  in  Figure  1,  we 
take  &  to  be  the  vector  joining  adjacent  positions  in  the  (110)  plane 
and  }>  to  be  that  in  the  (100)  plane.  For  the  regularly  folded  model 
(Indicated  by  I  in  Figure  1)  with  every  fold  4q  chain  atoms  long,  the 
probability  P(4,  Anfi,  An^)  is  zero  except  for  the  case  when  4  ■  4q, 

Ana  ■  1,  and  An^  ■  0  simultaneously.  Thus,  we  write 


P(4Q,  1,  0)  -  1  . 


In  this  case,  P  can  be  expressed  In  terms  of  the  one  parameter  proba¬ 
bilities  | 

P(i,  Ana,  Zk^)  -  Pi(i)Pa(/ina)Pb(Anb) 

See  Fig.  2A. 

In  one  type  of  crystallite  that  may  conceivably  exist  Anft  Is 
unity  and  is  zero  for  all  folds,  but  the  length  l  varies  according 
to  some  specific  distribution  (Loop  II  In  Fig.  1).  In  such  a  case, 
the  only  additional  specification  required  is  P^(2).  An  example  is 
illustrated  schematically  in  Fig.  2B. 

Another  deviation  from  the  regularly  folded  crystal  is  one 
in  which  An^  is  zero  for  all  folds,  but  Ana  varies  from  fold  to  fold 
(Loops  I  vs.  Ill  in  Figure  1).  For  such  a  crystallite,  knowledge  of 
the  description  of  fold  types  would  be  given  by  the  probability 

P(2,  Z5na,  0)  -  Pia(i,  Z5na) 

In  general,  of  course,  all  three  parameters  J,  Anfl,  and  An^ 
may  vary  independently  and  knowledge  of  fold  characteristics  requires 
the  knowledge  of  P(J,  An^,  An^)  for  all  values  of  the  three  parameters. 

In  addition  to  the  probabilities  expressed  above,  we  need 
also  to  know  the  probability  Pg(2)  that  a  given  chain  emerging  from  the 
crystal  is  a  chain  end  (of  length  I)  which  does  not  re-enter  the 
crystal  face. 


Patently,  tha  distribution  of  fold  characteristics  for  a 
given  single  crystal  would  depend  not  only  on  the  composition  of  the 
material  but  on  the  crystallization  procedure,  i.e.,  upon  the  parameters 
affecting  the  thermodynamics  and  kinetics  of  crystallization.  Thus, 
a  single  crystal  of  a  given  material  may  characteristically  tend  to 
follow  a  certain  regular  pattern  under  optimum  conditions,  but  may 
deviate  from  this  If  crystallization  is  conducted  at  high  concentrations 
or  with  changing  temperature,  etc. 

In  the  case  of  polymers  crystallized  from  the  bulk  material 
or  from  a  concentrated  solution,  an  additional  description  Is  the 
frequency  of  a  chain  leaving  one  lamellar  crystal  and  entering  an 
adjacent  crystallite.  In  addition  to  the  probabilities  discussed 
above,  it  is  then  nectmsary  to  ask  the  probability  Qt  that  a  given  non¬ 
crystalline  chain  makea  such  a  transition  and  further  to  designate 
the  probability  Q(4,  £)  that  its  length  is  i  and  that  £  is  the  vector 
which  joins  the  points  of  leaving  and  entering  crystalline  regions. 
Again,  it  would  be  required  to  find  experimental  techniques  for 
measuring  the  distribution  functions  implied. 

A  central  research  objective  today  is,  it  seems  to  us,  the 
devising  of  experimental  and/or  theoretical  approaches  to  the  determl- 
natian  of  the  probability  distributions  of  fold  lengths  and  fold 
geometries. as  discussed  above.  Conceivably  knowledge  of  P^(J  )  may 
be  obtained  by  chain  degradation  or  light  crosslinking  of  the  loops 
in  single  crystals  or  lnterfaclal  chains  in  bulk  crystalline  polymers 
with  subsequent  precise  examination  of  the  distribution  of  chain  lengths 


and  molecular  sizes  by  dilute  solution  techniques.  Determination  of 
the  conformations,  the  packing,  and  the  motions  of  the  polymer  chains 
in  the  loops  may  also  be  deduced,  from  data  on  the  IR  and  NMR  spectra, 
densities,  heat  capacity,  and  other  properties  of  the  different  regions 
of  crystalline  polymers.  Various  workers  have  employed  certain  of  these 
techniques,  of  course,  but  it  is  not  our  purpose  to  present  a  bibliography 
here. 

We  realize  that  even  all  of  this  information  does  not  provide 
a  complete  description  of  the  conformations  of  the  chain  folds  in  the 
interfacial  regions.  However,  it  would  provide  a  useful  reasonable 
next  step.  Finally,  we  would  like  to  emphasize  that  although  we  have 
not  presented  here  any  new  ideas  or  information,  we  believe  it  useful 
to  emphasize  this  approach  through  these  remarks  in  the  present  form. 
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Meohanlcal  Propertle  »  of  Polymer  Single 
Crystals  and  Extended  Chain  Crystals  — . — 
Dlsousslon  of  Defeot  Region  and  Loose 
Chains  Attached  to  Them 

Motowo  Takayanagi 

(Faculty  of  Engineering,  Kyushu  University,  Fukuoka, 
Japan) 

Polymer  single  crystals  have  high  degree  of  orystalllnlty 
and  their  super-structure  can  be  defined  more  definitive  than 
those  of  the  bulk  crystallized  samples  of  the  same  polymer. 
Their  mech&nloal  properties  oan,  therefore,  be  more  dearly 
oorrelated  to  their  struoture. 

Crystalline  absorption  of  polyethylene  single  crystals  is 
affected  by  geometloal  faotor  (long  period  L)  and  defect  region 
apart  from  ohemloal  structure.  Single  orystals  with  different 
long  period  L  prepared  by  regulating  isothermal  crystallization 
conditions  (Type  A  samples)  and  annealed  single  crystals  with 
different  L  (Type  B  samples)  were  oompared  In  their  behavior  In 
the  crystalline  absorptions.  Absorption  temperature  T(a„)  of 

v 

both  samples  A  and  B  are  expressed  by  an  one-valued  function  of 
L,  as  in  the  melting  temperature.  On  the  other  hand,  the 
absorption  manltude  A  E  =  AR*  •  of  samples  A  increases 

with  inoreaslng  L,  while  that  of  samples  B  deoreases  with 
Increasing  L.  These  difference  was  attributed  to  the  effeot  of 
introduction  of  defect  regions  Into  lamellae  by  annealing  for 
samples  B. 


Sinnott1  ^  found  that  the  relationship  between  A  E  and  1/L 
can  be  expressed  by  a  positive  slope  linear  relation  and 
presented  the  loop  hypothesis  that  the  crystalline  absorption 
Is  associated  with  the  orientation  of  loops  attached  to  the 
crystal  surfaoe. 

We  have  had  a  view  against  Slnnott's  one  from  the  oonoept 
that  the  orystalllne  absorption  Is  associated  with  the  orystal 
Itself  (oall  here  "orystal  hypothesis")  slnoe  I960.  If  so,  the 
value  of  AE  should  hare  a  linear  negative  slope  relation 
against  l/L.  The  relationship  between  4E  and  1/L  for  Type  A 
samples  satisfies  apparently  this  relation. 

That  Is, 

E  =  K(  Ml  -  4/L)  (1) 

where  A  Is  the  thlokness  of  loop  region. 

From  these  observations  we  encounter  the  difficulties  In 
interpreting  the  dependence  of  <&E  upon  L  In  the  same  way  both 
for  Types  A  and  B  samples,  slnoe  they  show  a  oontradlotory 
relationship  with  eaoh  other.  This  problem  should  be  solved 
here. 

The  faot  that  the  pressure  crystallized  sample  of 

polyethylene,  whloh  is  composed  of  extended  ohaln  moleoules  as 

evldenoed  by  eleotron  mlorograph,  show  a  remarkably  strong 

crystalline  absorption  at  the  temperature  located  higher  than 

those  of  A  samples,  seems  to  support  the  "orystalllne  hypothesis" 

since  this  sample  is  oomposed  of  almost  perfeot  orystal  with 

0 

lamellar  thlokness  10,000  A  or  more  In  some  fields.  We  are 
foroed,  therefore,  to  adopt  the  orystal  hypothesis  after  its 


28G 


modification  b  y  taking  the  of  foot  of  defects  in  the  orystal 
upon  the  orystalllne  absorption  into  account  order  to  interpret 
the  beharior  of  Type  B  samples. 

Figure  1  shove  a  eohematlo  representation  of  our  "Mosaic 
hypothesis".  Single  orystal  composed  of  mosaic  crystals  of 
a,  z  L,  is  thlokened  by  annealing  into  the  aggregation  of 
mosaio  crystals  of  a1  x  L.  Magnitude  of  orystalline 
absorption  A  E  is  assumed  to  be  proportional  to  the  volume 
fraction  of  the  perfeot  orystal  region  (0),  whloh  corresponds 
to  the  oore  region  of  the  mosaio  orystal.  The  surrounding 
zone  of  the  mosaio  ory&tal  corresponds  to  the  defeot  region 
(A' ),  vhioh  gives  rise  to  the  low  temperature  secondary 
absorption.  Under  these  assumptions,  we  can  obtain  the 
relationship  between  L  E  and  I  as  follows: 

AB  «  AB°  ♦  a  -  0L1/2  (2) 

where  A  E  is  expressed  by  (2  AR*/*irK  )m^En  <^(t/T)  or 

as  its  substitute.  The  plot  of  A  E  against  L1/2  for  Type  B 
samples  actually  showed  a  linear  negative  slope  relationship. 
Tables  I  and  II  list  the  data  of  Type  A  and  Type  B  samples 
respectively. 

This  oonoept  was  extended  to  Interpret  the  low  temperature 
secondary- absorption  (08O)  of  lsotaotio  poly-4-methyl-pentene-1 , 
which  is  oomposed  of  two  peaks,  0SO-A  and  3bc-C.  The  3fl0-A 
absorption  is  looated  at  the  high  temperature  side  of  fl  -0  and 

BO 

at  the  same  temperature  as  that  of  ataotie  amorphous  sample. 

By  oomparing  the  absorption  area  of  380-A  of  lsotaotio  sample 
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with  that  of  ataotlo  one,  we  evaluated  the  frozen  amorphous 
region,  A) and  b y  comparing  the  absorption  area  of  0go-A  with 
that  of  08O**O  for  isotactio  sample,  we  evaluated  the  defect 
region,  A',  within  lamellar  phase.  Figure  2  shows  the  result 
of  analysis  of  0QO  absorption  of  P4MP1 .  The  edge  length  of 
mosaio  orystal  of  P4MP1  single  orystal  was  evaluated  as  ca  1 50  X. 
Thus  we  are  considering  that  the  mosaio  hypothesis  of  lamella  is 
usable  for  Interpretation  of  dispersion  behavior  of  crystalline 
polymer. 

The  state  of  moleoular  aggregation  in  the  amorphous  region 
of  the  crystalline  texture  is  difficult  to  understand  only  from 
the  structural  method.  The  relaxation  speotrum  of  the  primary 
absorption  of  the  crystalline  polymer  is  broader  than  that  of 
the  corresponding  amorphous  polymer.  This  will  be  caused  by  the 
oiroumstanoes  that  amorphous  moleoular  chains  are  affected  by 
different  degree  of  restraint  from  the  crystalline  lamellae. 

The  study  of  this  problem  by  use  of  single  crystals  seems  to  be 
effective  in  this  case. 

Single  orystal  of  trans-1 ,4-polybutadiene  (PBD)  were  prepared 
from  benzene  solution  at  18 °0.  Single  crystal  mats  of  PBD 
displayed  a  remarkable  primary  absorption  at  about  -10°C 
(110  c/s),  which  is  comparable  with  that  of  bulk  crystallized 

O 

PBD,  Lamellar  thlokness  of  this  orystal  was  evaluated  as  100  A 

by  Z-ray  small  angle  scattering  and  its  orystal  phase  thickness 

© 

evaluated  by  Z-ray  line  profile  method  is  72  A.  Dynamical  degree 
of  crystallinity  evaluated  by  HMR  method  is  765C,  which  agrees 


283 


with  the  value  evaluated  by  structural  method.  Average  thlokness 
of  loop  region  of  PBS  single  crystal  as  It  Is  formed  from  the 

e 

solution  amounts  to  average  30  A.  When  we  anneal  this  single 

orystal  at  the  temperatures  above  the  orystal  transformation 

temperature ,  55*0,  the  primary  absorption  of  the  mat  suddenly 

disappears  and  storage  modulus  E1  Increases  corresponding  with 

0 

the  increased  lamellar  thickness  (150  A)  or  degree  of  crystallinity. 
Figure  3  schematically  represents  the  structural  changel  In  this 
process.  The  SMB  degree  of  orystalllnlty  of  the  annealed  FBS 
single  crystal  Is  91  %t  whioh  corresponds  with  the  thlokened 
lamella  with  tightened  loops.  The  amorphous  region  of  the  bulk 
crystallized  PBD  Is  assumed  from  these  observations  to  be  composed 
of  dlffusable  ohalns  with  length  of  average  30  1  or  the  value  not 

O 

so  much  different  from  30  A.  It  Is  noticeable  that  the  primary 
absorption  of  the  bulk  crystallized  PBD  did  not  disappear  by 
annealing  at  100*0,  due  to  the  restraint  applied  to  the  amorphous 
chains  by  the  crystalline  lamellae.  The  single  crystals  and  bulk 
crystallized  sample  of  highly  crystalline  polymers  with  degree  of 
crystallinity  of  80-90JC,  such  as  high  density  polyethylene  and 
polyoxymethylene,  usally  are  absent  from  the  primary  absorption. 

The  state  of  surfaoe  of  PE  and  POM  single  crystals  Is  considered 
to  be  In  a  similar  state  as  that  of  thickened  PBD  single  crystal 
and  composed  of  tightened  loops. 

At  the  end  polytetraoxane  orystal  polymerized  by  the  solid- 
state  gamma-ray  Irradiation  was  discussed  by  Its  viscoelastlo 
dispersion  behavior.  The  loss  peak  at  about  -70*0  (110  c/s) 


found  for  drawn  polyoxymethylene  and  mats  of  single  crystals 
oould  not  be  found  In  contrary  to  the  oase  of  polytetraoxane. 
This  fact  means  that  defeot  region  Is  almost  absent  In  poly- 
tetraoxane.  In  oontrast  to  poljtetraoxane  the  normal  drawn 
fiber  of  POM  Includes  many  defeot  regions,  whloh  hare  r.  strong 
lnfluenoe  on  the  meohanloal  properties  of  fiber. 

We  oonolude  from  these  observations  that  Information  from 
dispersion  behavior  Is  useful  to  approach  the  true  features  of 
the  orystalllzed  polymers  by  combined  use  of  the  morphological 
and  structural  methods. 


1.  K.  M.  Sinnott,  J.  Appi.  Phys.,  37,  3385  (19 66). 
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TABLE  I  Long  Period  of  Single  Crystal  Mat  of  Linear 

Polyethylene  Prepared  by  Isothermal  Crystalli¬ 
sation  (1) 


Sample 

Orystalllsatlon 
Temperature  (*C) 

Orystalllsatlon  Loni 
Tine  (hrs.)  L  (. 

^Petlod, 

1 

33.0 

24 

94 

2 

49.5 

24 

104 

3 

68.5 

24 

114 

4 

80.0 

72 

137 

5 

85.0 

144 

167 

TABLE  II  Lamellar  Thiokness  of  Annealed  Single 
Crystals  of  Linear  Polyethylene 

Series  B-I 


Sample 

Annealing 

Temperature  ( *0) 

Annealing 

Time  (hrs.) 

Long  Period. 

L  (I) 

Original 

40,5* 

- 

101 

1 

70.0 

24 

102 

2 

81 .0 

24 

110 

3 

90.0 

24 

127 

4 

100.0 

24 

156 

5 

115.0 

24 

247 

6 

128.2 

72 

473 

Series  B-II 

Sample 

Annealing 

Tenperature  (*0) 

Annealing 

Time  (hrs.) 

Long  Period. 

X.  (A) 

Original 

74* 

- 

124 

1 

115.0 

24 

210 

2 

120.0 

24 

239 

3 

125.0 

24 

324 

4 

128.2 

72 

436 

•  Isothermal  Crystallisation  Temperature 


» 


291 


"  MOSAIC"  HYPOTHESIS 


Figure  1.  Sohematlo  representation  of  the  "mosaic  hypothesis". 

The  lsothermally  oryst'  'zed  single  crystal  (original) 
ham  latent  defeots  and  the  possibility  of  generating 
nomale  struoture  by  annealing.  Mosaic  blooks  affeot 
the  Tlsooelastlo  absorption.  The  lover  figure  Is  an 
end  view  of  the  mosaic  block.  Ou  Is  the  edge  length 
of  the  mosaic  orystal  and  a  (K  Is  the  vldth  of  the 
defeot  region  surrounding  the  0  region. 


X  |0"*<  DYNE  /  CM*  ) 
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- - \  y  . 

y 

1  A 

A 

A' 

C 

Amorphous  Roglon 

— —  ,,  n  a 

Osfsct 

Rogion 

*/3.c-C* 

Psrtsct 

Crystal 

Rsgion 

/Jsc  A  '  • 

* - f3  sc  Absorption- 

Figure  2. 


Separation  of  the  08O  absorption  into  the  j3sc-A  and 
5i!5Srptlon8,  uPPer  ourve  is  for  the 

pSSpi  /iff J4*?!  ?nd  iiV6l  0urve  18  for  the  ata°tic 

fJJ?!  +llfLlldei«'  The  band  sP8°trum  (right  side) 

!??"8  It  ;eheBatlS  representation  of  the  relationship 
g?®!  °{l0ryatallinit7  determined  bj  X-ray; 
the  regions  of  A,  A  and  C  and  the  contributions  of  the 
pso»  pbo-a  and  pS0-G  absorptions. 


I—  72  A— | 
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Figure  3.  A  schematic  diagram  showing  the  tightening  of  loose 
loops  during  annealing  for  single  crystal  of  trans- 
1 ,4-polybutadiene. 
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SESSION  4:  Contribution  by  Professor  Roger  Porter 

University  of  Massachusetts 

partially  presented  at  Conference 
HIGH  SHEAR  FLOW  OF  PARTIALLY  CRYSTALLINE  POLYMERS 

Few  experimental  studies  have  been  made  concerning  the  mechanical 
properties  and  rheological  mechanisms  associated  with  the  high-shear  steady 
flow  of  partially  crystalline  polymers.  The  study  discussed  here  differs 
from  they  systems  and  measurement  techniques  used  in  previous  presentations. 
These  experiments  involve  steady  flow  viscosity  measurements  made  under 
pressure  in  steel  capillaries  using  an  Instron  Tester.  The  choice  of  test 
systems  has  aided  substantially  the  data  interpretation.  The  polymers 
tested  were  three  low  density ,  low  molecular  weight  polyethylenes .  The 
polymers  differed  principally  in  molecular  weight  which  was  in  the  range 
from  2,800  to  10,000.  The  steady  flow  viscosity  measurements  on  these 
systems  at  temperatures  in  the  amorphous  range,  that  is  above  their 
crystalline  melting  points,  are  shown  in  Figure  1.  The  data  indicate  that 
the  flow  properties  of  the  two  molecular  weight  materials  are  entirely 
Newtonian;  that  is,  their  viscosities  are  independent  of  shear  over  a 
broad  shear  rate  range.  There  are  no  indications  of  thixotropy  or  shear 
heating  effects  with  the  measurements  being  entirely  reproducible  within 
the  test  series  proceeding  from  high  to  low  and  low  to  high  rate  of  shear. 
These  data  have  previously  been  interpreted  in  detail1. 

The  point  to  make  here  is  that  there  is  a  dramatic  difference  in 
Figure  1  between  the  properties  of  the  highest  and  lowest  molecular  weight 


polymer.  The  low  molecular  weight  material  la  below  the  characteristic 
entanglement  molecular  weight.  The  high  molecular  weight  material,  that 
exhibits  a  large  non-Newtonian  viscosity  effect,  Is  above  the  characteristic 
entanglement  molecular  weight.  This  characteristic  entanglement  molecular 
weight  for  polyethylene  is  In  the  range  of  4,000  molecular  weight  as 
established  by  a  variety  of  techniques*. 

The  salient  experiments  were  viscosity  measurements  as  a  function  of 
shear  rate  with  tests  at  a  series  of  successively  lower  temperatures 
extending  to  50°C  below  the  nominal  melting  point  for  the  three  polymers 
involved.  The  results  provide  Insight  into  the  generation  of  structure 
within  the  polymer  with  decreasing  temperature  and  the  orientation  and 
destruction  of  structure  with  increasing  rate  of  shear. 

Figures  2  and  3  show  these  viscosity  measurements  on  two  of  the  three 
polymers.  Figure  2  provides  Information  on  the  polymer  that  Is  entirely 
Newtonian  at  temperatures  above  its  melting  point.  The  results  reveal 
profound  non-Newtonian  effects  due  to  molecular  aggregation  in  crystals 
at  temperatures  below  the  melting  point.  The  viscosity  at  any  shear  rate 
is  entirely  reproducible  within  the  time  period  of  a  few  seconds  required 
for  varying  the  shear  rate  and  establishing  uniform  conditions.  The  flow 
curve  then  is  entirely  reversible  with  structural  and  orientation  effects 
occurring  within  seconds.  The  large  viscosity  effects  involved  can  be 
attributed  exclusively  to  orientation  and  destruction  of  the  crystalline 
aggregates  since  the  melt  is  entirely  Newtonian.  Therefore,  a  method  is 
provided  for  measuring  the  concentration  and  anisotropy  of  crystalline 
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aggregates.  A  discussion  In  detail  of  the  interpretation  of  these 
prominently  non-Newtonian  flow  curves  for  partially  crystalline  polymers 
in  steady  flow  has  been  recently  given  at  a  West  Coast  Gordon  Conference 
on  Polymers'*. 

Figure  3  provides  entirely  new  information  on  the  flow  characteristics 
of  the  partially  crystalline  polyethylene  which  has  a  molecular  weight 
above  the  characteristic  entanglement  molecular  weight.  The  general 
rheological  characteristics  of  the  low  molecular  weight  polymer  given  in 
Figure  2  are  revealed  in  Figure  3.  In  addition,  at  the  higher  rates  of 
shear  there  is  ian  additional  non-Newtonian  effect  due  to  orientation  of 
amorphous  chains  through  entanglement  couplings,  see  Figure  1.  The  curves 
in  Figure  3  are  a  graphic  display  of  a  dual  mechanism  for  flow  orientation 
within  a  single  polymer.  The  two  mechanisms,  by  the  experience  on  low 
molecular  weight  materials  discussed  above,  are  revealed  to  be  the  orientation 
and  destruction  of  crystallites;  and  separately,  at  higher  shear,  the 
contribution  due  to  deformation  through  entangled,  amorphous  polymer  chains. 
Each  mechanism  can  potentially  contribute  a  change  of  several  magnitudes 
in  apparent  viscosity  with  rate  of  shear.  Polymer  compositions  may  be 
tailored  for  further  Investigation  of  these  mechanisms  and  for  advantage  in 
processing  of  partially  crystalline  polymers.  It  is  our  contention  that 
ever  increasing  research  must  be  undertaken  in  this  direction.  Ever  less 
tractable  polymer  systems  are  being  devised  and  utilized  on  a  commercial 
scale.  Thus  new  information  must  be  developed  concerning  the  fabricating 
and  use  of  high  melting  or  non-melting  polymers.  Fundamental  characteristics 
for  the  flow  properties  of  partially  crystalline  materials  must  be  defined 
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by  experiment.  The  results  described  here  reveal  information  in  a 
particular  case  using  incisively  chosen  samples.  The  results  reveal  two 
distinct  mechanisms  responsible  for  polymer  flow  orientation  in  different 
temperature  and  shear  rate  ranges. 
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MULTIPLE  TRANSITIONS  AND 
RELAXATIONS  OF  POLYMERS  IN 
RELATION  TO  MECHANICAL  PROPERTIES 


Raymond  F.  Boyer 
Plastics  Department 
The  Dow  Chemical  Company 
Midland,  Michigan*  U.S.A. 


PART  I .  Introduction 

A  recently  published  symposium  (l)  emphasized  the 
fact  that  most  high  polymers  exhibit  several  transitons  and/oi 
relaxations  in  addition  to  the  glass  temperature,  TQ,  and 
the  crystalline  nelting  point  T  .  This  symposium  was  concerned 
with  the  phenomena  and  their  molecular  origins  but  not  with 
mechanical  properties  associated  with  these  multiple  transitions 
and  relaxations.  Today's  paper  is  concerned  predominantly  with 
this  latter  topic,  and  especially  with  the  dependence  of 

mechanical  behaviour  on  transitions  other  than  Tn  and  T  . 

G  m 

Figure  1  shows  typical  multiple  transitons  and 
relaxations  for  polytetraf luoroethylene  (PTFE),  polyethylene¬ 
glycol  terephthalate  (PET)  and  branched  polyethylene  (PE)  (2). 

The  issue  is  simply  this:  Physical  properties  of  polymers  change 
dramatically  at  TQ  and  Tm,  as  illustrated  in  Figure  2,  taken 
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from  Tobolsky  (3),  for  the  shear  modulus  of  atactic  and  isotactic 
polystyrene.  What  changes  in  physical  and  mechanical  properties 
can  be  associated  with  secondary  transitions  and  relaxations? 

Are  these  changes  significant  enough  to  affect  end  use  pro¬ 
perties?  A  corollary  type  of  question  could  be:  What  is  the 
true  Tg  of  a  polymer  such  as  polytetrafluoroethylene? 

I  was  asked  to  present  a  critical  survey  of  this 
field.  However,  starting  from  Nielsen's  hint  (4)  that  these 
secondary  transitions  might  be  important,  there  are  still  rela¬ 
tively  few  published  results  from  which  to  choose.  Hence,  I 
shall  be  mainly  concerned  with  calling  attention  to  some  widely 
scattered  papers  and  to  emphasising  the  available  strong 
indications  that  secondary  transitons  are  important.  In  making 
this  survey,  I  must  pay  especially  tribute  to  Dr.  J.  Heijboer 
who  provided  me  with  an  unpublished  manuscript  containing  both 
original  data  and  significant  literature  references  (5)- 

One  very  serious  problem  which  inhibits  a  survey  of 
the  type  we  are  considering  is  the  fact  that  our  knowledge  of 
transition  and  relaxation  spectra  are  circumscribed  by  one  or 
more  of  the  following  facts: 


1.  Such  spectra  are  available  as  a  function  of 
temperature  generally  at  one  or  several  frequencies  but  only 

A 

rarely  over  a  very  wide  frequency  range  at  a  given  temperature. 

2.  The  test  method  involves  essentially  zero 
deformation  (thermal  expansion,  heat  capacity,  DTA ,  dielectric) 
or  very  small  deformation  as  with  dynamic  mechanical  testing. 

On  the  contrary,  important  physical  properties 
such  as  tensile  and  impact  strengths  will  involve  large 
deformations  and  may  also,  as  with  impact  strength,  involve 
a  relatively  high  frequency  1000  cps . ) .  One  might  therefore 
conclude,  a  priori,  that  little  correlation  should  exist 
between  1  cps.  dynamical  mechanical  relaxation  spectra  and 
significant  physical  properties,  or  alternately,  that 
correlations  which  do  exist  are  largely  fortuitous. 

On  the  positive  side,  all  transitions  and  relaxations 
observed  by  small  deformation  and/or  low  frequency  methods  arise 
from  specific  molecular  motions  of  part  or  all  of  polymer 
molecules.  One  feels  intuitively  that  such  motion  may  be 


A  Schwarzl  (6)  was  able  to  calculate  (from  a  wide 

variety  of  rheological  data)  the  shear  modulus  and 
mechanical  loss  of  polyisobutylene  as  a  function  of 
frequency  and  show  the  existence  of  three  loss  peaks. 

Reddish  has  published  the  temperature  -  frequency 
of  dielectric  loss  in  polyethyleneglycol  terephthalate  (7) 
It  indicates  the  usual  result:  The  low  frequency  plot  of 
loss  against  temperature  gives  better  resolution  for 
multiple  loss  peaks  than  does  the  plot  against  frequency 
at  constant  temperature. 
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reflected  In  mechanical  behaviour  of  the  polymer.  We  will 
return  to  this  point  In  discussing  specific  polymer  systems 
such  as  polycarbonate  (See  Figure  5)*  See  also  Appendix  B. 


We  have  been  somewhat  Inconsistent  In  nomenclature 

frequently  following  that  used  by  the  original  authors,  as 

in  Figure  1,  but  occasionally  lapsing  into  a  system  which 

we  previously  proposed.  (Ref.  2,  page  1539) >  1,e"  Tn, 

T  >  T  and  T„  „  for  T  <  TV  .  We  have  tried  to  make  the 
g  g>g  g 

meaning  clear  in  each  case. 
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PART  II.  Specific  Materials 

The  materials  which  I  will  be  reviewing  are  as 

follows: 

1.  Polycarbonate  (PC) 

2.  Polytetrafluoroethylene  (PTFE) 

3-  Polyethylene  (PE) 

4.  Polyvinylchloride  (PVC) 

5.  Polymethylmethacrylate  (PMMA) 

6.  Polyphenylene  Oxide  (PPO)  and 
Polycyclohexylmethacrylate  (PCHMA) 

7.  Polystyrene  (PS) 
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1 .  Polycarbonate  (PC) 

Figure  5  shows  schematically  the  dynamic  mechanical 
loss  of  bisphenol  polycarbonate  at  1  cps  after  Heijboer  (5)> 

(See  also  Nielsen  (Ref.  4,  Figure  7.26).)  In  spite  of  a  high 
Tg  of  150*C,  this  polymer  is  remarkably  tough  at  room  temperature. 
Nielsen  ascribes  this  toughness  to  in-chain  motion  of  the 
carbonate  group.  Since  this  is  quite  pertinent  to  our  theme, 
we  shall  examine  in  some  detail  the  polycarbonate  system. 

Heijboer  (5)  confirms  the  general  correlation  between  impact 
strength  and  the  low  temperature  loss  peak. 

A  recent  paper  by  Miller  (8)  reported  load-elongation 
curves  on  a  variety  of  polymers  over  a  very  wide  temperature 
range.  He  found  abrupt  decreases  in  tensile  strength  and 
increases  in  elongation  in  the  region  of  low  temperature 
relaxations  normally  designated  as  ^  regions  where  <  Tq. 
Further  discontinuities  in  tensile  strength  and  elongation 
occur  in  the  region  of  Tg. 

Miller  suggested  that  these  lower  temperature  points 
are  indeed  the  glass  temperature.  I  consider  that  the  really 
significant  part  of  the  Miller  paper  is  the  demonstration  of 
multiple  dislocations  in  load-elongation  curves  at  temperatures 
corresponding  to  multiple  loss  peaks  In  mechanical  spectroscopy 
at  1  cps  and  very  low  deformation.  Figure  4  is  a  plot  of  the 
ultimate  yield  strength  data  for  polycarbonate  showing  two 
characteristic  breaks  at  around  -120#C  and  +150*0,  using 


Miller's  data. 
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Figure  5  is  a  composite  plot  showing  five  different 
types  of  physical  measurements,  all  indicating  the  low  tempera¬ 
ture  relaxation  and  all  hut  one  of  which  are  related  to 
Tg  =  150°C.  The  testing  frequency  of  these  various  test 
methods  range  over  a  factor  of  10^  cps.  The  low  temperature 
relaxation  with  an  activation  energy  of  7*7  K  Cal.  changes 
dramatically  with  frequency  while  the  T  peak  with  an 

o 

activation  energy  of  115  K  Cal.  is  somewhat  less  sensitive 
to  frequency. 

First  are  the  NMR  results  of  Matsuoka  and  Ishida  (9) 
which  allowed  them  to  conclude  that  the  relaxation  at  -80°C 
resulted  from  restricted  motion  of  phenyl  groups  in  the  chain. 
They  also  had  dielectric  data  (not  shown).  Instead,  we  used 
the  dielectric  loss  data  of  Krum  and  Mttller  (10).  The 
dynamic  mechanical  loss  and  impact  data  are  from  the  paper 
by  Heijboer  (5)  cited  in  the  introduction.  The  strength  data 
are  by  Miller  and  repeat  Figure  4. 

Thus  we  have  NMR  and  dielectric  loss  demonstrating 
that  molecular  motion  is  involved  and  even  something  about  the 
nature  of  the  motion.  At  the  same  time  we  see  that  this 
motion  is  reflected  not  only  in  the  small  amplitude,  low 
frequency  non- destructive  dynamic  mechanical  results  but  also 
in  the  large  deformation,  destructive  yield  strength  and 
impact  strength  data. 
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Finally,  Bussink  and  Heijboer  (ll)  have  shown  that 
ring  methyl  groups  ortho  to  the  carbonate  linkage  restrict 
rotation  of  the  carbonate  group,  raise  the  temperature  of  the 
low  lying  (3  transition,  and  impair  the  room  temperature 
impact  strength  of  polycarbonate. 

We  shall  see  from  what  follows  that  polycarbonate  is 
probably  an  ideal  illustration  of  what  we  were  seeking  and  that 
many  exceptions  can  be  expected  on  going  to  different  types 
of  polymers. 

2 .  Polytetraf luoroethylene  (PTFE) 

Figure  1  showed  the  1  cps  dynamic  mechanical  loss 
spectrum  for  PTFE,  taken  from  McCrum  (12).  There  are  four 
transitions  observed:  The  melting  point,  two  glass  transitions 
and  a  first  order  phenomenon  around  room  temperature.  What 
changes  in  mechanical  properties  can  be  associated  with 
these  energy  loss  peaks? 

Figure  6  is  material  taken  from  an  ICI  technical 
bulletin  on  Fluon,  their  PTFE  polymer  (13).  Here  the  modulus 
ir,  psi  is  plotted  as  a  function  of  temperature.  It  is 
norrrcl  for  the  modulus  to  drop  in  traversing  a  transition  and 
these  drops  occur  at  the  temperatures  corresponding  to  the 
four  cited  transitions  in  Figure  1.  (McCrum  likewise  showed 
such  results.)  It  is  obvious  that  a  design  engineer  who 


intends  to  use  this  polymer  over  a  wide  range  of  temperatures, 
especially  down  into  the  cryogenic  region,  must  be  aware 
of  the  dramatic  changes  in  the  modulus  of  elasticity.  This  is 
a  simple  and  obvious  example. 

There  is  still  considerable  speculation  as  to  the 
glass  temperature  of  PTFE:  Is  it  the  glass  I  or  the  glass  II 
of  McCrum  or  is  it  still  some  different  value?  Table  I 
summarizes  these  three  divergent  points  of  view. 

We  have  previously  suggested  (Ref.  2,  p.  1401  ff) 
a  set  of  criteria  useful  in  selecting  T  .  These  are  precisely 

o 

among  the  criteria  employed  by  the  several  authors  in  Table  I. 
This  indeed  complicates  the  choice  of  a  T  .  We  have  previously 

o 

argued  (Ref.  2,  Table  XV)  that  the  400°K  relaxation  could  not 

be  T  .  Unfortunately,  the  specific  heat  data  cited  by 
© 

O'Reilly  and  Karasz  stopped  at  an  upper  temperature  of  565 ®K 
and  hence  could  not  clarify  the  nature  of  the  glass  I 
transition. 

Figure  7  is  a  simple  linear  extrapolation  of  the 
Durrell,  Stump  and  Schumann  copolymer  data  (17)*  This  seems 
quite  convincing  for  a  T  of  -50°C  although  this  would  be 

o 

the  T  of  a  hypothetical  substance,  amorphous  PTFE. 

o 

Crystallinity  would  presumably  change  Tg  to  some  higher 


value . 
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Figure  8  is  a  plot  of  impact  strength  against  tempera¬ 
ture  from  the  review  paper  of  Sperati  and  Starkweather  (19). 

A  vertical  line  at  -70°C  indicates  where  the  glass  II  peak 
should  be  at  a  frequency  of  1000  cps . 

We  are  still  in  a  dilemma:  Is  Tg  the  glass  II  peak 
of  Figure  1  with  impact  rising  in  a  normal  fashion  above 
Tg  ?  Or  is  PTFE  analogous  to  PC  with  a  high  glass  tempera¬ 
ture,  i.e.,  glass  I,  but  good  impact  strength  in  the  glassy 
state  because  of  the  low  lying  secondary  relaxation,  i.e., 
glass  II? 

PTFE  is  more  difficult  than  PC  to  analyze  for  several 
reasons  such  as  higher  crystallinity  and  only  one  type  of 
group,  -(CF2)-,  along  the  polymer  chain. 

We  previously  argued  (page  1350-51  of  ref.  2)  for 
ascribing  the  glass  II  transition  to  crankshaft  motion. 
Additional  reasons  for  this  are: 

l)  Reddish,  Powles  and  Hunt  (20)  have  compared  the 
variation  of  the  glass  II  peak  with  frequency  for  dielectric 
measurements  as  against  mechanical  and  NMR.  The  dielectric 
points  lie  on  a  parallel  curve,  suggesting  a  common  origin. 

A  crankshaft  is  the  most  likely  explanation  of  dipole  loss 
in  an  essentially  non-polar  polymer  (ref.  2,  pg.  1351)- 
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2)  Matsuoka  and  Ishida  (p.  257  of  Ref.  9)  found 
that  the  ratio  Tp/Tg  (at  100  cpa)  is  about  0.75  for  simple 
polymers  and,  except  for  PC,  ranges  from  .55  to  .87  for  all 
polymers  in  their  table. r  0.75  X  400  gives  a  of  300°K 

whereas  the  glass  II  temperature  is  176.  If  T  =  -50,  then 

D 

we  have  176/223  =  0.79  (using  the  1  cps  values). 

5)  We  previously  overlooked  the  paper  by  Eby  and 
Sinnott  (21)  which  showed  that  the  glass  II  process  corresponded 
to  about  5  CFa  groups  which  is  about  right  for  a  crankshaft. 

4)  Finally,  as  shown  by  McCrum  (22),  the  tempera¬ 
ture  of  the  glass  II  peak  does  not  change  on  adding  up  to  14 
mole  %  of  a  comonomer,  hexafluoropropylene,  but  the  peak 
height  decreases.  Copolymerization  invariably  changes  T 

o 

even  when  the  two  homopolymers  have  the  same  T  .  (See 

o 

Figure  56  of  Ref.  2  as  well  as  Illers  (25.) 


*Haldon  and  Simha  (46)  found  a  similar  ratio  in 
the  range  of  0.7  to  0.85  and  averaging  about  0.75  for 
the  polyalkylmethacrylates . 


Hence,  we  conclude  as  follows: 


1.  The  glass  II  transition  Is  crankshaft  motion. 

2.  The  Tg  of  amorphous  PTFE  Is  about  -50°C  but 
the  glass  process  Is  suppressed  by  the  crystallinity  and  the 
stiffness  of  the  backbone  chain. 


5.  The  good  impact  of  PTFE  at  room  temperature 
can  be  ascribed  both  to  crankshaft  motion  and  to  the  latent 
motion  inherent  in  a  Tg  of  -50°C. 


4.  The  glass  I  transition  is  an  amorphous  one  and 

would  be  classified  by  us  as  T-  -  (2). 

5.  It  should  be  noted  from  Figure  8  that  PTFE 

is  still  tough  at.  -70°C. compared  with  PS  or. PMMA.  In  fact, 
Vincent  (54)  reports  it  to  be  tough  at  77°K.  Since  McCrum's 
measurements  went  to  4.2°K,  with  no  sign  of  a  loss  peak  below 
glass  II,  some  other  energy  loss  mechanism  than  glass  II 
must  be  involved. 


We  have  not  commented  about  the  effect  of  the  room 
temperature  transitions  on  physical  properties.  Aside  from 
the  obvious  changes  in  modulus  and  thermal  expansivity,  there 
is  some  evidence  that  the  coefficient  of  friction  drops  abruptly 
on  cooling  through  the  19°C  transition,  (pg.  485  of  ref.  19) 


no 


TABLE  I 

REPRESENTATIVE  VIEWS  ABOUT  T  OP  PTPE 

g 

Proponents  Tg  K  Reasons 


A.  T,  =  400°C,  i.e.,  Glass  I  of  McCrum 
— & _ - _ 


Tobolsky  et  al  (14) 

585 

Obeys  WLF  Equation 

Araki  (15) 

400 

Tg/M „  =  0.66 

£aT  -  0.12 

& 

'  B.  Tg  200°C, 

l.e..  Glass 

II  of  McCrum 

O'Reilly  and  Karasz(l6) 

160  0 

There  is  a  discontinuity 
in  specific  heat  at  l6o®K. 

* 

Simha  and  Boyer 

i-* 

o\ 

0 

0 

4  aT  =  0.112 

O 

C.  Neither 

Durrell  et  al  (17) 

225 

Copolymer  data  (See  Fig.  7) 

Ohzawa  and  Wada  (18) 

208-258 

Thermal  expansion  and 
mechanical  loss 

AR.  Simha  and  R.  Boyer,  J.  Chem.  Phys.,  21,  1005  ( 1962 ) 


Polyethylene  Is  much  better  understood  than  is  PTFE, 
partly  because  it  has  been  studied  more  extensively,  partly 
because  its  solubility  permits  easier  characterization, 
including  preparation  of  single  crystals,  and  partly  because 
considerably  more  copolymer  information  is  available.  Figure  1 
shows  four  transition  regions  for  branched  PE.  We  have  dis¬ 
cussed  the  PE  system  previously  in  great  detail  (Ref.  2, 
pages  1341-50,  1403-10),  showing  that  Tg  of  the  hypothetical 
substance,  amorphous  PE,  is  about  -80°C  (Ref.  2,  Fig.  20). 
Independent  studies  by  Illers  (23)  and  Bohn  (24)  lead  to  the 
same  conclusion.  We  also  summarized  data  indicating  that 

amorphous  ethylene-propylene  copolymers  had  a  y  transition 

,  .  0 

in  addition  to  a  Tg  (Fig.  22  of  Ref.  2). 

Schatzki  (Ref.  1,  pg.  139)  has  proposed  a  crankshaft 
model  to  explain  the  ^  loss  in  the  amorphous  regions  while 
Andrews  and  Hammack  (25)  ascribe  it  to  a  loosening  of  a  special 
type  of  hydrogen  bond  in  the  amorphous  regions.  Sinnott,  among 
others,  has  demonstrated  that  single  crystals  of  PE  also  show 
the  ^  transition,  as  well  as  the  a  transition  (Ref.  1, 
pg.  l4l  ff).  Neither  the  Schatzki  nor  the  Andrews- Hammack 
mechanism  would  hold  for  a  highly  crystalline  material. 
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Illers  has  clarified  the  reason  why  the  \/  transition 


can  exist  in  single  crystals,  melt  crystallized  linear  PE, 
branched  PE  and  amorphous  E-P  copolymers:  The  ^  transition 
can  be  resolved  into  three  distinct  peaks  at  about  -110°, 
-140  and  -170°C  (26).  Illers  calls  these  respectively 


fi*  jr 


ii 


and 


III 


and  has  proved  the 


is  an 


amorphous  peak  while  the  other  two  are  crystalline  peaks  (27)* 


Matsuoka,  Ishida  and  Alolsio  noted  two  peaks  by 
dynamical  mechanical  methods:  one  at  -110°C  which  they 
ascribed  to  amorphous  regions,  and  one  at  -l4o°C  which 
appear  to  arise  from  crystalline  defects  (28)- 


A  study  of  linear  thermal  expansion  of  PE  by  Zakin 
and  Sitnha  (29)  clearly  reveals  discontinuities  in  l/LQ  (dLQ/dT) 
at  about  -170°C,  -125°C  and  several  higher  temperatures. 

They  show,  for  example,  a  quite  pronounced  change  in  expansion 
coefficient  at  about  -22°C  which  is  most  likely  the  Tg  of  this 
sample  (density,  0.929  and  54#  crystallinity  by  X-ray). 

Finally,  it  should  be  recalled  that  McCrum  (22) 
finds  two  glassy  peaks  in  linear  PE:  a  Glass  I  peak  at 
60°C  and  a  Glass  II  peak  at  -117°C,  in  analogy  with  PTFE. 

Putting  together  these  various  facts,  we  show  schema¬ 
tically  in  Figure  9  a  transition  map  for  PE,  PP  and  all  E-P 
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copolymers.  The  ^  transition  shown  Is  that  for  the 
amorphous  region.  Nuw  we  ask  how  the  mechanical  behaviour 
of  PE  depends  on  transitions  other  than  T  . 

Heijboer  (5)  found  that  the  unnotched  Impact  strength 
of  linear  PE  begins  to  Increase  dramatically  as  low  as  -150°C. 
We  show  In  Figure  10  some  dart  drop  data  by  Turley  (j>0)  which 
Indicates  a  sharp  rise  in  Impact  values  at  about  -125°C. 

We  hare  noted  by  vertical  lines  on  this  plot  three  character¬ 
istic  temperatures 


T  (crystalline  PE) 

O 

T  (amorphous  PE) 

o 


X 


-50°c 

-80°c 

-125°C 


The  latter  might  be  as  high  as  -100°C  at  1000  cps .  It  would 
appear  from  the  data  of  both  Heijboer  ani  Turley  that  even  the 
usual  ^  transition  (-125°C)  cannot  explain  their  results 
and  that  we  must  rely  on  loss  mechanisms  in  the  crystallites 
such  as  ^  ix  and  ^iii  of  Illers.  Miller(tf)did  not  give 
the  detailed  data  but  stated  that  PE  is  glassy  at-150°C. 


One  might  ask  if  the  creep  characteristics  of  linear 
polyethylene  are  not  enhanced  by  the  three  ^  transitions, 
and  especially  the  two  ^  transitions  in  the  crystalline 
regions  which  are  normally  supposed  to  prevent  a  polymer 
above  its  T  from  cold  flow. 

o 


Next,  we  consider  the  a  transition.  McCrum  (22) 
clearly  defines  it  as  a  glassy  transition.  Sinnott  describes 
it  as  "the  reorientation  of  folds  at  the  surfaces  of  lamellae." 
Illers  (26)  refers  to  it  as  "an  intermolecular  hindered  ro¬ 
tation  of  the  length  of  fold  about  the  longitudinal  axis  of  the 
molecule  within  the  crystal  lattice." 

Figure  11  shows  four  characteristic  features  of 
linear  PE  which  change  in  the  region  of  the  a  transition.^ 

These  are  more  in  the  nature  of  characterization  parameters 
(3l)(32)(33)(310(35)  •  }‘n  addition,  Nakayasu,  Markovitz  and 

Plazek  (36)  have  measured  both  mechanical  creep  and  dynamic 
loss  from  -29  to  +80.8°C  and  find  evidence  for  the  a  transition. 

Finally,  we  should  call  attention  to  the  work  of 
Retting  (37)  who  measured  the  tearing  energy  of  PE  (and 
other  polymers)  as  a  function  of  tearing  velocity.  He  found 
several  well  pronounced  maxima  and  minima  in  the  tearing 
energy.  He  associated  these  with  maxima  in  dynamic  mechanical 
loss  plots  as  a  function  of  temperature.  Retting  believed 
that  the  maxima  in  tearing  energy  correspond  to  minima  in 
mechanical  loss,  and  vice  versa.  However,  after  private 
discussions  with  Dr.  E.  H.  Andrews  and  after  the  lecture  by 


*It  has  been  suggested  to  me  privately  by  several 
experts  on  radiation  chemistry  that  the  use  of  radiation 
cross-linking  in  polyethylene  structure  studies  is 
likely  to  be  erroneous  because  the  site  of  the  cross- 
linking  action  is  not  fixed.  This  criticism  might  apply 
if  one  tried  to  fix  the  locus  of  the  a  transition. 
However,  in  Fig.  10d  only  the  amount  of  cross-linking 
at  fixed  dose  is  being  used. 


Gent  at  this  symposium ,  It  now  appears  to  me  that  the  maxima 
In  tearing  energy  should  go  hand  In  hand  with  maxima  In 
dynamic  loss. 

The  Important  thing  for  the  purpose  of  today's 
symposium  Is  the  fact  that  tearing  energy  versus  velocity  and 
dynamic  loss  versus  temperature  both  show  several  processes 
different  In  activation  energy  with  a  strong  Indication  that 
the  same  activation  energy  obtains  for  the  same  process  by 
both  mechanisms. 

Finally,  we  conclude  this  section  on  PE  with 
Table  II  which  is  a  comparison  of  PE  and  PTFE. 

Incidentally,  Illers  (26)  has  shown  that  the  oC 
transition  in  PE  contains  three  components.  The  phenomenon 
shown  in  Fig.  11  are  probably  all  dependent  on  the  crystalline 
regions  but  there  are  presumably  amorphous  area  effects  too. 
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4 .  Polyvinylchloride  ( PVC ) 

It  has  long  been  known  that  both  dielectric  and 
dynamic  mechanical  tests  revealed  two  loss  peaks  In  PVC: 

Tg  at  about  65°C  to  85#C  and  a  low  broad  one  at  about  -J>0°C 
which  moved  to  higher  temperatures  rapidly  with  Increasing 
frequency  and  which  disappeared  on  the  addition  of  plasticizer. 
Recent  studies  b|  Oberst  (58)  and  Bohn  (39)  have  clarified 
the  Impact  behaviour  of  PVC  by  considering  the  lower  or 
£  peak. 


Oberst  studied  the  correlation  between  Impact  strength 
(by  five  different  methods)  and  dynamic  properties  at  100  and 
1000  cps  for  a  variety  of  materials,  both  as  a  function  of 
temperature.  Figure  12  is  a  plot  of  one  set  of  his  results 
for  PVC  using  Charpy  impact  values  and  dynamic  loss  at 
1000  cps.  There  is  a  strong  indication  that  good  room  tempera¬ 
ture  impact  of  PVC  arises  because  of  molecular  motion  In  the 
so-called  process. 

Bohn  has  extended  these  results  by  combining  two 
well-known  facts  about  PVC: 

a)  The  impact  strength  of  PVC  will  drop  from  3.0  to 
0.3  ft.  lb. .  on  adding  up  to  10$  of  DOP. 

b)  The  0  peak  disappears  on  addition  of  PVC. 


He  postulates  that  the  loss  of  Impact  strength  on  adding 
plasticizer  results  from  the  disappearance  of  the  0  peak. 

Figure  13  shows  a  crude  correlation  which  we  made 
from  Bohn's  paper:  We  measured  the  peak  height  of  the  0 
process  at  different  plasticizer  content  of  DOP  and  then 
plotted  impact  strength  against  peak  height.  Area  under  the 
0  peak  might  have  been  more  meaningful  but  would  not  have 
altered  the  character  of  the  conclusions. 

Bohn  speculated  about  molecular  mechanisms  involved 
in  the  lowering  of  the  0  peak  height  by  plasticizer,  without 
seeming  to  reach  any  definite  conclusions.  For  our  purpose 
today,  the  important  point  is  the  direct  correlation  between 
0  peak  height  and  impact  strength. 

Vincent  (4o)  showed  curves  for  PVC  in  which  he  had 
plotted  true  stress  against  draw  ratios  for  different 
temperatures.  In  the  temperature  interval  between  -20°C 
and+6o°C,  the  curves  all  coincided,  but  at  70°C>  and  higher, 
each  temperature  required  its  own  curve .  It  would  thus  appear 
that  between  Tg  and  the  0  relaxation,  only  one  molecular 
process  prevailed. 

Thus  far  we  have  discussed  polymers  which  naturally 
contained  several  energy  absorption  peaks.  Oberst  and  his 
collaborators  (4l)  have  been  examining  lossy  polymers  as 
the  core  material  in  metal  skin  sandwich  panels  for  use  in 


sound  deadening.  Since  such  panels  must  serve  over  a  wide 
temperature  range  (i.e.,  Jet  planes  going  from  the  desert 
to  the  arctic),  they  need  to  absorb  energy  over  a  wide  range 
of  temperatures,  as  well  as  in  the  frequency  range  of  100  to 
1000  cps. 

One  means  of  achieving  the  desired  width  of  energy 
absorption  Is  by  copolymerization  of  a  monomer  like  vinyl- 
chloride  whose  homopolymer  has  a  high  Tg  with  a  ’’soft"  monomer 
like  2-ethylhexyl  acrylate  whose  homopolymer  has  a  low  Tg, 
while  causing  the  ratio  of  the  two  monomers  to  drift  during 
the  copolymerization.  Bohn  (42)  describes  dynamic  mechanical 
loss  on  such  copolymers.  Figure  14  shows  schematically  the  loss 
curves  for  Polymer  A,  Polymer  B,  random  AB  copolymer,  and  a 
drifting  AB  copolymer.  The  drifting  composition  copolymer 
contains  a  multiplicity  of  energy  absorption  peaks,  none 

of  which  is  as  high  as  that  obtainable  from  a  homopolymer 

e 

or  random  copolymer. 

- £ — 

Polymers  which  naturally  contain  several  energy 
absorption  peaks  might  be  better  for  use  in  sound 
absorption  than  those  with  a  single  peak.  Polyiso- 
butylene  absorbs  appreciable  energy  at  1000  cps  from 
-40*C  to  at  least  +40*C  with  two  loss  peaks  at  -3C°C  and 
+10*C  (data  by  Fitzgerald,  Orandine  and  Ferry,  J.  Appl. 
Physics,  24,  650  (1953))*  This  probably  explains  the 
good  energy  absorbing  characteristics  of  butyl  rubber. 
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Finally,  we  add  this  note  about  PVC:  At  the  energy 
loss  peaks  for  T  and  the  0  process,  there  will  be  con- 

o 

comitant  changes  in  modulus  (38)  (39)  ( 42 )  and  also  in  thermal 
expansion  and  compressibility  as  shown  by  Heydemann  and 
Guicking  (43).  The  changes  at  the  0  transition  are  only 
1/7  as  great  as  at  T  ,  but  could  still  be  significant  in 

O 

precision  engineering  design. 

5 •  Polymethylmethacrylate  ( PMMA ) 

Figure  15  shows  dynamic  mechanics  loss  data  by 
Wolf  (44)  for  PMMA,  with  the  very  prominent  T  peak  at  111°C. 

o 

The  T  >  T  peak  at  200°C  is  presumably  the  one  we  refer  to  as 

o 

Tjf  C  ‘  The  pea^  at  51  °C  is  the  well-known  0  peak  which 
appears  to  start  as  low  as  -30°C.  Figure  16  is  the  thermal 
expansion  data  by  Heydemann  and  Guicking  (43)  which  suggests 
the  possibility  that  the  0  peak  involves  two  processes. 

Their  compressibility  results  also  show  several  breaks. 

Much  earlier,  Martin,  Rogers  and  Mandelkern  (45)  had 
shown  a  specific  volume- temperature  plot  with  change  in  slope 
at  -40  and  +90°C.  Haldon  and  Simha  (46),  using  linear  expansion, 
found  breaks  at  -I3O0,  15  and  103.  We  also  saw  evidence, 
in  examining  the  Haldon-Simha  data,  for  a  break  centering 
around  -50°C.  Thus  all  three  groups  agree  on  T  and  agree  on 

o 

the  existence  of  several  other  breaks  while  disagreeing 


on  the  temperature  at  which  these  breaks  occur.  Prom 
Table  III,  it  would  appear  that  going  to  lower  starting 
temperatures  brings  out  more  relaxation  regions  and  lowers  the 
temperature  at  which  they  seem  to  appear.  Also  Included  in 
Table  III  is  the  dynamic  data  of  Wolf  obtained  by  estimating 
on  Figure  15  the  existence  of  minor  peaks  at  -75°C  and  0°C. 

The  Wolf  results  agree  completely  with  those  of  Haldon  and 
Simha,  lying  at  a  higher  temperature,  with  the  difference 
decreasing  as  T  increases  while  apparent  activation  energy 
Increases . 

We  wish  now  to  discuss  several  instances  in  which 
observed  mechanical  properties  show  sensitivity  to  the  0 
transition. 

Roetling  (47)  observed  the  yield  stress  behaviour  of 
PMMA  from  3O0  to  90°C  over  six  decades  of  rate.  At  first 
he  tried  to  fit  the  yield  stress  behaviour  by  an  Eyring 
viscosity  equation  with  one  activation  energy.  This  did  not 
work.  Instead  he  had  to  use  a  Rhee-Eyrlng  equation  with  two 
activation  energies.  With  a  choice  of  the  activation  energies 
as  20  and  100  K  Cal.,  he  could  fit  all  of  the  data  by  a  single 
equation.  The  first  is  the  activation  energy  associated  with 
the  50#C  0  peak  as  obtained  from  dynamic  data  and  the 

second  is  the  activation  associated  with  Tg.  Here  is  one 
definite  case  where  creep  experiments  being  carried  out  at 
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temperatures  which  Include  the  secondary  transition,  require 
that  it  be  recognized.  Roetling  has  provided  one  method  of 
doing  so. 


Roetling  (48)  subsequently  studied  yield  stress  for 
polyethylmethacrylate  through  the  glass  region  (Tg  =  65°C) 
from  50  to  80°C.  The  p  transition  is  at  about  25°C.  Here 
again  he  had  to  use  the  Rhee-Eyring  approach  with  activation 
energies  of  32  and  98  K  Cal. , respectively. 

Next,  we  refer  to  some  old  work  of  McLQughlin  and 
Tobolsky  (49)  who  studied  creep  of  PMMA  at  80°C  for  samples 
quenched  by  varying  amounts.  We  reproduce  their  results  in 
Figure  17*  It  seems  probable,  in  view  of  Roetling,  that  the 
P  transition  provides  molecular  motion  which  makes  creep 
between  and  Tg  possible,  while  quenching  probably  enhances 
the  p  peak  by  increasing  free  volume  in  the  glass  state. 

Morris  and  McCrum  ( 50 )  observed  creep  of  PMMA  between 
-30°C  and  +4o°C  and  were  able  to  rationalize  their  creep 
data  with  dynamic  loss  data  by  assigning  to  the  P  process 
an  activation  energy  of  19  K  Cal. 

Again,  referring  to  Dr.  Vincent's  lecture  from  this 
symposium,  he  reported  that  plots  of  true  stress  against 
draw  ratio  for  PMMA  would  be  on  one  curve  in  the  temperature 
interval  from  60°  to  110°C;  but  at  115°C  and  higher 
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temperatures,  a  specific  curve  was  needed  at  each  temperature. 
As  with  PVC,  one  mechanism  appeared  to  prevail  between  the 
0  peak  and  Tg. 

Finally,  we  will  call  attention  to  data  of  Maxwell  and 
Harrington  (51)  on  energy  required  for  the  tensile  breaking 
of  PMMA  as  a  function  of  temperature  (30°-90°C)  and  strain 
rate  ( .001-200"/sec. ) .  Their  results  appear  in  Figure  18- 
We  suggest  that  the  seeming  complexity  of  these  results  may 
arise  because  of  multiple  relaxations,  i.e.,  Tg,  the  0 
transition  in  this  polymer  which  can  be  as  low  as  15°C  for  a 
very  slow  test  (see  T  ble  III),  and  possibly  a  still  lower 
transition  ( —  30°  to  -50°C  by  thermal  expansion,  0°C  by  1  cps 
dynamic).  See  also  Appendix  A*. 

The  mechanism  of  the  0  relaxation  is  still  in  doubt. 
Heijboer  has  at  present  quite  strong  evidence  to  suggest  that 
it  arises  from  motion  of  the  ester  side  group  (52).  Roetling 
(47),  however,  quotes  some  unpublished  studies  by  Havriliak 
Indicating  that  the  0  transition  could  not  be  due  to  side 
chain  rotation  relative  to  the  main  chain  but  is  probably  due 
to  either  a  twisting  or  rotation  of  the  main  chain  about  its 
longitudinal  axis.  The  strong  role  played  by  0  transition 
in  creep  properties  suggests  to  us  that  Havriliak' s  view  may 
be  more  nearly  correct. 

*  Vincent  (  Ref.  54,  p  428-9  )  haa  discussed  this  same 

data  In  some  detail* 
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TABLE  III 


MULTIPLE  TRANSITIONS  BY 
THERMAL  EXPANSION  DATA  ON  PMMA 


Workers 

Lowest 

Temp. 

Used 

Location  of  Breaks,  °C,  in 

Order  of  Decreasing  Temperatures 
Start  with  T„  at  the  Right 

Ref. 

Heydeman  and 
Quicking 

-  60 

e> 

7 

62 

103 

(43) 

Martin,  Rogers 
and  Mandelkern 

-140 

-30 

15 

105 

(45) 

Haldon  and 

-130  -50^ 

Slmha 

-180 

15 

103 

(46) 

Wolf 

(Dynamic  Data) 

-l6o 

-  ?5(a) (b)  0<b> 

51 

111 

(44) 

(a)  Midpoint  of  a  slow  linear  increase  in  thermal  expansion. 

(b)  Obtained  by  inspection  of  the  curve  in  Pig.  15- 


r 


6.  Polyphenylene  Oxide  (PPO)  and 

Polycyclohexylmethacrylate  (PCHMA) 

Thus  far  we  have  been  talking  about  systems  in  which 
a  transition  lying  below  T  makes  itself  felt  in  mechanics J 

D 

properties.  We  now  wish  to  report  on  two  systems  which 
clearly  defy  any  previous  generalization. 

Heijboer  (5)  has  studied  2 ,6-dimethylpolyphenylene 
oxide  in  the  range  from  -200  to  +100°C.  As  indicated  in 
Figure  19,  impact  strength  remains  remarkably  high  and  there 
is  no  pronounced  maximum  in  the  dynamic  loss  data.  Indicated 
on  the  left  top  of  Figure  19  are  the  impact  strengths  of  PE 
and  PC  at  -200°C.  I  speculated  that  there  might  be  some  major 
relaxation  process  below  -200°C,  but  Dr.  O'Reilly  of  General 
Electric  commented  during  the  discussion  period  that  none 
existed  down  to  liquid  helium.  It  is  possible  that  a  large 
excess  of  free  volume  or  the  flexibility  of  the  ether  linkage 
is  responsible  for  this  unusual  behaviour  of  PPO. 

Polycyclohexylmethacrylate  (PCHMA)  affords  exactly 
the  opposite  case.  Figure  20  is  data  by  Turley  on  this 
material.  The  pronounced  secondary  maximum  at  -80°C  har 
been  extensively  studied  by  Heijboer  (53)  who  ascribes  it  to 
a  chair-chair  transition  of  the  cyclohexyl  ring.  One  might 
expect  this  polymer  to  exhibit  high  Impact  values  at  room 
temperature.  However,  as  Vincent  (5^)  pointe  1  cut,  it  Is 
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extremely  brittle  at  room  temperature.  This  and  other  facts 
lead  Heijboer  to  the  tentative  conclusion  that  nation  In  a 
sib*  group  of  a  polymer  chain  may  not  contribute  to  the 
impact  strength  of  that  polymer  (5). 

Vincent  (5*0  has  warned  about  trying  to  generalize 
on  the  effect  of  low  lying  transitions  on  impact  f-t'^ngths  a 
room  temperature.  He  reports  on  finding  PE,  PTFE  and  PC 
all  tough  at  77°K,  well  below  any  observed  transition. 

7 •  Polystyrene  ( PS ) 

Atactic  polystyrene  shows  transition  and  relaxation 
phenomena  by  dynamic  mechanical  methods  at  a  variety  of 
temperatures  which  are  listed  in  Table  IV  in  descending  order 
of  temperature.  To  these  should  be  added  an  artificial  loss 
peak  which  can  be  induced  in  the  region  of  -50  to  -100°C  on 
incorporating  a  rubber  in  polystyrene.  As  pointed  out  by 
Nielsen  (59) >  the  rubber  exists  as  a  separate  phase  and 
therefore  causes  a  distinct  loss  peak  whose  height  is 
proportional  to  the  amount  of  rubber  phase  and  whose  temperature 
is  approximately  the  T  of  the  rubber.  Turley  has  discussed 

O 

this  further  (60). 


» 
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TABLE  IV 

DYNAMIC  MECHANICAL  TRANSITIONS  AND 
RELAXATIONS  IN  POLYSTYRENE 


Temp. °C. 
160 

100 

25-60 

-140 


Designation 


T 

g>g 


? 


_ Reference _ 

Boyer  (55) 

Schmieder  and  Wolf  (56) 

Schmleder  and  Wolf  (56) 

Schmieder  and  Wolf  (56) 
Illers  (57) 


? 


-228 


Woodward  (58) 
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Since  PS  is  normally  quite  brittle  at  room  temperature, 
it  follows  that  neither  the  -140  nor  the  -228  relaxations 
contribute  significantly  to  impact  strength.  Addition  of  5# 
of  rubber  in  the  proper  manner  can  triple  to  quadruple  the 
room  temperature  impact  of  PS.  The  loss  mechanism  is  neither 
an  in-chain  or  side- chain  motion  but  a  separate  phase  which 
may  be  chemically  couplet!  to  PS. 

The  p  peak  has  been  studied  by  a  number  of 
investigators.  Martin,  Rogers  and  Mandelkern  found  evidence 
of  it  at  -30°C  by  thermal  expansion  (45).  Wunderlich  and 
Bodily(4/Jdetected  it  by  DDTA  as  covering  the  range  from  -25 
to  +70°C,  but  centering  around  27°C  (6l).  Illers  (57)  in¬ 
vestigated  this  loss  in  PS  and  its  derivatives,  finding  a  dy¬ 
namic  loss  peak  for  PS  in  the  region  of  25-6o°C  as  the  frequency 
changed  from  0.05  to  40  cps,  with  an  apparent  activation 
energy  of  55  K  Cal.  It  is  thought  that  this  process  involves 
the  lib  rational  motion  of  phenyl  rings,  although  we  tend  to 
consider  it  as  a  Tg  crankshaft  type  of  motion. 

We  have  one  example  where  the  p  transition  appears 
to  affect  mechanical  property  measurements.  Seitz  and 
Balasz  (62)  were  studying  the  creep  of  PS  at  several  tempera¬ 
tures  below  T  .  They  planned  to  extrapolate  to  room 
6 

temperature  by  the  superposition  principle  so  that  long  term 
creep  properties  could  be  predicted.  They  quickly  discovered 


that  their  data  was  not  suitable  for  extrapolation.  At  first 
they  doubted  their  experimental  results  until  I  pointed  out  the 
existence  of  this  secondary  loss  peak  and  the  experience  of 
Roetllng  with  PMMA.  Pig.  21  shows  schematically  the  problem 
which  they  faced. 

Both  Illers  (57)  and  Turley  (63)  found  that  the 
height  of  this  £  peak  increased  with  quenching.  One  might 
expect  that  creep  data  obtained  below  Tg  and  above  would 
depend  on  prior  thermal  history  in  much  the  same  manner  as 
for  PMMA  n,  in  Fig.  16. 

Above  T  is  an  apparent  transition  or  relaxation  in 

o 

the  region  of  l6o°C  which  we  labeled  variously  as  T.  or 

l  jl  i 

T  y  T  .  We  recently  reviewed  the  thermal  and  rheological 

o 

data  pertaining  to  this  transition  (55)-  These  data  indicated 
some  discrepancies  which  have  not  yet  been  resolved.  We 
propose  now  to  up-date  our  previous  review. 

A  quite  different  approach  to  the  T  =  T  ^  ^  J  Tg 
transition  in  polystyrene  is  offered  by  ^olborne  (64)  who 
studied  polystyrene-plasticizer  systems  by  two  different  tech¬ 
niques.  In  one  case  he  measured  melt  viscosities  by  a  falling 
ball  method  as  a  function  of  temperature  and  concentration. 

Plots  of  log  *1  , .  against  1/T  consisted  of  two  straight 

line  portions  whose  intersection  was  at  a  lower  temperature 
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the  greater  the  amount  of  diluent.  In  the  second  method, 
plasticised  films  were  placed  on  a  hot  stick  and  the  lowest 
temperature  at  which  tackiness  developed  was  noted.  Figure  22 
is  a  plot  of  adhesiveness  temperature  and  Tg  both  as  a 
function  of  weight  percent  tricresylphosphate . 

Both  Plazek  and  Fox  commented  during  the  discussion 
period  about  the  T>  T  transition  in  polystyrene.  Dr.  Plazek 

o 

presented  melt  viscosity  data  which  failed  to  show  any  evidence 
for  some  transition  in  the  region  of  l6o°C.  Fox  _.ggested  that 
the  Colbome  data  shown  in  Figure  22  might  be  a  manifestation 
of  an  isoviscous  state.  Since  Plazek 's  remarks  and  data  will 
appear  in  the  discussion  section,  and  since  Dr.  Fox  raised 
a  fundamental  question,  I  wish  to  comment  on  both  points. 

Of  greatest  relevance  to  this  symposium  is  a  study 
by  Duda  and  Vrentas  (65)  on  the  solubility  and  diffusion  of 
n-pentane  in  polystyrene  at  elevated  temperatures.  The  dif¬ 
fusion  results  are  shown  in  Figure  23.  The  dramatic  change  in 
slope  at  150°C  is  unmistakable  while  the  numerical  values  of 
the  two  activation  energies  agree  rather  well  with  values  we 
previously  calculated  from  melt  viscosity  (55)*  Solubility 
values  are  not  shown  but  also  went  through  an  abrupt  change 
at  150°. 


Secondly,  Plazek  (66)  has  recently  presented  an 
extensive  review  on  melt  viscosity  in  which  he  gave  the 
remarkable  set  of  curves  shown  schematically  in  Figure  24. 
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This  is  a  log-log  plot  of  the  reduced  viscosity,  , 

against  the  viscosity  average  molecular  weight,  . 

The  data  at  160  and  217°C  show  the  characteristic  Increase  in 
slope  from  unity  below  the  critical  entanglement  molecular 
weight  (/v  35,000)  to  a  slope  of  3-^  above  this  molecular 
weight.  However,  the  two  curves  obtained  at  100  and  119°C 
have  the  slope  of  about  J.k  on  either  side  of  the  critical  M.W. 
which  might  indicate  entanglement  at  all  molecular  weights. 

In  any  event,  there  is  an  abrupt  change  in  character  on  going 
from  119°C,  which  is  well  above  T  ,  to  the  temperature  of 

o 

l60°C.  I  believe  this  new  experimental  data  is  consistent 
with  my  proposed  explanation  of  the  T  >  T  transition  being 

o 

the  temperature  at  which  entire  polymer  chains  can  change 
centers  of  gravity. 

Finally,  a  colleague  ofmine  has  supplied  some 
unpublished  melt  viscosity  data  on  polystyrene  in  which  he 
calculated  the  Rabinovitch  number  (67).  This  number  is  simply 
the  slope  of  the  double  logarithmic  plot  of  shear  stress  against 
shear  rate.  Figure  25  is  illustrative  of  his  results.  The 
Rabinovitch  number  is  essentially  independent  of  shear  stress 
at  l6o°C  but  decreases  monotonically  at  170°C.  Data  at  180 
and  190°C  follow  the  same  pattern  as  the  170°C  curve. 

Dr.  Fox  was  asking,  as  I  interpreted  him,  the  basic 
question:  Is  this  T  ^  T  phenomenon  simply  some  manifestation 

o 

of  an  isoviscous  state,  especially  in  the  Colborne  data,  and 
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therefore  possibly  an  artifact  of  the  measuring  method  rather 
than  an  inherent  property  of  polystyrene?  This  problem  had 


concerned  me  while  thinking  about  the  variation  of 


with  molecular  weight  (Table  1  of  Ref.  55).  Some  elaboration 


of  this  point  may  be  pertinent  now. 


One  very  simple  method  of  getting  numerical  values 

for  an  isovlscous  state  in  molten  polystyrene  was  to  take  the 

experimental  plots  of  Allen  and  Pox  (68)  of  log  melt  viscosity 

against  linear  temperature  at  various  molecular  weights  and 

.  4 

draw  a  horizontal  line  corresponding  to  *1  =  10  poise. 

(Actually,  we  had  an  8-1/2  X  11"  plot  from  a  manuscript  which 

Dr.  Pox  had  sent  us.)  One  could  then  read  off,  simultaneously, 

4 

values  of  molecular  weight  and  temperature  for  which  /|  -  10 
poise.  The  results  are  shown  in  Figure  26  where  there  is  a 
characteristic  change  at  the  critical  molecular  weight  for 
chain  entanglement. 

4 

The  choice  of  =  10  as  the  value  to  use  for  an 

isovlscous  state  was  arbitrary  but  was  selected  for  two  reasons 

it  permitted  the  largest  number  of  datum  pointB,  and  the 

temperatures  which  resulted  were  not  too  different  from  T ^  ^ 

values.  A  partial  check  at  other  values  of/|  =  constant 

indicated  similar  results.  Figure  27  compares  T  a  g  and 

A  >£ 

isovlscous  state  temperatures  as  a  function  of  molecular  weight 
There  is  strong  indication  that  T  ^  £  is  not  an  isovlscous 
state,  especially  in  the  high  molecular  weight  range,  although 
additional  data  are  needed  to  settle  this  point. 


m 
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Theoretical  consideration  of  how  melt  viscosity  depends 
on  molecular  weight,  temperature  and  activation  energy,  and 
how  the  activation  energy  Itself  decreases  with  temperatures 
above  T  would  further  indicate  that  the  results  of  Figure  26 

o 

are  what  should  be  expected. 

The  Colborne  data  are  for  a  solvent-diluent  system. 

In  this  case,  in  order  to  get  numerical  values  for  an  isoviscous 

state,  we. have  used  the  data  of  Fox,  Oratch  and  Loshaek  (69) 

for  the  system  Polystyrene- Dibenzylether  with  a  polystyrene  of 

4 

M  =  70,000.  Once  again  =  10  poise  was  chosen  for  the 

Isoviscous  state.  The  calculated  temperatures  against  weight 

fraction  of  polymer  are  shown  in  Figure  28.  yielding  a  good 

straight  line.  A  straight  line  also  results  for  XJ  =  1  poise. 

It  lies  above  and'  has  a  higher  slope  than  the  curve  for 
4 

7j  =  10  .  Because  of  difference  in  diluents,  one  cannot  be 

certain  about  the  comparison:  the  Colborne  temperature  drops 

4 

with  diluent  much  faster  than  does  thei|  =  10  temperature 
but  Colborne 's  results  may  still  signify  an  Isoviscous  state. 

Finally,  in  the  sense  of  this  symposium,  some  molecular 
event  occurs  in  polystyrene  at  about  l6o°C  which  affects 
important  physical  properties  such  as  diffusion,  melt  flow  and 
tackiness.  The  fact  that  an  isoviscous  state  may  be  involved 
does  r.ot  detract,  in  our  opinion,  from  the  significance  of 


the  observations . 


PART  III.  Summary 


We  have  attempted  in  this  admittedly  superficial 
survey  to  review  instances  where  physical  properties  of  a 
few  key  polymers  showed  some  change  which  might  be  associated 
with  secondary  transitions  and  relaxations  (i.e.,  those  other 
than  Tg  and  Tffl).  In  general,  one  or  more  of  the  following 
properties,  which  could  be  of  interest  to  the  design  engineer 
concerned  with  the  intelligent  use  of  plastics,  were  noted  to 
change.  See  Table  V. 

We  assumed  for  the  most  part  that  dynamic  mechanical 
spectroscopy  at  about  1  cps  was  the  tool  which  indicated  the 
existence  of  a  secondary  loss  mechanism  while  dielectric  loss 
and  NMR  were  auxiliary  tools  to  aid  in  understanding  the 
phenomenon. 

We  also  recognize  that  certain  basic  laws  of  physics 
require  certain  relationships,  i.e., 

a  drop  in  modulus  will  accompany  an  energy  loss 
maximum 

creep  and  dynamic  mechanical  loss  have  a  common 
molecular  basis. 
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TABLE  V 

Some  Physical  Properties  Which  Change  at  Secondary  Transitions 

Modulus  of  elasticity 

Coefficient  of  thermal  expansion 

Impact  strength 

Tensile  strength 

Toughness 

Tearing  energy 
Tensile  breaking  energy 

Creep  rate 

Heat  content  (Cp,  DTA,  etc) 

Rheological  properties 

Apparent  activation  energy 
Non-Newtonian  flow 
Chain  entangelement 

Coefficient  of  friction 

Dielectric  loss 

Tackiness  temperature 


Solubility  and  diffusion  of  solvents 
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Finally,  in  Table  VI  we  summarize  the  various 
specific  instances  in  which  we  sought  a  correlation  between 
room  temperature  impact  strength  and  a  lew  temperature 
secondary  transition  or  relaxation. 

One  might  conclude  from  these  examples  that  a  low 
temperature  absorption  peak  is  neither  a  necessary  nor  a 
sufficient  condition  to  give  good  room  temperature  impact, 
but  that  it  is  helpful  in  more  cases  than  not. 

It  seems  quite  probable  that  awareness  of  possible 
relationships  between  secondary  transitions  and  physical 
properties  will  result  in  many  new  examples  being  found.  In 
some  instances,  more  sensitive  tests  may  have  to  be  devised. 


TABLE  VI 


effect  of  secondary  loss  peaks 

ON  ROOM  TEMPERATURE  IMPACT 


Materia] 

^Existence  of 
Low  Temp . 

Loss  PpoI/ 

Room  Temp . 

_  x  “  tliv 

Impact 

Polycarbonate  (a) 

yes 

tough 

o-Methyl  subst.  Polycarbonate 

PTPE  (a),  (b) 

no 

yes 

brittle 

tough 

PE  (a),  (b) 

yes 

tough 

PMMA 

no 

brittle 

PVC 

yes 

tough 

PVC  +  10#  plasticizer 

no 

brittle 

Polystyrene 

no 

brittle 

Polystyrene  +  %  rubber 

yes 

tough 

PCHMA 

yes 

brittle 

PPO 

no 

tough 

(a) 

(b) 


Also  tough  St  77  which  is  below  lowest 
Above  Tg  at  room  temperature. 


low  temp,  peak 
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APPENDIX  A 


The  energy  absorption  data  of  Maxwell  and  Harrington 
for  PMMA  shown  in  Figure  18  are  sufficiently  intriguing  as  to 
provoke  the  following  ad  hoc  interpretation  in  terms  of 
multiple  transition  phenomena. 


We  suppose  three  transitions,  a  =  Tg,  p  and  ^ 
as  suggested  by  the  data  in  Table  III.  Figure  29  is  a  log 
frequency  linear  temperature  plot  in  which  we  postulate 
constant  activation  energies  for  the  p  and  ^  transitions 
(see  page  1^68  of  Ref.  2).  We  suggest  further  that  the 
activation  energy  for  T  is  quite  low  until  the  glass 

o 

temperature  is  approached.  This  follows  the  finding  of 
McLqughlln  and  Tobolsky  (J.  Colloid  Science,  J,  55  (1952), 
specifically  Fig.  9)  for  PMMA. 

Now,  at  point  a  on  Fig.  29,  namely,  50°C  and  a 
rate  of  0.001"/sec.,  the  sample  is  above  its  ^  transition 
and  will  be  relatively  tough.  Increasing  the  rate  to  point  b 
takes  the  sample  below  its  ^  transition  and  one  mode  of 
molecular  motion  is  effectively  lost.  Hence  the  energy 
absorbtion  drops  from  A  to  B  in  Fig.  30,  which  is  the  equivalent 


of  traversing  the 


transition. 
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Starting  next  at  point  c  on  Pig.  29  and  increasing 
the  rate  of  straining  takes  the  sample  through  the  £  and 
the  ^  transitions,  corresponding  to  points  C  to  D  to  E 
on  Pig.  30. 

At  point  f,  it  is  assumed  in  effect,  that  T  has 

o 

been  lowered  by  the  applied  stress  so  as  to  be  effective  at 
70°C.  We  further  presume  that  the  0  and  ^  transitions  have 
effectively  merged.  This  then  gives  the  regions  P  to  g 
and  g  to  H  to  I  in  Fig.  30.  F  to  g  is  the  largest  drop 
thus  far,  in  keeping  with  the  importance  of  T  . 

o 

The  90°C  data  are  not  indicated  on  Fig.  30  although 
their  course  is  similar  to  the  70°  data.  The  decreased  energy 
absorption  for  0.001 '^sec.  at  90°C,  presumably  arises  from  the 
fact  that  tensile  strength  is  approaching  zero  rapidly  at 

V 

It  should  be  mentioned  that  an  analysis  similar  to  that 
in  Pig.  29  and  30  will  result  by  assuming  only  two  transitions, 
namely,  T  and  (9  ,  although  the  fine  details  do  not  agree  as 

O 

well  with  Fig.  18. 
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APPENDIX  B 


It  seemi  fitting  to  conclude  this  survey  with  brief  recognition 
of  some  of  the  key  individuals  who  first  noted  the  correlation  between 
mechanical  properties  of  polymers,  such  as  impact  strength,  and 
dynamic  mechanical  loss  curves.  We  have  not  attempted  a  definitive 
literature  study  but  believe  we  have  covered  the  key  references. 

It  is  quite  certain  that  as  early  as  1950  Buchdahl  and  Nielsen 
( J.  Appl.  Phys.  21,  482  1950)  had  studied  the  dynamic  loss  behaviour 
of  rubber  modified,  or  impact,  polystyrenes  and  shown  a  low  temperature 
loss  peak  which  could  be  ascribed  to  the  presence  of  rubber  as  a  separate 
phase,  in  addition  to  the  main  glass  peak  of  polystyrene. 

We  also  know  from  private  sources  that  as  early  as  1955  Wolf 
and  his  collaborators  at  Badische  were  using  dynamic  mechanical  loss 
to  characterize  a  wide  variety  of  rubber  modified  polystyrene  type 
materials. 

However,  Bohn  and  Oberst  (Acustica,  _1»  191  1959)  presented 
a  more  formal  study  of  the  subject  in  which  they  measured  dynamic 
modulus  and  loss  at  frequencies  in  the  range  of  10  to  1,  000  Hz,  and 
impact  strength,  all  as  a  function  of  temperature,  for  polypropylene 
and  polytrifluorochloroethylene  (PTFCE).  They  showed  that  impact 


strength  increased  exponentially  starting  at  temperatures  not  too  far 

below  the  maximum  in  the  dynamic  loss  curves.  They  further  emphasized 

o 

that  a  seoondary  loss  peak  (T<  Tg)  in  PTFCE  around  0  C.  seemed  to  be 
decisive  for  the  good  impact  strength  of  this  material  at  room  temperature. 
In  their  final  paragraph  they  suggest  the  possibility  of  introducing  secondary 
loss  peaks  through  mixtures  or  copolymerization  which  will  improve  impact 
strength  without  an  appreciable  sacrifice  in  modulus. 

A  year  later,  and  presumably  completely  independent  of  Bohn  and 
Oberst,  Stave rman  and  Heijboer  (Kunststoffe,  50,  23  I960)  discussed  the 
general  connection  between  scientific  tests  such  as  dynamic  spectroscopy 
and  many  of  the  practical  tests  on  plastic  materials.  Their  Figure  7 
show 8  a  complete  parallel  between  impact  strength  and  compliance  at 
1,  000  Hz,  both  as  a  function  of  temperature,  for  polypropylene. 

Next,  three  references  appearing  in  1961  might  be  noted: 

Nielsen  (Ref.  4,  p.  180),  in  one  concise  paragraph,  sums  up  most  of  the 
substance  of  our  current  review.  His  only  reference  is  to  a  paper  by 
Bobalek  and  Evans  (SPE  Transactions,  1,  93,  1961)  who  studied  aspects 
of  dynamic  mechanical  loss  curves  that  could  be  related  with  impact 
strength.  They  made  the  generalization  that  non- impact  polymers 
have  damping  curves  which  are  "low  and  flat  below  the  main  glass 
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transition,  "  whereas  impact  resistant  polymers  have  "high  damping 
either  with  several  sharp  peaks  or  one  or  two  broad  wide  peaks.  " 

Thirdly,  Illers,  Kilian  and  Kosfeld  (Ann.  Rev.  of  Phys.  Chem. ,  Vol.  12, 
p.  fO,  Scht.  1961)  ascribes  the  good  flexibility  of  polycarbonate  at  low 
temperature  to  a  "second  definite  relaxation  process  at  low  temperature.  " 
No  prior  reference  or  elaboration  of  this  point  is  given  at  this  specific 
point  in  their  paper  although  later,  on  page  64,  they  state:  "There  is  a 
general  tendency  to  replace  the  technological  testing  process  to  a  great 
extent  with  scientific  methods.  The  extent  to  which  this  is  already 
possible  today  is  convincingly  demonstrated  by  Bohn  and  Oberst  (1.  c. ) 
and  Staverman  and  Heijboer  (1.  c. ).  " 


CAPTIONS  POR  FIGURES 


Figure  ] 

Figure  c 

Figure  3 

Figure  4 

Figure  5 

Figure  6 
Figure  7 

Figure  8 


Examples  of  multiple  transitions  and  relaxations, 
using  the  original  designations  of  the  authors. 
(Ref.  2,  Fig.  1). 

Change  in  shear  modulus  at  the  glass  temperature, 

T  .  for  atactic  polystyrene  and  at  T  and  T. 
g  g  m 

for  isotatic  polystyrene  (R  f.  3,  Fig.  11-20). 

Dynamic  mechanical  loss  at  1  cps  for  bisphenol 
polycarbonate.  Schematic  after  Heijboer  (Ref.  5). 

Variation  of  ultimate  yield  strength  with 
temperature  for  bisphenol  polycarbonate ,  after 
Miller  (8). 

Variation  of  NMR  line  width  (9)>  dielectric  loss 
(10),  dynamic  mechanical  loss  (5)  ultimate  yield 
strength  (8)  and  impact  strength  (5)  for 
bisphenol  polycarbonate. 

Dynamic  modulus  of  Fluon  PTFE  (13). 

Linear  extrapolation  of  T  values  for 

o 

tetrafluoroethylene  copolymers  to  a  value 
for  amorphous  PTFE.  Data  from  Ref.  17 . 

Impact  strength  of  PTFE  as  a  function  of 
temperature .  ( 19 ) • 
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Figure 


Figure 


Figure 


Figure 


Figure 


9  Variation  of  the  a*  0  -  Tg  and  £  transitions 
in  ethylene  propylene  copolymers.  Schematic 
based  on  numerous  sources 

10  Dart  drop  Impact  strength  of  linear  PE  against 

temperature.  The  three  vertical  lines  are  left 
to  right  at  1  cps;  •  Tg  for  completely 

amorphous  sample;  Tg  for  highly  crystalline 
PE. 

11  Four  physical  properties  reflecting  the  a 

transition  in  linear  polyethylene,  (a)  b  axis 
from  X-rays  (31);  (b)  refractive  index  of 

single  crystals  (3?);  (c)  NMR  line  width  of 

single  crystals  (33),  (34);  (d)  radiation  cross- 

linking  of  well,  crystallized  specimen  (33)* 

12  Correlation  of  Charpy  impact  strength  with  1000 

cps  dynamic  loss  data  for  pure  PVC  after  Oberst  (38). 

13  Correlation  of  Impact  strength  of  PVC  plasticized 
with  DOp  with  peak  height  of  0  transition  by 
dynamic  mechanical  loss,  using  data  by  Bohn  (39). 

The  numbers  on  the  curve  are  the  ratios  of  PVC 

to  plasticizer. 
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Figure  14  Schematic  representation  of  dynamic  mechanical 

loss  plots  for  a  hard  polymer.  A;  a  soft  polymer, 

B;  a  random  copolymer,  AB;  and  a  copolymer  of 
A  and  B  whose  composition  Is  allowed  to  drift. 
(Based  on  Ref.  4l,  42). 

Figure  15  Dynamic  mechanical  loss  curve  for  PMMA 
according  to  Wolf  (44). 

Figure  16  Coefficient  of  thermal  expansion  of  PMMA 
according  to  Heydemann  and  Guicking  (4}). 

Figure  17  Stress  relaxation  of  PMMA  at  80°C  as  a  function 

of  rate  of  quenching.  McLqughlin  and  Tobolsky  (49). 

Figure  18  Energy  for  tensile  failure  for  PMMA  as  a  function 
of  strain  rate  and  temperature.  Maxwell  and 
Harrington  (51)- 

Figure  19  Impact  strength  and  dynamic  loss  of  PPO  after 
Heijboer  (5)«  The  arrows  indicate  impact 
strength  of  PC  and  PE  at  -200°C. 

Figure  20  Dynamic  mechanical  loss  of  Polycyclohexylmethacrylate 
at  1  cps  after  Turley  (63). 

Figure  21  Suggested  variation  of  creep  rate  of  polystyrene 
with  temperature  in  the  region  of  T^  and  Tg 
after  Seitz  and  Bal  asz  (62). 
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Figure  22  The  adhesiveness  of  polystyrene  -  tricresyl- 
phosphate  systems  after  Colborne  (64).  The 
Tg  plot  is  shown  for  comparison. 

Figure  23  Diffusion  constant  for  n-pentane  in  polystyrene 
according  to  Duda  and  Vrentas  (63). 

Figure  24  Schematic  representation  of  Plazek  data  for 

variation  of  the  melt  viscosity  of  polystyrene 
with  molecular  weight  at  four  different 
tempe rat ores. 

Figure  25  Variation  of  the  Rabinowitch  number  for 
polystyrene  melts  at  l60°C  and  at  170#C. 

Higher  temperatures  follow  the  170°C  line. 

Figure  2$  Definition  of  an  isoviscous . state  for  polystyrene 

against  molecular  weight.  The  ordinate  is  the 

temperature  at  which  a  polystyrene  sample  of 

a  given  molecular  weight  will  have  a  zero  shear 

4 

melt  viscosity  of  10  poise.  Points  shown  are 
calculated  from  data  by  Allen  and  Fox  (68). 

Figure  27  Plot  from  Figure  25  compared  with  the  T  ^  q  (T>  Tg) 
amorphous  transition  in  polystyrene ,  both  as  a 
function  of  molecular  weight . 
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Figure  26 


Figure  29 


Figure  30 


Isovi  icoub  state  for  polystyrene-dibenzyl 

ether  systems.  Ordinate  Is  the  temperature  at 

which  an  Indicated  composition  has  a  viscosity 
4 

of  10  poise.  Points  are  calculated  from  data 
of  Fox,  Gratch  and  Loshalek  (69). 

Attempt  to  explain  strain  energy  results  of 
Figure  18  for  PMMA  based  on  three  loss 
mechanisms  having  the  Indicated  temperature  - 
frequency  dependence. 

Predicted  energy  -  strain  rate  curves  based  on 
Figure  29.  The  90°C  results  are  not  plotted 
to  avoid  overcrowding.  Compare  with  Figure  18- 
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Dart  Drop  Impact  of  High 
Density  (0.955)  Polyethylene 

(Data  of  S.  G.  Turley) 
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DIFFUSION  OF  n-PENTANE  IN  POLYSTYRENE 

Data  by  Duda 
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MULTIPLI  TRANSITIONS  IN  POLYALKYL  METHACRYLATES* 

Robert  A.  Hal don  and  Robert  Siraha* 

Department  of  Chemistry,  Univeraity  of  Southern  California 
Los  Angeles,  California  90007 

ABSTRACT 

A  series  of  polyalkyl  methacrylates,  two  hydroxylated  methacrylates, 
polymethoxy  ethyl  methacrylate  and  polymethyl  acrylate  have  been  studied  by 
linear  expansion  and  torsion  pendulum  measurements,  in  the  temperature  range  from 
-10O°C  to  Just  above  the  respective  "lass  transition  temperatures.  The  length  - 
temperature  (L-T)  data  were  analyzed  by  a  least  squares  differentiation  procedure, 
based  on  moving  arcs,  to  give  directly  the  thermal  expansion  coefficients  as 
a  function  of  temperature. 

The  L-T  measurements  suggest  the  existence  of  two  T  transitions  (T  -  100 

g 

<  T  <  T  )  in  the  polymers  with  the  more  flexible  side  chains,  and  one  transi- 

se  g 

tion  for  polymers  with  bulky  side  groups.  There  is  also  evidence  of  a  third 

T  transition  at  about  -120  to  -90°C,  which  may  be  associated  with  adsorbed 
&& 

water  molecules.  In  similar  fashion  to  that  of  T  ,  the  location  of  the  T 

<5  GG 

transitions  decreases  upon  increasing  the  length  of  the  n-alkyl  side  chain.  The 

hydroxylated  polymers  have  higher  T  's  than  the  corresponding  alkyl  samples, 

G 

and  have  thermal  expansion  coefficients  only  about  one  half  as  large,  both 

features  being  a  result  of  interchain  hydrogen  bonds. 

Torsion  pendulum  measurements  indicate  only  one  clear  cut  T  transition  region; 

GG 

*  This  work  was  supported  by  the  National  Aeronautics  and  Space  Administration 
under  grant  FsG-3^3,  to  the  University  of  Southern  California. 

Fw«<Ll4< 

t  J.  p.  Kennedy  TlemorialA Senior  ^ellov.  The  "eiznann  Institute  of  Science, 

Rehovoth,  Israel,  1966/67. 


Abstract  -  2 


hence  it  seems  that  the  two  T  transitions  observed  in  the  expansion  studies 

cannot  be  unequivocally  resolved  by  dynamic  measurements. 

Expansion  coefficients  of  the  n-alkyl  series  suggest  the  retention  of 

some  excess  free  volume  below  T  for  side  chains  larger  than  ethyl.  Substitu- 

8 

tion  of  3a the  expansion  coefficient  below  our  second  T  transition,  into 
3  eg 

the  Simha-Boyer  equation,  (a  -  a  )*T  ,  gives  a  value  close  to  their  empirical 

l  8  8 

constant.  This  supports  their  suggestion  that  polymers  with  pronounced 
sub-group  motions  exist  in  an  iso-free  volume  state  below  the  sub-group  transi¬ 
tion  temperature. 
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Robert  A.  Haldon  and  Robert  Simha* 

Department  of  Chemistry,  University  of  Southern  California 
Los  Angeles,  California  90007 


INTRODUCTION 

Simha  and  Boyer'*'  have  proposed  a  simple  method  of  calculating  a  free 
volume  of  polymeric  materials  at  their  glass  transition  temperatures,  using 
thermal  expansion  data.  If  and  are  the  cubical  expansion  coefficients 
above  and  below  the  glass  transition  temperature,  T  ,  then, 

(a,  -  a  )*T  =  Aa»T  «  K  (l) 

IgA  g 

may  be  interpreted  as  a  fractional  free  volume.  Values  of  K  are  observed^  to 

fluctuate  around  0.113  for  polymers  free  from  pronounced  sub-group  motions 

below  T  .  One  type  of  system  found  not  to  obey  the  above  relationship  was  a 

g 

2 

series  of  poly  n-alkyl  methacrylates,  in  which  K  decreased  on  lengthening  the 
side  chain,  at  least  up  to  n  3  12.  Polyalkyl  methacrylates  are  known  to  have 
sub-group  transitions  below  T  and  Simha  and  Boyer  proposed  that  the  side 
chains  retain  excess  free  volume  on  cooling  below  T^f  leading  to  an  unusually  hi^h 

value  of  a  ,  and  that  the  relevant  free  volume  quantity  should  be  (a  -  a  ,  )*T  , 

g  t  g  g 

where  a  ,  is  the  expansion  coefficient  below  the  side  group  transition  tempera- 

G 

ture. 

Other  polymers  with  long  flexible  side  chains  show  abnormally  high  values 

of  a  and  correspondinglv  low  values  of  the  product  do*T  ,  Such  systems  include 
g  g 

the  poly  n-alkyl  acrylates  and  the  polyvinyl  n-alkyl  ethers.  Dannis^ 

*  This  work  was  supported  by  the  National  Aeronautics  and  Space  Administration 
under  grant  MsG-3*»3,  to  the  University  of  Southern  California. 

t  J.  F.  Kennedy  Memorial  Foundation  Senior  Fellow,  The  Weizmann  Institute  of 
Science,  Rehovoth,  Israel,  1966/67. 
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observed  very  high  values  of  the  glassy  state  linear  expansion  coefficient, 
(l/t)(di/dT)  for  a  series  of  poly  o-olefins,  but  did  not  report  his  data 
above  T  .  The  expansion  coefficient  increased  four  times  on  changing  the 

o 

pendent  group  from  methyl  to  hexyl. 

The  purposes  of  the  present  study  are  to  measure  the  expansion  coefficients 
for  a  series  of  poly  n-alkyl  methacrylates,  to  look  for  T  <  T  transitions,  and 
to  examine  the  suggestion  of  Simha  and  Boyer. ^  We  shall  also  attempt,  by 
studying  additional  methacrylates,  to  assign  molecular  motions  to  the  observed 
minor  transitions.  Both  dilatometry  and  low  frequency  dynamic  measurements  are 
used  to  allow  a  comparison  of  the  two  techniques.  The  temperature  range  inves¬ 
tigated  varies  from  -180°C  to  above  the  glass  transition  temperature  of  the 
respective  polymer. 


EXPERIMENTAL 


Materials 

The  polymer  samples  studied  are  listed  in  Table  I. 

Preparation  of  Test  Specimens 

a)  for  Length-Temperature  Measurements 

The  PMMA  was  molded  in  a  compression  mold  at  a  temperature  about  l65°C 
and  a  pressure  about  5,000  lbs/sq.  in.  The  remaining  samples  were  obtained  as 
transparent  sheets  and  were  cut  to  shape  from  this,  except  for  PnHMA,  PnOMA  and 
PnDMA.  These  latter  three  materials  were  in  30^  benzene  solution.  The  solvent 
was  evaporated  and  the  samples  cut  from  the  cast  polymer.  The  test  specimens 
were  in  the  form  of  a  cylinder  about  1  inch  long  and  l.A  inch  in  diameter. 

The  ends  of  the  cylinder  were  filed  flat  and  carefully  sanded  before  use. 

Since  polymethacrylates  adsorb  moisture. 


th#  prepared  specimens  were  stored  in  vacuus*  'Hie  sample  lengths  were  mea¬ 
sured  at  room  temperature  with  a  micrometer  reading  to  0.0001  inches. 

b)  for  Torsion  Pendulum  Measurements. 

Iffttej  l studied  1 

Allj polymerij  were  compression  molded  at  100-l65°C  and  a  pressure  of 
5*000  lbs/sq.  in.,  to  a  thickness  of  20  mils.  Specimens  about  5  cm.  long 
and  1-1.5  cm.  vide  were  cut  from  the  molded  material. 

Procedures 

a)  Length-Temperature  Measurements. 

These  were  obtained  in  an  automatic  device  similar  to  that  described 

g 

by  Eisenberg  and  Sasada.  The  cylindrical  sample  is  placed  in  a  flat  bottomed 
quarts  tube  to  which  is  also  attached  the  coil  assembly  of  a  Linear  Variable 
Differential  Transformer  (LVDT).  Sample  dilation  is  transferred  to  the  LVDT 
by  a  second  quarts  tube,  within  the  first,  resting  on  too  of  the  sample  and 
carrying  the  LVDT  core.  The  excitation  frequency  of  the  primary  coil  is 
3,000  cycles  per  second  and  the  secondary  output  passes  via  an  indicator  - 
amplifier  to  one  input  of  a  two  point  recorder.  The  quartz  tube  assembly  is 
housed  in  an  aluminum  block,  used  as  the  heating  or  cooling  unit,  and  which 
in  turn  rests  in  a  Dewar  flask.  This  block  ha«  a  cartridge  heater  in  a  cen¬ 
tral  well.  Temperature  is  measured  by  a  30  gauge  copper  -  constantan  thermo¬ 
couple  placed  in  an  identical  position  to  the  sample,  and  connected  to  the 
second  input  of  the  recorder. 

The  transformer  output  is  approximately  13  millivolts  for  full  scale 
deflection  and  is  linear,  within  *0.255,  in  the  range  1  x  10~**  to  1  *  10~^ 
inches,  where  zero  corresponds  to  the  zero  induction  point  of  the  transformer. 
The  maximum  useable  sensitivity  was  about  4  x  10*"^  inches  of  scapie  expan¬ 
sion  per  inch  of  recorder  deflection  and  that  generally  used  was  about 
-4 

8  x  io  inches  per  inch.  The  recorder  chart  could  be  read  to  *0.01  inches 
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corresponding  to  a  length  change  of  8  *  10“^  inches.  The  thermocouple  out- 
put  was  read  in  0.1  mv.  increments,  corresponding  to  2,5°C  at  room  tempera¬ 
ture  and  5.6°C  at  liquid  nitrogen  temperatures. 

The  LVDT  vas  calibrated  by  applying  a  length  change  with  a  micrometer 
reading  to  0.0001  inches. 

The  runs  reported  here  vere  performed  by  heating  the  samples  up  from 
liquid  nitrogen  temperature  to  the  glass  transition.  The  aluminum  block  and 
sample  were  cooled  down  to  liquid  nitrogen  temperatures  over  a  period  of 
about  an  hour,  by  pouring  liquid  nitrogen  into  the  surrounding  Dewar.  The 
sample  was  then  stabilized  at  the  lowest  temperature  (about  -l85°C)  for  about 
1/2  -  1  hour  while  the  liquid  nitrogen  surrounding  the  block  boiled  off,  and 
then  allowed  to  heat  up.  The  natural  heating  rate  was  about  l°C/min,  at  the 
lowest  temperature  and  at  about  -lU0°C  the  rate  was  controlled  at  0.2  to 
0.3°C/min.  by  increasing  the  voltage  to  the  cartridge  heater.  The  heating 
cycle  was  chosen  because  it  was  easier  to  reproduce  slow  vanning  rates  than 
slow  cooling  rates.  Increasing  the  heating  rate  to  l°C/min.  gave  no  observ¬ 
able  differences  in  the  length-temperature  curves. 

b)  Torsion  Pendulum  Measurements. 

Mechanical  loss  maxima  were  determined  with  a  freely  oscillating  torsion 

o 

pendulum  similar  to  that  described  by  Cuddihy  and  Moacanin.  The  torsion  bar 
and  upper  clamp  are  suspended  from  a  supporting  structure  by  a  thin  piano 
wire.  The  lower  clamp  is  fixed  and  the  specimen  is  held  between  the  two 
clamps  and  surrounded  by  a  Dewar  flask.  Heating  is  provided  by  compressed 
air  and  cooling  by  liquid  nitrogen,  using  dry  nitrogen  as  the  exchange  gas. 

A  copper  -  constantan  thermocouple  placed  close  to  the  sample  measures  the 
temperature.  The  oscillations  are  started  by  twisting  the  torsion  bar 
through  a  small  angle,  and  are  recorded  by  an  electric  sparkover  between 


a  tungsten  needle  and  a  rotating  drum,  provided  with  electro-sensitive  paper. 
The  frequency  range  used  was  0.3  to  1.5  Hz.,  and  damping  is  expressed 
as  the  natural  logarithm  of  two  successive  amplitudes,  i.e., 

6  =  In 


Analysis  of  L-T  Data 

Volume  or  length  versus  temperature  data  are  conventionally  analysed 
by  passing  a  series  of  straight  lines  through  the  points.  This  procedure, 
although  adequate  usually  to  determine  the  major  glass  transition  temperature, 
is  generally  unsatisfactory  for  minor  transitions  where  the  changes  in  slope 
can  be  very  snail.  Zakin,  Sinha  and  Ilershey^  have  shown  that  differentiating 
the  data  will  more  clearly  locate  minor  transitions  and,  particularly  for  a 
polyurethane  sample,  showed  that  a  minor  transition  can  be  "missed"  by  simply 
drawing  straight  lines  through  the  data. 

The  derivatives  of  the  L-T  data  were  therefore  obtained  directly  by  a 

moving  arc  method^*^  previously  described.^  In  this  method  local  data 

the  method, 

points  are  fitted  with  least  square  polynomials ,  and  ""  can  be  used  conven¬ 
iently  on  data  points  equispaced  in  one  variable.  As  before,  a  seven  point 
parabola  was  chosen.  The  equispaced  variable  was  the  thermocouple  voltage. 

The  relation  between  thermocouple  EMF  and  temperature  is  not  linear  and  the 
derivatives  were  obtained  using  a  5-point  moving  arc  parabola.  The  output 
voltage  of  the  LVDT  is  directly  proportional  to  changes  in  the  sample  length 
and  thus  the  linear  expansion  coefficient,  a',  can  be  computed  as: 

o'  *  a/3  *  ( 1/ £  ) (di/dT) 
o 


i.e. ,  a'  ~ 


( C/lQ )  (dELVDT/dETherriocouple  * ( dEThernocouple/dT  5 
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vhera  1  and  Iq  represent  tha  instantaneous  and  initial  sample  lengths  res- 
pactivaly,  and  C  ii  a  proportionality  factor  batvean  changes  in  sample  length 
and  LVDT  voltage.  iQ  was  not  corrected  for  tha  dacraaaa  in  aampla  length  at 
low  temperature  and  this  leaned  Justifiable  aa  the  contribution  to  a'  would 
be  a  maximum  of  2%  at  the  loweat  temperature.  The  data  were  taken  from  the 
recorder  chart  in  0.1  mv.  increments  of  thermocouple  voltage.  The  computa¬ 
tions  were  programmed  on  a  Honeywell  800  computer  and  the  smoothing  subroutines 
used  in  ref.  10  were  not  necessary. 

A  transition  was  indicated  by  a  step  in  the  o’  va.  T  plot.  At  T  < 

the  magnitude  of  such  a  step  indicating  a  minor  transition  was  usually  about 

_4 

0.1  *  10  and  occurred  over  about  20-30°C.  Smaller,  flatter  steps,  in  which 
the  change  is  less  than  in  this  temperature  range  are  evident  from  the  data 
but  these  are  discounted  because  of  the  mstruaent's  repeatability  limitations. 

Use  of  a  quartz  rod  to  transfer  sample  dilation  causes  a*  to  drop  in  the  vicinity 
of  T  .  This  is  due  to  the  rod's  weight  upon  the  sample,  whose  modulus  is  con- 

B 

siderably  reduced  on  passing  through  the  transition  region.  Even  after  careful 

annealing  and  slow  cooling  of  the  polymer  sample,  reliable  and  reproducible  values 

of  o'  above  T  could  not  be  obtained.  Reduction  of  the  weight  of  the  rod  led  to 
g 

better  results,  and  with  use  of  a  very  thin  wooden  rod  with  a  foot  to  rest  on 

the  sample,  values  of  o£'  were  obtained  which  compared  favorably  vith  literature 

data,  although  there  was  greater  scatter  above  T  than  below.  For  both  T  and 

5  R 

T  transitions,  the  transition  temperature  is  chosen  by  drawing  tangents  on  either 
side  of  the  step  and  choosing  the  mid-point  of  the  step  on  the  temperature  axis. 

For  the  glass  temperature  this  was  found  to  coincide  with  that  obtained  by  drawing 
straight  lines  through  the  L-T  data  points. 

Reliability  of  the  measurements 

Reliability  was  gauged  by  the  repeatability  of  the  data  for  the  same  sample 
and  by  a  comparison  with  the  literature  values  of  the  dllatometric  expansion  coeffi- 
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dents.  The  first  point  is  illustrated  by  Fig.  1  which  shows  repeat  runs  for 
iPf  similar  thermal  history.. 

WF  We  note  that  the  maximum  difference  between  runs  at  low  temperatures 
does  not  exceed  10# . 

.li  -1 

We  observe  for  Plf’A,  Fig.  2,  a  1  ■  0.75  *  10  degree  .  The  literature 

values  of  a  /3  range  from  0.65  to  0.83.  ^'urthermore ,  a  '  *  0,83  *  10“ 

"  *? 

k 

obtained  for  PMA  agrees  well  with  the  value  of  0.90  quoted  by  Wood,  and  the 

value  for  PEJIA,  Fig.  2,  of  l.lU  agrees  well  with  the  1.0U  calculated  from  the 

2 

published  graph  of  Rogers  and  Mandelkern,  finally  for  a  polystvrene  sample, 

en  a'-T  plot  in  the  temperature  range  -l80  to  0°C  was  obtained,  which  is  almost 

identical  to  that  previously  published, ^  with  a'  increasing  from  about  0.55  to 

0.65  x  10“**  deg, over  this  temperature  interval.  The  maximum  discrepancy 

between  the  two  graphs  does  not  exceed  5^* 

Greatest  difficulty  with  reproducibility  occurs  with  the  longer  side 

chain  n-alkyl  polymers,  where  T  is  below  roan  temperature.  The  values  of  the 
.were  found  to,  ^ 

expansion  coefficients^'depend  on  thermal  history  and  so  these  samples  were 
carefully  annealed  at  about  20°C  below  the  glass  transition  temperature  prior  to 
measurements.  The  g-g  transitions  for  a  series  of  repeated  runs  appeared  at  the 
same  temperatures  but  the  expansion  coefficients  varied  up  to  10*.  This  aspect 
is  further  discussed  later  with  respect  to  the  effects  of  thermal  history  on 
poly  n-butyl  methacrylate. 


FAULTS  ATT)  DISCUSSION 


a)  L-T  Measurements. 

Expansivity  results  for  the  polymers  given  in  Table  I  are  exhibited  in 
Figs.  i-7,  and  summarized  in  Tables  II  and  III. 

It  is  well  known  that  the  glass  transition  temperature  decreases  as  the 
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n-alkyl  side  chain  lengthens.  We  note  in  Table  II  that  T  increases  in  the 

S 

butyl  isomer  series  by  about  60°C  from  n-butyl  to  the  bulky  tertiary  butyl 
polymer.  Furthermore  PHFWA  (86°C)  and  PHFMA  (76°C)  have  higher  glass  tem¬ 
peratures  than  the  corresponding  alkyl  polymers,  l.e.  PnPMA  (35°C)  and  PiBMA 
(5l*°C).  This  can  be  attributed  to  strong  hydrogen  bonding  between  chains, 
which  is  more  effective  when  the  side  chain  is  linear.  (20°C)  .has  a  t£t 

similar  to  PnBMA  (l8°C)  and  so  the  methoxy  oxygen  in  the  side  chain  appears 
to  be  equivalent  to  the  corresponding  methylene  group  in  the  n-butyl  side 
chain.  Lai  and  Trick**  observed  a  similar  effect  with  the  ether  oxygen  in  poly¬ 
vinyl  n-alkyl  ethers,  as  compared  with  poly  a-olefins. 

We  are  inclined  to  locate  two  glass-glass  transitions  (f  )  for  the 

g" 

n-alkyl  polymers  beyond  PMMA,  except  PnDMA,  and  these  transition  regions  also 

move  to  lower  temperatures  on  increasing  the  side  chain  length.  There  also 
^transition, 

evidence  of  a  third~v'— around  -120°C  to  -100°C  for  the  higher  n-alkyl  homo- 
logues,  and  this  region  shifted  to  about  -80°C  after  prolonged  vacutan  drying. 

It  is  probable  that  this  transition  occurs  in  P*IA,  Pt-BHA  and  PIlf'A  as 

well  at  about  -120°C,  but  is  less  obvious.  It  is  located  at  too  high  a  tem¬ 
perature  to  be  the  notion  ascribed  by  Willbourn,^  on  the  basis  of  high  fre¬ 
quency  measurements,  to  a  —  ( CHg )n—  chain,  where  n  *  3  or  U.  We  would  expect 
to  observe  this  motion  at  about  -180  to  -l6o°C,  near  the  limit  of  our  temperature 
range,  and  indeed  we  observe  generally  a  decrease  in  a’  in  this  region,  parti¬ 
cularly  for  the  less  bulky  polymers.  Shen,  Strong  and  Matusik^  have  shown  that 
the  dynamic  loss  peak,  given  by  Hoff,  Robinson  and  Willbourn^  at  about  -150°C  for 
poly  n-alkyl  methacrylates  is  displaced  upwards  by  about  50°  on  substituting  a 
hydroxyl  group  for  the  terminal  methyl  of  the  side  chain.  We  see  no  correspond¬ 
ing  evidence  of  this  in  PHEWA  and  PHPIA.  However  the  expansion  coefficients  are 


3'KJ 

very  small,  leas  than  one  half  of  thoae  for  the  n-alkyl  polymers,  and  the  change 

may  be  too  small  to  be  detected.  The  observation  that  a*  does  increase  about 

30%  in  the  range  from  -120  to  -70°C,  may  be  pertinent  in  this  connection.  The 

assignment  of  a  T  (2)  transition  for  PHP’A  and  P<F1A  appears  somevhat  tenuous 
66 

but  seemed  Justified  in  the  light  of  repeat  runs  and  the  general  trend. 

Gall  and  McCrum^  found  a  dynamic  loss  peak  (^1  Hz . )  at  -100  to  -80°C 

for  PMMA  and  this  peak  moved  to  lover  temperatures  on  conditioning  the  polymer 

in  a  progressively  more  humid  atmosphere.  Our  T  (3)  transition  persisted  even 

66 

after  vaeuun  drying,  but  it  is  possibl#  that  the  samples  picked  up  water  during 
the  measurements. 

Apart  from  this  low  temperature  transition,  two  T  transitions  were  observed 

*>  j 

for  all  polymers  except  FtA,  P**MA,  Pt-BMA  and  PnD*’A.  The  literature  presents 

evidence  for  only  one  transition  in  our  T  (l)  -  T  (2)  range  but  the  low  fre- 

66  66 

quency  data  are  confined  to  A,  and  Hoff,  Robinson  and  Willboum's  measurements 

at  higher  frequency  show  that  even  the  $  transition  merges  with  T  on  lengthening 

1 1 

the  side  chain  so  that  resolution  of  two  T  transitions  would  be  imnossible. 

66 

Dilatometric  results  usually  do  not  cover  a  large  enough  temperature  range  below 

T  to  detect  sub-group  motions  and  in  this  case  are  confined  to  F™A  and  PEMA. 

6 

p 

Rogers  and  Mandelkern  show  a  break  below  T  at  Uo°C  for  P^A  and  15°C  for  PE* ’A. 

6 

These,  they  suggest,  could  be  evidence  of  secondary  transitions,  or  could  simply 

be  curvature  as  a  consequence  of  the  Third  Law  of  Thermodynamics.  Hovever,  other 

evidence  locates  the  PMMA  T  transition  anywhere  between  -20°C  and  62°C.  ’ ’art in, 

68 

12 

Rogers  and  Mandelkern  studied  PtP’A  to  liquid  nitrogen  temperatures  bv  an  inter- 

10 

ferometric  technique  and  suggest  a  break  at  0°C,  The  fact  that  Boyer  interprets 

this  break  at  -20°C  suggests  an  examination  of  the  derivatives.  By  dilatometrv 

19  20 

Holt  and  Edvards  7  located  a  transition  at  23°C  and  Heydemann  and  Guicking 


two,  at  -7°C  and  62°C 


391 


21 

Heijboer  found  that  the  secondary  dynamic  mechanical  loss  peak  in  FMM4 
disappeared  on  increasing  the  methyl  acrylate  content  of  a  methyl  nethocrylate  - 
methyl  acrylate  copolyner  and  therefore  assigned  the  sub-group  notion  to  rotation 
of  the  carbcnethoxy  group,  hindered  by  the  main  chain  nethyl  group.  Deutsch, 

Hoff  and  Reddish,  by  dielectric  measurements,  assigned  it  also  to  this  motion. 
The  Tg^(2)  transition  which  is  present  in  all  our  polymers  must  be  associated 

with  this  some  motion.  T  (l)  is  dependent  on  the  side  chain  flexibility  and 

68  urwml  Um  wmim  efcali; 

is  possibly  a  crankshaft  type  motion} described  by  Boyer,'1’  and  first  proposed  by 
23 

Schatiki  for  polyethylene.  Such  a  motion  would  merge  with  T  on  making  the 
side  group  bulkier.  PnDf’A  showed  only  one  obvious  g-g  relaxation  and  this  may 
be  due  to  the  side  chain  becoming  more  ordered,  restricting  motion  somewhat, 
and  perhaps  merging  the  other  glass-glass  motion  with  the  glass  temperature. 

We  note  an  upswing  on  the  a'-T  plot  on  the  low  temperature  side  of  T^. 

The  effect  of  structure  on  the  sub-group  transition  temperatures  was 

similar  to  the  effect  on  T  ,  namely  a  decrease  with  increasing  side  chain 

> 

length  and  an  increase  in  the  butvl  isomer  series  as  a  function  of  the  bulki¬ 
ness  of  the  butyl  group.  The  ratio  T  (i)/T  ,  (i)  ■  1,  2,  is  approximately 

GG  $ 

T 

constant  (see  Table  II),  a  relationship  which  also  holds  for  the  ooly  a-olefins. 
This  suggests  that  the  corresponding  mechanisms  ore  related  and  similarly 
affected  by  structure  as  T  . 

(T 

b)  Torsion  Pendulum  Measurements. 

The  mechanical  damping  versus  temperature  plots  are  exhibited  in  Fig.  7* 

and  T  and  T  values  are  listed  in  Table  II. 

G  GG 

PMflA  shows  two  distinct  maxima,  one  associated  with  T  occurring  at  about 

s 

ll6°C,  and  the  secondary  at  about  25°C.  The  shape  of  the  curve  is  almost  identi- 

21  2U 

cal  to  that  of  Heijboer,  and  very  similar  to  those  of  Schmieder  and  Wolf, 


332 


25  17 

Turley  and  Keskkula  and  Gall  and  McCrum,  The  lower  maximum  is  very  broad, 
the  increased  damping  beginning  as  low  as  -30°C, 

Similar  results  were  obtained  for  PEMA  and  PnFIA  with  the  two  maxima  moving 
closer  together.  In  each  ease  the  lower  maximum  is  still  broad  with  the  location 
varying  very  little.  In  PnBMA  the  two  cannot  be  resolved,  the  lower  peak  appear¬ 
ing  as  a  shoulder  on  the  glass  transition  maximum.  The  lower  peak  also  appeared 
as  a  shoulder  in  PiBMA.  Other  polymers  were  not  investigated  due  to  molding 
difficulties  with  the  cross-linked  materials.  We  observed  no  evidence  of  a 

transition  in  the  range  -100  to  -80°C  ascribed  to  notion  of  adsorbed  water 
17 

molecules,  even  after  treatment  of  the  sample  in  a  water  atmosphere  for  one- 
week,  However  for  both  PnPVA  and  PnBMA  a  slight  increase  in  6  occurs  around 
-170°C,  which  is  the  limit  of  our  temperature  measurements.  A  similar  increase 
was  noted  by  Reding,  Faucher  and  Whitman*  for  poly  n-butyl  acrylate,  r.nd 
assigned  tc  notion  of  the  butyl  side  groups.  Such  a  l^w  temperature  peak  would 
be  consistent  with  the  -150°C  loss  peak  if  Hoff,  Robinson  and  ’'illbourn,^  at 
higher  frequencies. 

On  comparing  the  transition  regions  obtained  by  the  two  techniques  **f 
dilatonetry  and  the  torsion  pendulum,  we  note  that  T  obtained  by  the  latter 
is  higher  than  that  obtained  by  dilatonetry,  vhich  is  consistent  with  the 
higher  frequency  of  the  dynamic  mechanical  technique.  The  very  br~ad  secondary 
transition  peak  certainly  spans  the  temperature  range  covered  by  the  two  corres¬ 
ponding  T  transitions  observed  by  the  LVPT  measurements.  Thus  it  appears  that 
SB 

better  resolution  is  ■•'btained  free  the  length-tenperature  measurements . 
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n-butyl  >  isc-butyl  ■  iso-butyl  >  tsrtiary-butyl 

It  Is  unlikely  that  the  bulky  t -butyl  chains  vould  pack  more  efficiently  than 
PnEMA  with  its  very  flexible  side  chains,  so  more  free  voluae  must  be  retained 
by  motion  of  these  flexible  side  chains  on  cooling  below  T  .  The  hydroxy 

ft 

substituted  polymers  have  interchain  bonding,  which  results  in  relatively  low 

values  of  o',  about  one  half  of  those  for  the  corresponding  non-hydroxy lated 

samples.  The  expansion  coefficients  Just  below  the  glass  temperature  increase 

L 

markedly,  from  a  value  for  PMMA  of  0,75  *  10  deg,  ,  similar  to  that  observed 
for  essentially  linear  polymers,  to  values  for  PnHMA  and  PnOMA  in  excess  of 
twice  that  value.  This  represents  fairly  vigorous  motion  in  the  glass  of  the 
longer  side  chain  polymers  and  the  change  in  expansion  coefficient  at  T  for 

ftft 

PnEMA  is  about  half  of  that  occurring  at  the  gloss  temperature, 

Comparing  a*'s  at  an  arbitrary  reference  temperature  of  -lU0°C,  there  is 
a  much  larger  increase  going  .from  methyl  to  ethyl  than  from  ethyl  to  n-propyl 
or  n-propyl  to  n-butyl.  This  must  reflect  same  motion  associated  with  the 
n-alkyl  side  chain,  jtarting  with  ethyl,  still  occurring  below  -120°C.  On  the 
other  hand  the  assignment  of  the  -150°C  (at  ^500  Hs.)  dynamic  loss  peak  to 

3 

motion  of  the  alkyl  side  chain,  referred  to  polymers  with  three  or  more 

27 

carbons  in  the  side  chain.  Woodward,  Sauer  and  Wall,  however,  obtained  a 

loss  peak  for  poly  1-butene  which  has  only  two  side  chain  carbons,  PsBMA  and 

PiBMA  both  are  flexible  enough  to  exhibit  motion  below  -120°C  and  FWA  has  a 

higher  a'  than  PMMA  but  here  the  difference  can  be  ascribed  to  a  reduction 
g 

in  chain  stiffness. 

Effect  of  Thermal  History  on  Poly  n-butyl  methacrylate. 


PnEMA  samples  were  subjected  to  various  treatments  designed  to  alter  the 


p 


m 
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free  volume  content  of  the  glass.  These  treatments  are  summarized  In  Table  IV, 
along  with  the  expansion  coefficients  at  two  arbitrarily  chosen  reference 
temperatures,  -lUO  and  -70°C. 

The  sample  annealed  at  0°C  and  that  cooled  from  the  glass  temperature  to 
-190°C  over  a  period  of  about  one  hour  were  very  similar  and  gave  better  repro¬ 
ducibility  than  quenched  samples.  The  annealed  sample  has  the  lowest  expansion 
coefficient  at  the  lowest  temperatures  (i.e.  at  -lUO°C),  and  that  quenched  from 
100°C  to  -190°C  has  the  highest.  This  is  consistent  with  excess  free  volume 
being  frozen  in  on  quenching.  Quenching  from  100°C  yields  only  a  slightly 
different  value  of  a'  than  quenching  from  55°C.  However  by  the  time  the  quenched 
samples  had  warmed  to  about  -70°C,  their  expansion  coefficients  were  much  closer 
to  the  values  for  the  annealed  sample,  suggesting  that  there  is  enough  molecular 
motion  at  these  low  temperatures  to  allow  the  excess  free  volume  to  diffuse  out. 
This  conclusion  is  strengthened  by  Run  2.8  in  which  PnB’IA  waB  quenched  from  55 
to  -78°C.  Here  a'  at  -70°C  is  considerably  higher  than  that  of  the  sample 
quenched  to  -190°C  and  slowly  warned  up.  Holding  the  polymer  at  -78°C  for  10  hours 
after  quenching  to  this  temperature  gave  an  expansion  coefficient  similar  to  that 
observed  on  slow  heating  from  -190°C. 

The  locations  of  transitions  T  (l)  and  T  (2)  varied  by  no  more  than  *3° 

63  38 

from  run  to  run  but  with  no  obvious  pattern  with  respect  to  thermal  history. 

T  (3)  was  about  -90°C  for  all  samples.  On  the  other  hand,  the  magnitude  of  the 
6G 

expansivity  changes  depended  on  the  treatment.  Aa'(l)  increased  and  da' (2) 
decreased  on  shock  cooling.  It  will  be  interesting  to  compare  in  detail  the 
effect  of  thermal  treatment  on  the  main  and  minor  transitions. 


T  as  an  Iso-free  Volume  State, 


Simhn  and  Boyer^  showed  that  the  product  da*T  for  the  poly  n-alkvl 

? 

2 

methacrylate  series  studied  by  Powers  and  Mondelkern  fell  on  increasing  the 
size  of  the  n-alkyl  group.  From  an  expanded  plot  ve  have  recalculated  the 

letter's  data  below  T  for  F'MA  and  PEM.A,  both  of  which  show  a  break  in  the 

> 

glassy  region  covered  bv  these  authors,  and  obtain  a  higher  value  of  a  and 

hence  an  even  smaller  da*T  . 

g 

We  obtain  here  a  similar  result  using  the  product  3(o.I  -  a')*T  .  To  test 

(Egg 

the  suggestion  of  Simha  and  Bover,*  we  substitute  a^„  for  in  this  product, 

where  a'„  is  the  expansion  coefficient  below  the  second  T  transition,  pnd 
g  gg 

obtain  for  the  alkyl  methacrylate  series  a  value  fairly  close  to  that  resulting 

for  polymers  without  bulkv  pendant  groups,  ns  can  be  seen  in  Table  III.  The 

value  obtained  for  PtB*'A  appears  very  large  and  a  similar  value  was  obtained  in 

reference  28.  There  we  note  a  for  this  polymer  25°  higher  than  ours  and 

one  for  PHF!A  30°  lower.  The  lower  values  of  3Aa'*T  found  for  the  hvdroxvl 

c 

polvmers  is  in  qualitative  agreement  with  the  ideaAO  that  the  free  volume  is 
dependent  on  the  amount  of  cross-linking  and  will  be  reduced  for  cross-linked 
samples . 

Thus  it  seems  that  wolvmers  with  little  sub-group  motion  below  T  exist 

*  *  rr 

> 

in  an  iso-free  volume  state  at  T  ,  those  with  larger  sub-groups,  particularly 

o 

flexible  ones,  such  as  n-alkyl  chains,  exist  in  the  iso-free  volume  state 
below  the  temperature  at  which  the  sub-group  motion  becomes  possible.  These 
results  appear  to  support  the  suggestion  of  Simha  and  Bover.'*’  It  is  inter¬ 
esting  to  note  that  the  products  (o'  -  a',)*T  (l)  and  (a'  -  a'„)*T  (2)  are 

g  S'7.  g  g  gg 

not  constant.  In  the  n-alkyl  series  they  increase  with  side  chain  length. 
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TABLE  I 


Description  of  Sacplea  Studied. 


Polymer  Alkyl  Side-group  Source 


Polymethyl  acrylate  (PMA) 

-ch3 

(a) 

Polymethyl  methacrylate  (PTiMA) 

-ch3 

(c) 

Poly ethyl  methacrylate  (PEMA) 

-ch2-ch3 

(a) 

Poly  n-propyl  methacrylate  (PnPMA) 

-ch2-ch2-ch3 

(b) 

Poly  n-butyl  methacrylate  (PnBMA) 

-CHg-CHg-CHg-CH  3 

(a) 

Poly  n-hexyl  methacrylate  (PnfflA) 

-ch2-ch2-ch2-ch2-ch2-ch3 

(a) 

Poly  n-octyl  methacrylate  (PnOMA) 

-CH2-CH2-CH2-CH2-CH2-CH2-CHp-CH3 

(a) 

Poly  n-decyl  methacrylate  (PnDMA)  -CH 

2-ci?2-ch2-ch2-ch2-ch2-ch2-ch2-ch2-ch3 

(a) 

Poly  sec-butyl  methacrylate  (PsBMA) 

-CH-CH.-CH. 

I  d  J 

CH3 

(b) 

Poly  iso-butyl  methacrylate  (PiBMA) 

-CH.-CH-CH 

2  1  3 
ch3 

(b) 

Poly  tert-butyl  methacrylate  (PtBMA) 

-c  (-ch3)3 

(b) 

Poly  2-hydroxy  ethyl  methacrylate  (PHE*IA) 

-CH2-CH2-OH 

(b) 

Poly  2-hydroxy  propyl  methacrylate  (PHF'-A)  -CHg-CH-CH^ 

OH 

(b) 

Poly  2-methoxy  ethyl  methacrylate  (PIEMA) 

-CH2-CH2-0-CH3 

(b) 

(a)  Obtained  from  Dr.  D.  L.  Glusker,  Rohm  and  Haas  Company.  These  samples  were 
atactic  and  were  those  used  in  reference  29. 


(b)  Obtained  from  Dr.  M.  C.  Shen,  Forth  American  Aviation  Science  Center,  These 
samples  were  all  lightly  cross-linked  and  are  described  in  reference  16. 

(c)  Obtained  from  plexiglass  by  dissolution  in  chloroform  and  precipitation  by 
methanol.  This  procedure  was  repeated  and  the  sample  dried  in  vacuum  at  55°C. 


of  LVDT  and  Torsion  Pendulum  Transition  Results. 


literature  values 
shoulder 


Effects  of  Thermal  History  on  Poly  n-butyl  methacrylate 


401 


u 

o 


CJ 

o 

00 

ITv 

Os 

H 

CO 

CM 

o 

00 

GO 

CO 

C\ 

O 

On 

t- 

• 

• 

• 

• 

• 

• 

1 

o 

o 

o 

o 

H 

o 

e 


VO 

o 


on 


o 


m 

oo 

• 

o 


I 

! 

o> 

V 

Eh 


£ 

H 

•S 


& 


H 

• 

I 

w 

q 

>> 

£ 

P 

H 

o 

• 

V 

X! 

T* 

P 

a> 

cd 

00 

H 

•H 

iH 

8 

o 

a 

O 

• 

•  * 

1 

Vh 

3 

0) 

*0 

o 

>» 

• 

g 

rl 

A 

cj 

• 

C3 

3 

V 

*3 

o 

o 

X! 

H 

0 

o 

ro 

o 

ON 

»« 

a 

On 

r! 

o 

o 

•H 

ti 

H 

1 

o 

o 

o 

1 

00 

OO 

o 

Vi 

O 

t— 

t— 

Os 

O 

■P 

1 

1 

f-H 

O 

•P 

1 

0 

u 

0 

O 

o 

o 

0 

p 

p 

O 

o 

o 

•P 

IA 

o 

IA 

IA 

IA 

1— 1 

IA 

IA 

tfl 

EH 

g 

"8 

8 

£ 

8 

£ 

8 

t 

8 

a 

U 

Vi 

V 

V 

Tl 

a* 

4) 

V 

OJ 

>0 

H 

J3 

A 

A 

A 

4> 

a 

O 

V 

V 

o 

H 

V 

fl 

a 

a 

c 

O 

g 

53 

o> 

(U 

O 

O 

1 

£ 

3 

3 

3 

H 

CNJ 

-S* 

ITS 

00 

7N 

• 

• 

• 

• 

• 

• 

0J 

CVI 

C\J 

CM 

CNJ 

OJ 

j 

i 


1 


i 


LEGENDS  FOR  FI0UR28 


Fig.  1.  Repeat  rune  of  linear  expansion  coefficient  as  a  function  of  tempera¬ 
ture  for  polymethyl  acrylate.  (0  Run  1,  •  Run  2) 

Fig.  2.  Linear  expansion  coefficient  as  a  function  of  temperature  for  polymethvl 
methacrylate,  polyethyl  methacrylate,  poly  n-propyl  methacrylate  and  poly  n-butvl 
methacrylate. 

Fig.  3.  Linear  expansion  coefficient  as  a  function  of  temperature  for  poly 

n-hexyl  methacrylate,  poly  n-octyi  methacrylate  and  ooly  n-decyl  methacrylate. 
(The  Tg'8  shown  are  values  taken  trom  the  literature) 

Fig.  I*.  Linear  expansion  coefficient  as  a  function  of  temperature  for  poly 
n-butyl  methacrylate,  poly  sec-butyl  methacrylate,  poly  iso-butyl  methacrylate 
and  poly  t-butyl  methacrylate. 

Fig.  5«  Linear  expansion  coefficient  as  a  function  of  temperature  for 
poly  2-hydroxy  ethyl  methacrylate  and  poly  2-hydroxy  propyl  methacrylate. 

Fig.  6.  Linear  expansion  coefficient  as  a  function  of  temperature  for 
poly  2-metboxy  ethyl  methacrylate. 

Fig.  7.  Mechanical  damping  as  a  function  of  temperature  for  polymethvl 
methacrylate,  polyethyl  methacrylate,  poly  n-propyl  methacrylate,  poly  n-butvl 
methacrylate  and  poly  iso-butyl  methacrylate . 
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PROPERTIES  OP  ETHYLENE-METHACRYLIC  ACID  COPOLYMERS 
AND  THEIR  SODIUM  SALTS: 

MECHANICAL  RELAXATIONS 

U.  J.  MacKnightf  L.  U.  McKenna *and  B.  E.  Read** 

Chemistry  Department  and  Polymer  Science  and  Engineering  Program 
Unlveralty  of  Massachusetts,  Amherst,  Maaaachuaetts 

ABSTRACT 

A  study  has  baen  made  of  the  mechanical  relaxation  behavior  of  an 
ethylene-mcthacryllc  acid  copolymer  containing  4.1  mole  percent  acid  units 
and  Its  partially  Ionized  ■ odium  salts.  Degrees  of  Ionization,  estimated 
from  Infrared  analysis,  ranged  from  0%  to  78%.  The  weight  percent 
crystallinity  of  the  samples,  determined  by  dlfferental  scanning  calori¬ 
metry,  varied  from  about  15  for  the  acid  copolymer  to  about  7  for  the  78% 
Ionized  copolymer.  Four  relaxation  regions  have  been  observed.  They  are 
labelled  a,  8', 8  and  y  and  each  have  been  assigned  to  motions  within  the 
amorphous  phase  of  the  polymer.  In  plots  of  the  logarithmic  decrement 
against  temperature  (at  1  c/s) ,  the  a  peak  for  the  annealed  acid  copolymer 
occurs  at  50*C  and  shifts  to  higher  temperatures  with  Increasing  degree  of 
ionization.  This  trend  Is  consistent  with  the  increase  In  melt  flow 
viscosity  with  increasing  ionization  and,  on  this  basis,  the  a  process  is 
attributed  to  the  long-range  diffusional  motions  of  chain  segments.  The 
8'  peak  occurs  at  23°C  for  the  annealed  acid  copolymer  and  decreases  in 
magnitude  with  increasing  ionization.  Hence  the  8'  mechanism  Is  attributed 
to  the  microbrownlan  motions  of  chain  segments  involving  the  breaking  and 
reforming  of  lntermolecular  hydrogen  bonds  between  dimerized  carboxylic 
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ac Id  groups.  Ths  latter  assignment  la  supported  by  infrared  studies  of 
hydrogen  bonding  ee  a  function  of  temperature.  The  0  peek  le  absent  for 
ths  acid  copolymer  but  appears  at  -10*C  for  the  Ionised  polymers  and 
Increases  In  height  with  Increasing  Ionisation.  Thus  ths  0  process  Is 
attributed  to  notions  of  branched  chain  segnents  Including  the  Ionic 
(carboxylata)  side  groups.  The  onset  of  the  y  peak  is  observed  at  -120*C 
and  Is  associated  with  ths  local  notions  of  linear  nsthylens  sequences. 

Ths  observation  that  the  0  peak  la  located  at  a.  t  ap«raturs  very  close  to 
ths  0  peak  (-20*0)  for  ordinary  branched  polyethylene,  must  cast  considerable 
doubt  on  ths  widely  held  vise  that  the  Ionic  aids  groups  are  associated 
to  fora  strong  Interchain  links.  Alternative  hypotheses  are  suggested 
to  explain  the  Increase  In  ultimate  tensile  strength  and  melt  flow  vis¬ 
cosity  with  Increasing  Ionisation. 

+  To  whon  all  correspondence  should  be  addressed. 

*  On  leave  from  the  Monsanto  Company,  Springfield,  Massachusetts. 

**Vlsltlng  scientist  on  leave  from  the  Molecular  Science  Division, 

National  Physical  Laboratory,  Teddlngton,  Middlesex,  England. 


INTRODUCTION 


It  1j  wall  known  that  Che  ionization  of  Che  carboxylic  acid  groupa 
of  copolynara  of  achvlene  and  oechacryllc  acid  haa  profound  affacCa  on 
che  proparClea  of  Chaae  systems^.  In  particular,  Che  melt  flow  vlacoalCy 
and  ulclmace  Canaile  acrengch  undargo  marked  Increases  upon  lonlzaclon.  These 
Increases  seam  Co  depend  on  boch  Che  naCure  of  Che  cadon  and  Che  degree 
of  ionization.  Such  effecCs  have  been  accrlbuced  Co  Che  formaClon  of  scrong 
lncerchaln  links  by  che  assocladon  of  Che  Ionic  side  groups.  Ic  should 
be  polnced  ouC  ChaC,  in  view  of  che  non-polar  naCure  of  Che  medium,  1C  Is 
probable  chac  Che  ionized  side  groups  conslsc  of  sodium  carboxylaCe  ion 
pairs  racher  chan  dissoclaced  sales.  In  Chls  paper  are  reporced  che  re- 
sulcs  of  a  dynamic  mechanical  sCudy  of  an  echylene-mechacryllc  acid  co¬ 
polymer  as  a  funedon  of  degree  of  ionlzadon  wlch  sodium  hydroxide.  Furcher 
studies  are  in  progress  involving  both  ocher  cations  and  varying  acid  con¬ 
cents  of  Che  copolymer. 

The  structure  of  Che  acid  copolymer  studied  may  be  represented 
schematically  as 


-(CH.CH)  -  (CH-C-)  - 
2  2  n  2  | 

COOH 

The  methacryllc  acid  concent  of  Che  copolymer  is  4.1  mole  percent.  For 
a  random  distribution  of  methacryllc  acid  groups,  this  would  yield  an  average 
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value  of  n  of  about  23  (for  ■  •  1),  It  ehould  ba  pointed  out,  however, 
that  the  aethacryllc  acid  ualta  any  have  a  tendency  to  axlet  In  blocka 
(■  >  1).  In  thla  caaa  the  eaquence  length  of  aany  of  the  ethylene  unite 
would  ba  auch  greater  than  25. 

EIPHDflBfTAL 

The  atertlng  aatarial  vaa  a  partially  lonlaad  copolyaar  of  ethylene 
and  aethacryllc  acid  kindly  aupplied  by  the  duPont  Coapany.  Thla  copolyaar 
vaa  prepared  by  a  free  radical,  high  preaaure  proceaa.  It  la  known  that 
thla  type  of  Copolyaar lsatlon  uaually  laada  to  a  random  copolyaar .  How¬ 
ever,  there  any  be  aoae  tendency  for  the  aethacryllc  acid  unite  to  axlet 

2 

In  blocka  end  there  aaaea  to  be  evidence  eupportlng  thla  poaelblllty  . 

The  finely  divided  atertlng  aaterlal  vaa  refluxed  In  tetrahydrofuran 
with  dilute  hydrochloric  ecld  in  order  to  produce  the  unlonleed  copolymer. 
Oxygen  analyela  eatabllehed  that  it  contained  4.1  mole  percent  of  aethacryllc 
acid  unite.  The  ecld  copolyaar  wee  then  refluxed  with  aodlurn  hydroxide 
in  tetrahydrofuran  for  varying  perloda  of  time  and  at  different  baae 
concentration  to  obtain  the  dealred  degreaa  of  Ionization.  After  this 
treataant,  the  Ionised  copolyaera  were  precipitated  twice  In  a  aethanol- 
wmter  alxtura,  waahed  thoroughly  eeveral  times,  and  dried  In  vacuo  at  100°C. 
Saaplee  were  prepared  for  mechanical  tea  ting  by  compreaelon  molding  at 
180*C  and  20,000  pounds  pressure.  Quenching  was  carried  out  by  removing 
the  mold  from  the  praas  and  Immediately  plunging  It  Into  dry  Ice.  Samplea 
ware  annealed  at  95*C  for  3  1/2  houre  followed  by  alow  cooling  to  room 
temperature  over  a  7  -  8  hour  period. 


m 
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Characterization  of  the  aamples  thus  praparad  waa  accompllahed  by 

lnfrarad  apactroacopy  and  dlffarantlal  acannlng  calorimetry  (DSC).  The 

2 

details  of  the  methods  are  described  elsewhere  . 

Dynamic  mechanical  measuremanta  were  made  with  a  toralon  pendulum 
of  a  daalgn  due  to  Nielsen^.  All  meaeurementa  were  carried  out  in  a  dry 
nitrogen  atmosphere.  The  nominal  frequency  waa  1  cycle  per  aecond. 

RESULTS 

Table  I  summarises  the  characterisation  results.  The  percent 
ionization  was  determined  using  the  Integrated  absorbance  per  cm.  sample 
thickness  of  the  -COOH  carbonyl  stretching  frequency  at  1700  cm~l.  Tempera¬ 
ture  T  ,  T  and  T  are  illustrated  on  the  schematic  DSC  plots  shown  in 
ml  2 

Fig.  (1).  T  ,  designated  the  melting  temperature,  remains  practically 
m 

constant  over  the  entire  range  of  ionization  as  does  T  ,  the  minimum  peak 
height  temperature  of  the  melting  endotherm.  On  the  other  hand,  T^,  the 
temperature  of  the  maximum  of  the  crystallization  exotherm,  shows  a  marked 
decrease  with  Increasing  ionization.  It  is  possible  that  this  is  a 
consequence  of  the  increase  in  the  melt  viscosity  accompanying  ionization. 

If  the  crystallization  process  were  diffusion  controlled  it  would  be 
expected  that  greater  supercooling  would  occur  at  higher  degrees  of 
ionization.  The  weight  percent  crystallinity  is  seen  to  decrease  from  a 
value  of  about  15  weight  percent  for  the  unionized  copolymer  to  about  7 
weight  percent  for  the  78  percent  ionized  copolymer.  This  shows  that  all 
the  samples  have  relatively  low  degrees  of  crystallinity  as  measured  by 
the  DSC  technique. 


The  storage  aodulua,  O',  la  plotted  as  •  function  of  taaparatura  in 
Vigo.  (2)  and  (3)  for  tha  quanchad  and  annaalad  aaaplaa  respectively.  Fig. 
(2)  shows  that  tha  low  taaparatura  aoduli  dacraaaa  with  incraaalng  ioni- 
■atlon  whila  Fig.  (3)  ahowa  that  tha  diffaranca  in  tha  low  taaparatura 
aoduli  ara  dacraaaad  aoaawhat  by  annaaling. 

Fig.  (4)  ahowa  plota  of  tha  logarithalc  decreaent,  A,  varaua  taapara¬ 
tura  for  tha  quanchad  aaaplaa.  In  all  cases,  tha  onset  of  a  low  taap- 
aratura  loaa  paak  at  about  -120*C  aay  ba  aaan.  Thia  la  claarly  duo  to 
tha  ao-callad  y  ralaxatlon  oboorvad  alao  in  polyothylana.  In  addition 
to  tha  y  ralaxatlon,  tha  unlonlsad  acid  copolynar  axhlbita  a  alngla 
loaa  paak  at  25*C.  Aa  lonlaatlon  increases,  an  additional  loaa  paak, 
daaignatad  0,  a  tarts  to  davalop  at  -10*C.  Thia  0  paak  lncraaaaa  in 
magnitude  with  incraaalng  ionisation. 

For  tha  annaalad  aaaplaa.  Fig.  (5)  shows  that  the  high  taaparatura 
paak  for  the  unlonlsad  acid  copolyaor  apllts  into  two  peaks  with  aaxiaa 
at  23*C  and  50*C,  daaignatad  0'  and  a  respectively.  The  0'  relaxation 
dacraasas  in  Magnitude  with  increasing  ionisation  and  has  virtually  dis¬ 
appeared  at  60Z  ionisation.  Tha  a  relaxation  novas  to  higher  teaperature 
with  increasing  ionisation.  The  splitting  of  the  a  peak  In  the  78Z 
ionised  saapla  aay  be  due  to  overlap  caused  by  the  onset  of  salting. 

The  loss  aoduli,  G",  are  plotted  as  a  function  of  teaperature  in 
Figs.  (6)  and  (7).  Owing  to  the  decrease  of  G'  with  increasing  tempera¬ 
ture  these  plota  have  the  usual  effect  of  de-eaphas la lng  the  Magnitude 
of  the  a  peak  and  enhancing  that  of  tha  y  paak  relative  to  the  A  plots. 

(G"  G'A/w).  Otherwise,  the  sane  trends  are  noted  with  the  0  and  0*  peaks 


as  in  the  case  of  tha  A  plots  except  that  a  small  0  peak  appears  as  a 
low  temperature  shoulder  on  the  main  0'  peak  of  the  unionized  acid 
copolymer. 


4  H 


DISCUSSION 

Inasmuch  as  the  acid  content  of  the  copolymer  is  quite  low  and  that 
2 

infrared  analysis  has  Indicated  that  there  are  approximately  5-10  short 

chain  branches  per  1000  main  chain  carbon  atoms,  it  might  be  expected 

that  the  mechanical  relaxations  of  the  material  would  be  similar  to  those 

observed  in  low  density  (branched)  polyethylene  at  one  cycle  per  sec- 

4 

ond.  The  latter  polymer  exhibits  three  loss  peaks  ,  the  a  relaxation  at 

about  50°C,  the  0  relaxation  at  about  -20°C,  and  the  y  relaxation  at 

about  -120°C.  These  relaxations  have  been  investigated  by  numerous 

authors^.  The  a  peak  seems  to  be  due  In  part  to  motion  in  both  the 

6—8  12 

crystalline  lamellae  and  the  amorphous  lnterlamellar  regions  ’  while 

the  0  peak  seems  to  arise  from  the  motion  of  branched  chain  segments  in 

o 

the  amorphous  phase  .  The  0  relaxation  in  low  density  polyethylene  may 
thus  be  related  to  the  glass  transition  of  the  polymer*®.  The  y  relaxa¬ 
tion  has  been  attributed  to  motions  of  short  methylene  sequences  and  both 
amorphous**  and  crystalline®' ^  mechanisms  have  been  proposed. 

Since  the  copolymers  studied  here  have  very  low  degrees  of  crystallinity, 
it  is  probable  that  all  the  relaxations  observed  in  these  polymers  originate 
mainly  in  the  amorphous  phase. 

THE  a  RELAXATION 


The  increase  in  magnitude  of  the  a  peak  with  increasing  ionization 
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supports  sn  amorphous  origin  for  this  pssk  sines  the  amorphous  content 

also  lncreeses  with  Ionisation.  The  fact  that  the  a  peak  moves  to  higher 

temperatures  with  Increasing  Ionisation  further  suggests  that  It  Is 

due  mainly  to  long  range  dlffuslonal  motions  similar  to  those  responsible 

for  melt  viscosity.  This  proposal  la  consistent  with  the  observation 

that  the  partially  Ionised  copolymers  have  larger  melt  viscosities  than 

the  unionised  copolymer.  The  present  results  would  thus  seem  to  support 

an  Inter  lamellar  slip  mechanism  for  the  a'  type  discussed  by  McCrum 
12 

end  Morris  which  Involves  a  viscous  flow  process  of  amorphous  Inter- 
lamellar  material.  In  our  view  this  relaxation  would  seem  to  be  similar 
to  the  viscous  flow  regions  In  linear  amorphous  polymers,  but  rendered 
reversible  by  the  tie  points  Introduced  by  the  lamellae. 

THE  y  RELAXATION 

The  y  relaxation  Is  most  evident  from  the  G"  plots  (Figs.  (6)  and 
(7))  at  low  temperatures .  Since  the  copolymers  studied  have  very  low 
crystalline  contents  It  would  seem  that  the  y  mechanism  must  occur  largely 
in  the  amorphous  phase.  Hence  these  data  are  consistent  with  the  proposed 
"crankshaft"  type  motions  of  linear  methylene  sequences^. 

THE  6*  RELAXATION 

The  0'  peak  Is  uncovered  in  the  A  plots  by  annealing,  which  has  the 

effect  of  Increasing  the  temperature  of  the  a  relaxation.  It  Is  known 

2 

from  the  Infrared  results  that  the  unionised  carboxylic  acid  groups 
exist  almost  entirely  in  the  form  on  laterchaln,  hydrogen  bonded  dimers 
and  the  first  appearance  of  free  hydroxyl  groups  occurs  at  about  35°C.  In 


In  view  of  these  results  and  the  fact  that  the  magnitude  of  the  6'  re¬ 
laxation  decreases  with  increasing  ionization,  it  is  proposed  that  the 
6'  relaxation  is  due  to  the  motions  of  branched  chain  segments  and  in¬ 
volves  the  breaking  and  reforming  of  interchain  hydrogen  bonds.  The 
mechanism  is  thus  similar  to  the  3  mechanism  in  branched  polyethylene 
except  that  the  microbrownian  motions  associated  with  the  glass  transition 
are  retarded  by  the  hydrogen  bonding.  It  should  be  pointed  out  that  this 
Interpretation  is  in  accord  with  the  views  of  Andrews  who  explains 
amorphous  relaxations  in  terms  of  the  thermal  breakdown  of  lntermolecular 
secondary  bonding  of  various  types. 

THE  3  RELAXATION 

Since  the  3  relaxation  shows  a  marked  increase  in  magnitude  with 
increasing  ionization  it  must  be  associated  with  the  ionized  carboxylate 
groups.  Several  authors^* 1^*15  ^aye  expressed  the  opinion  that  ionization 
with  both  monovalent  and  divalent  cations  in  ethylene-methacrylic  acid 
copolymers  and  other  systems  leads  to  Increased  interchain  bonding  due 
to  the  introduction  of  ionic  links.  However,  the  present  results  cast 
doubt  on  this  interpretation,  at  least  in  the  case  of  the  ethylene-methacry¬ 
lic  acid  copolymers  since  the  relaxation  occurs  at  a  lower  temperature  than 
the  3'  relaxation  associated  with  the  breaking  of  Interchain  hydrogen 
bonds.  Thus  if  ionization  with  sodium  in  the  ethylene-methacrylic  acid 
copolymers  studied  leads  to  the  introduction  of  interchain  ionic  bonds, 
such  bonds  must  be  weaker  than  the  hydrogen  bonds  of  the  unionized  acid 
groups.  Moreover,  the  3  relaxation  in  the  ionized  copolymers  occurs  at  a 


temperature  (-10*0)  quit*  cloae  to  that  of  the  0  relaxation  In  conven¬ 
tional  low  density  polyethylene  (-20*0 .  Therefore,  the  6  process  In  the 
copolymers  is  attributed  to  motions  of  branched  chain  segments  Including 
the  carboxylat*  side  groups.  Hence,  ionic  Interchain  bonds.  If  they 
exist  et  all,  must  be  extremely  weak,  placing  little  restriction  on 
the  mlcrobrownlan  segmental  motion  responsible  for  the  0  relaxation. 

It  would  thus  appear  unlikely  that  the  enhanced  melt  viscosity  and 
ultimate  tensile  strength  accompanying  the  ionisation  of  the  copolymers 
is  due  to  the  Introduction  of  strong  interchain  Ionic  forces.  The  melt 
viscosity  results  might  be  explained  on  the  basis  of  Ionic  repulsions 
which  would  tend  to  Interfere  with  the  translational  motions  of  chains. 

In  this  connection  it  Is  interesting  to  note  that  in  a  study  of  Ionized 
styrene-methacryllc  add  copolymers,  Erdl  and  Morawetz^  found  that 
while  the  tensile  viscosity  Increased  with  ionization  the  activation  energy 
for  viscous  flow  showed  the  reverse  trend.  The  latter  result  Is  consistent 
with  the  present  observations  and  suggests  that  the  basic  event  in  the 
viscous  flow  process,  namely  short  range  segmental  motion,  occurs  more 
easily  for  the  Ionized  copolymers. 

The  ultimate  tensile  strength  results  are  in  accord  with  the  findings 
of  Mullins*®  for  the  case  of  natural  lubber.  He  attributes  this  to  the 
fact  that  weak  crosslinks  such  as  polysulfide  links  can  break  under  stress 
thus  relieving  local  regions  of  high  stress  concentration  and  enhancing 
the  ultimate  tensile  properties  of  the  meterlel.  If  ionization  In  fact 
decreases  the  strength  of  intermolecular  bonding  then  the  same  explanation 
might  apply  to  the  enhancement  in  tensile  strength  observed  In  the  Ionized 


4. 

acid  copolymers. 

The  quantitative  elucidation  of  the  effects  of  ionization  on  the 
mechanical  properties  of  ethylene-methacrylic  acid  copolymers  as  well  as 
that  of  cations  of  different  size  and  charge  is  currently  under  investi¬ 
gation  and  will  be  reported  in  the  future. 
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TABLE  I 

SUMMARY  OF  I.R.  AND  D.S.C.  DATA 


% 

Ionization 

i,  (•«> 

Tx  (°C) 

AHf2 

(cals.  g._1) 

Weight  % 
Crystallinity^ 

0 

100 

91 

9.9 

14.9 

20 

101 

91 

10.7 

16.2 

60 

100 

91 

8.2 

12.5 

78 

99 

86 

4.6 

6.9 

Cooling  and  heating  rates  in  the  Differential  Scanning  Calorimeter 
were  each  10°C/min. 

AHf  ■  Heat  of  fusion. 

Based  on  a  heat  of  fusion  of  66  cals,  g.-^  for  the  100%  crystalline 
polymer . 


,  TEMPERATURE  (°C) 

•  ,  .  •  ‘  1 ,  • 

Schematic  representation  of  differential  scanning  calorimetry  (DSC) 
data  shpwing  the  melting.>«dothei4h  and  the  crystallization  exotherm 


QUENCHED 


-  Temperature  dependence  of  Ci'  for  quenched  eth ylene- methncryl  ic 
acid  copolymers  at  various  degrees  of  ionization.  Each  curve  is 
displaced  by  one  decade  above  tbe  preceding  curve1. 
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Fig.  5  -  Tempera^up^dependence  of  the  logarithmic  decrement  for  ann 
ethylene-methacrylic  acid  copplyme/*fe  at  various  degrees  of  ionizati 
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STUDIES  IK  THE  FIELD  OF  POLYMER  STRUCTURE  AND  MECHANICAL  PROPERTIES  IN  THE 
MATERIALS  3CIBTCE  DEPAB'FfflNT.  QUEEN  MARY  COLLEGE.  LONDON.  E.l.  ENGLAND 

by  E.  H.  ANDREWS 


1.  Morphology  and  mloro-klnetios  of  strain  lnduoed  crystallization  In 
natural  rubber  (Mr.  P.  J.  Owen) 

Ultrathin  oast  films  of  natural  rubber  (oispolyisoprene)  oan  be 

crystallized  at  predetermined  strains  and  at  temperatures  between  -40°C 

andXO°C  for  stud|y  in  the  electron  mioroeoope1.  Staining  with  osmium 

tetroxide  vapour  preserves  the  morphological  structure)  enhances  contrast 

between  crystalline  and  amorphous  material  and  permits  resolution  better 

than  15  i.  At  sere  strain  the  texture  is  spherulitiO)  the  spherulitea 

(Pig.  l)  oonsi sting  of  lamellar  and  filamentous  regions  both  limited  to 

a  dimension  of  some  64  i.  in  the  molecular  ohain  direction  (_o  axis). 

As  strain  is  applied  the  filamentous  structure  beoomes  predominant  and 

lines  up  perpendicular  to  the  axis  of  strain.  These  filaments  have 

their  molecular  ohain  direction  in  the  direction  of  strain  but  grow  along 

^  crystal lographio  axis  at  right  angles  to  this  direction.  Pbr  this 

reason  they  have  been  named pf- filaments.  The  oC-filaments  are  row 

nucleated  (Pig.  2)  from  a  central  stem  running  in  the  strain  direotion 

and  in  the  early  stages  of  crystallization  thus  constitute  a  "shish-kebab" 

structure.  With  the  passage  of  time)  however,  the  centred  stem  or  Hshish" 

disappears  leaving  only  the  pf  -filaments  as  in  Fig.  2.  The  disappearance 

of  the  oentral  stem  under  isothermal  conditions  appears  to  result  from 

stress  relaxation  in  the  melt  and  strongly  suggests  that  this  oentral  crystal 

stem  is  morphologically  different  from  the  oC  -filaments.  It  may  oonsiet 

2 

of  extended  ohain  crystals  lnduoed  by  the  strain. 

At  higher  strains  (  >  300 5C)  crystallization  ocours  spontaneously 
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at  room  temperature  where  the  growth  rate  of  of -filaments  is  very  small  , 
Only  rows  of  nuolel  are  now  apparent  hut  their  quantity  is  now  so  great  aa 
to  fill  the  field  of  view.  These  rows  of  nuolei  (  ^-filaments)  do  not 
appear  identioal  to  the  "extended  chain"  crystals  found  at  lower  strains* 
being  definitely  granular.  They  are  dearly  related,  however,  and  may 
ooour  by  degeneration  of  extended  ohain  ory stale.  This  effeot  might  be 

similar  to  that  obtained  by  annealing  extended  ohain  orystals  in 
polyethylene.  A  great  deal  of  kinetio  data  has  been  aooumulated  but 
will  be  published  elsewhere. 


2.  Strength  and  stress-strain  data  on  o 
(Mr.  P.  E.  Seed) 


Sinoe  the  microtexture  of  natural  rubber  oan  be  varied  in  a 
controlled  manner  by  orystallizing  under  different  strains,  and  sinoe  the 
stress  relaxes  oompletely  as  a  result  of  suoh  crystallization,  this  seems 
an  ideal  eastern  in  whioh  to  study  the  relation  between  miorotexture  and 
meohanioal  properties.  further  advantages  are  the  use  of  the  same 
starting  material  for  all  textures,  the  possibility  of  eliminating  the 
effeot  of  the  molecular  orientation  by  the  parallel  testing  of  orientated 
but  unozystallieed  material,  and  the  faot  that  the  amorphous  phase  oan  be 
placed  at  will  into  a  glassy  or  rubbexy  condition  simply  by  varying  the 
temperature  of  test. 


A  great  deal  of  work  has  been  done  along  theae  lines  using  rubber 
cry  stall  ized  at  -26°0  and  testing  in  a  special  oryostat^  between  -26°C  and 
-120°C.  .  Only  a  sample  of  the  results  oan  be  given  here.  Fig.  3  shows 
the  ultimate  breaking  stress  (based  on  oross-seotion  area  at  fracture) 


of  a  lightly  vuloaaized  natural  rubber  as  a  ftuiotion  of  teat  temperature 
and  crystallization  atrain  (a  texture  variable).  The  strength  is  little 
affeoted  by  texture  at  temperaturea  above  about  -60°C  (amorphous  phase 
rubbery),  but  below  90°C  (amorphoua  phase  glaasy)  the  strength  is  ouch 
greater  in  the  oriented  materials  than  in  the  spherulitio  ones.  Ho 
similar  difference  is  found  with  oriented  but  non-orystallins  material* 

It  appears  that  the  oriented  array  of  ozystals  allows  oo-operative  deform¬ 
ation  in  the  ozystalline  phase  and  the  resulting  plasticity  inhibits  brittle 
fracture  and  consequent  lo  strength*  This  is  just  one  example  of  the 
investigations  being  oarried  out* 

3*  Micro  texture  and  deformation  in  solid  polymers  studied  using  ultrathin 
sections  (Mr.  M.  W.  Bennett) 

A  freezing  ultra-micro  tom®  has  been  developed  which  allows 
ultrathin  sections  to  be  out  from  soft  polymers  (e.g.  low  density  polyethylene) 
and  rubbers  for  examination  in  the  electron  microscope^.  Suoh  features 
as  ringed  spherulites  in  annealed  low  density  polyethylene  (Fig.  4)  are 
revealed  in  considerable  detail  and  may  be  studied  before  and  after 
plastio  deformation.  At  low  rates  of  deformation  the  spherulite  as  a 
whole  deforms  in  pseudo-affine  manner  but  budding  is  observed  in  the 
individual  lamellae  which  compose  it.  At  high  rates,  involving  passage 
of  the  material  through  a  running  neck,  the  drawn  polymer  is  heterogeneous 
consisting  of  (i)  Spherulite  kernels  with  reoognisable  rings  but  whose 
outer  regions  have  dearly  malted  (ii)  a  "featureless"  background  typical 
of  quenoh-oooled  molten  material,  and  (iii)  lamellar  regions  characteristic 
of  material  crystallized  from  a  strained  melt. 
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4.  hUmi  flraoture  of  polrsthrlsns  (Mr.  B.  J .  Walker) 

This  study  la  at  present  oonoexned  with  the  maoroaoopio  fracrturw- 
meohanios  of  the  prooess,  But  eventually  «•  hops  to  uaa  the  sectioning 
teohnique  referred  to  earlier  to  study  the  aotual  generatioa  of  etruotural 
flaw*.  So  far  it  has  been  shorn  oonolusively  that  the  oraok  growth  law 

(dg/dl)  -  !•[■£ 

applies  to  polyethylene  (both  high  and  low  density).  In  this  equation 
_o  is  the  length  of  a  fatigue  oraok,  V  is  the  number  of  oydes,  I  and  n 
are  oonatanta  and  is  a  fracture  parameter  given  by 

1  *  -P|/sd 

where  £  is  the  total  elastio  stored  energy  in  the  body  and  ^  is  the 

interfaoial  area  of  the  oraok.  Similar  lawa  have  previously  been  found 

5  6  7 

to  operate  for  elastomers  ,  polymethylaethaoxylate  and  metals  . 

Great  Interest  oentres  on  the  value  assumed  tgr  the  parameter  a. 

In  elastomers  it  varies  from  2  to  4  and  in  PlfitA.  from  2.5  to  15.'  In  our 

work  on  polythene  values  of  unity  for  a  branched  polymer  and  3*6  for  a 

reasonably  linear  one  have  been  obtained.  It  is  dear  that  the  value  of 

a  is  a  fUnotion  of  the  stress  field  geometer  at  the  tip.  In  general, 

the  sharper  the  tip,  and  the  lover  the  plastio  or  hyeteresial  dissipation 

at  the  tip,  the  larger  is  the  value  of  a.  It  is  to  be  erpeoted  that, 

for  polyethylene,  a  may  be  a  fUnotion  of  temperature  and  this  is  now  being 

investigated. 

5.  Stress-oorroaion  oraoklag  of  plaetios  (Hr.  L.  Bevan) 

The  propagation  of  a  single  "oorrosion"  oraok  in  stressed 
plastios  is  being  studied  with  a  view  to  establishing  the  basio  aeohi  .inn 
of  environmental  stress  oraoking.  The  system  so  far  studied  is  PiZKi  in 


It  has  bean  ••tablishwd  that  oraoks 


Q 

oontaot  with  various  aloohols  .  It  haa  bssn  sstabllshsd  that  oraoks 
only  propagatw  if  ths  parameter  3f  dafinad  sarlier  axosada  aoma  oritioal 
value 

1  >  £ 


Undar  the  oonditions  dafinad  by  this  inequality,  the  oraok  valooity  is  a 

function  both  of  the  temperature  and  the  aotual  value  of  ,  A  plot 

of  against  temperature  ia  constant  above  aome  value  of  the  latter  - 

between  15°C  and  35°C  according  to  the  aolvent  used.  Below  thia  "oritioal" 

temperature  7  inoreaaea  rapidly  from  ita  low  value  of  around  1000  erga/om2 

“0 

(depending  on  the  aolvent)  to  valuea  typioal  of  atraight  meohanioal  fracture 

5  /  2 

i.e.  10  erga/am  .  The  meohaniam  of  propagation  ia  probably  one  of 
plaatioization  of  a  stress- dilated  tip  region  ty  the  solvent  allowing 
moleoular  disentanglement  above  thia  "oritioal"  temperature)  but  noil’  below 


it. 
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FIGURE  1.  Spherulite  growing  in  a  thin  film  of  natural  rubber.  The 

filamentous  crystals,  which  appear  white,  are  some  648  wide. 


FIGURE  2.  Row  nucleation  of  a-filaments  in  a  thin  film  of  natural  rubber 
held  at  150%  strain.  The  filaments  are  some  64  8  wide. 


FIGURE  3.  Dependence  of 
breaking  stress  upon 
crystallization  strain 
(i.e.  changing  morphology) 
and  test  temperature  for 
crystallized  natural  rubber 
(Date  of  P.E.  Reed). 
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FIGURE  4.  Transverse  section  of  a  ringed  spherulite  in  annealed,  branched  polvethvlene . 
The  spherulite  has  been  deformed  normal  to  the  plane  of  the  section.  The  repeat  dis¬ 
tance  of  the  dark  rings  is  one  micron  and  the  lamellae  of  which  thev  consist  are 
approximately  200  8  thick. 
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Polymer  scientists  often  use  the  word  transition  to  refer  to  a  change 

<Kj 

which  is  exhibited  in  a  property  and  not  in  material.  This  kind  of  transition 

is  a  rather  sudden  change  in  the  value  or  the  derivative  of  a  property  as  a  function 

of  temperature  or  time  (equivalently  frequency).  Such  changes  alone  do  not  imply 

t.e, 

that  a  change  occurs  in  the  state  of  the  material:  phase  changes,  order-disorder 

A 

transitions,  degradation.  Other  substantiating  evidence  is  necessary  before  it  can 
be  concluded  that  a  change  in  property  reflects  a  change  in  state. 

Therefore  an  abrupt  change  in  the  slope  of  a  volume-temperature  curve 
of^polymer  need  not  necessarily  indicate  a  change  in  state.  A  viscoelastic  transition 
refers  to  time*  or  frequency  dependent  changes  in  level  of  modulus  or  compliance 
which  characterize  the  material  in  a  particular  state.  In  making  linear  viscoelastic 
dynamic  (sinusoidal)  measurements  as  a  function  of  frequency  the  results  should  be 
and  often  are  tested  to  be  independent  of  the  sequential  order  of  measurement.  At 
a  given  temperature  and  frequency,  measurements  made  on  different  days  must 
yield  the  same  results. 


♦Time,  here,  is  an  experimental  variable.  During  the  passage  of  experiment  time  the 
character  of  the  material  is  assumed  invariable. 


It  has  been  suggested  that  the  word  transition  be  abandoned  when 
referring  to  viscoelastic  tr»*i*v**i because  at  times  some 

have  been  mistakenly  identified  with  thermodynamic  changes  in  state.  Dispersion 
and  relaxation  phenomenon  are  alternate  terms  that  could  be  used  without  ensuing 
confusion.  Dispersion  has  been  criticized1  on  the  bases  that  this  word  was  first 
used  to  refer  to  the  variation  of  refractive  index  with  wavelength.  However,  it 
has  subsequently  been  used  to  refer  to  the  variation  with  wavelength  of  optical 
activity  and  to  the  frequency  dependence  of  the  complex  dielectric  constant.  It  does 
not  appear  to  be  unreasonable  to  extend  the  meaning  of  dispersion  to  include  the 
frequency  or  wavelength  dependence  of  any  property.  Bec  ause  of  the  equivalence  of 
creep  or  stress  relaxation  times,  t,  to  dynamic  angular  frequency,  lO  ,  the  cnange  of 

A 

level  of  strain  or  stress  with  t  should  be  included.  CO  =  2  7T  V  where  >  , 

sec.  \  is  the  frequency.  The  words  dispersion  and  relaxation  are  at  present  used 

by  some  in  the  polymer  science  community.  Most  certainly,  the  confusion  in 

terminology  started  with  the  dispute  over  the  nature  of  the  glass  "transition",  T  , 

which  is  now  widely  acknowledged  to  be  kinetic;  a  relaxation  phenomenon.  Perhaps 

other  loose  talk  like  the  freezing  out  of  motions  at  T  has  also  contributed  to  the 

g 

confusion.  Ample  evidence  exists  to  show  that  the  viscoelastic  mechanisms  that 

are  so  prominent  at  temperatures  above  T  are  present  at  temperatures  below  at 

g 

2  3 

greatly  enhanced  times;  *  even  though  all  of  the  mechanisms  may  not  have  the  same 

temperature  dependence  and  the  distribution  function  of  retardation  or  relaxation  times 

on  of 

may  be  distorted.  Another  practice  which  can  be  misleading  is  associati  a  temperature 

A  \ 


with  a  viscoelastic  relaxation  phenomenon  or  Iosb  peak  unless  an  associated 

frequency  is  specified.  Within  the  realm  of  the  experimentally  accessible 

frequency  range  many  mechanical  loss  peaks  can  be  found  at  temperatures 

4 

differing  by  more  than  1 00*C. 

The  purpose  of  these  comments  made  here  is  to  explore  the  principal 

5 

arguments  made  by  Dr.  Boyer  for  the  existence  of  a  liquid-liquid  transition,  ^ 
in  polystyrene.  T.  .  is  one  of  many  transitions  which  have  been  identified  with 

M  * 

some^ind  of  thermodynamic  change  in  the  material  on  the  evidence  of  both  volume  - 
temperature  and  viscoelastic  measurements.  Additional  evidence  has  been  proposed 
for  T.  .  which  is  claimed  to  be  a  second-order  transition  associated  with  the  'freezing’’ 
of  motion  of  molecular  centers  of  gravity.  At  the  same  time  the  transition  is 
identified  as  a  relaxation  and  is  said  to  be  "strongly  rate  dependent.  " 

g 

In  his  summary  paper  Dr.  Boyer  said,  "Any  proposed  transition  which 
is  based  on  a  change  from  segmental  to  cooperative  action  of  entire  polymer  chains 


must  shown  up  in  melt  viscosity  data.  "  Since  all  of  the  polymers  examined  recently 

ViSc ou5  g 

in  a  review  article  on  the  Qow  of  polymers  could  be  fitted  to  the  WLF  free 

7 

volume  equation  or  any  equivalent  form,  no  evidence  for  the  T.  .  transition  can  be 

lt  1 

claimed  as  showing  up  in  the  melt  viscosity,  .  To  illustrate  this  specifically  for 

g 

polystyrene  we  have  presented  data  in  Figure  1  obtained  on  five  samples  with 

3  5 

molecular  weights  that  range  from  3. 4  x  10  to  6. 0  x  10  .  The  data  are  plotted 

7 

according  to  a  linearized  form  of  a  free  volume  expression. 

»  i/i  .  C/2.303 

Log  V)  -  Log  A  +  Tz_  'T - 

Vj  is  given  in  poise;  A,  C,  and  are  characterizing  constants.  The  lack  of 
deviation  from  this  form  over  the  large  temperature  ranges  shown  argues  against 


any  change  in  mechanism  of  flow  in  any  of  the  samples  represented.  Dr.  Boyer's 
analysis  of  older  and  less  extensive  data  on  polystyrene  yields  results  which  differ 
somewhat  from  the  WLF  form. 

A  second  piece  of  evidence  presented  for  ^  in  polystyrene  is  an 
endothermic  differential  thermal  analysis,  DTA,  peak  observed  at  154#C  for  a 
sample  with  a  molecular  weight  of  82, 000.  To  observe  the  "transition"  fast 
cooling,  by  plunging  hot  polystyrene  into  water,  is  required.  This  requirement 
quickly  brought  to  mind  our  experience  in  purging  samples  of  polystyrene  of 

g 

residual  plasticizers  preceding  creep  measurements.  Previously  freeze- 
dried  samples  always  burst  into  foam  in  vacuo  at  temperatures  between  150°C 
to  170°C  releasing  what  only  could  have  been  absorbed  water  vapor.  In  collaboration 
with  Dr.  Joseph  H.  Magill  the  hypothesis  that  the  above  endothermic  peak  was  the 
evolution  of  steam  was  checked  out  with  a  Perkin  Elmer  Differential  Scanning 
Calorimeter,  DSC.  The  peak  was  found  to  be  present  between  170°C  to  180*C 
(20°/min  heating  rate)  regardless  of  the  previous  cooling  rate  so  long  as  the  sample 
was  exposed  for  sufficiently  long  times  to  a  high  humidity.  After  the  water  vapor  was 
driven  off,  recycling  the  temperature  revealed  no  transition  between  110*C  to  200°C. 

Isothermal  measurements  should  not  reveal  thermodynamic  transitions 

except  when  a  system  is  not  at  equilibrium  but  tends  in  the  direction  of  equilibrium 

with  the  passage  of  time.  The  determination  of  crystallization  rate  at  a  temperature 

below  the  melting  point,  T  ,  is  an  example  of  such  a  measurement;  but  note  that  the 

m 

material  being  measured  is  in  a  different  thermodynamic  state  after  being  measured. 


We  repeat  here  that  before  and  after  a  proper  measurement  of  viscoelastic  behavior 


as  a  function  of  time  or  frequency  the  material  being  studied  is  the  same 
thermodynamically  in  every  way.  During  isochronal  measurements  of  dynamic 
mechanical  parameters  (such  as  the  storage  modulus  and  the  loss  tangent)  made  as 
a  function  of  temperature  such  parameters  can  exhibit  changes  as  thermodynamic 
transitions  are  approached.  For  example, as  the  melting  temperature  is  approached 
from  below^  imperfect  crystallites  melt  and  the  loss  tangent  increases  substantially 
because  of  the  higher  losses  occurring  in  the  amorphous  material.  Here  again  the 
material  is  changing  its  thermodynamic  character  and  such  changes  will  always  be 


tied  to  a  particular  temperature  regardless  of  the 


It  is  to  be  expected 


A 

that  the  magnitude  at  a  particular  temperature  will  vary  with  frequency  but  the  position 
of  the  loss  peak  associated  with  melting  will  not  move  appreciably  from  the  measured 
melting  point.  A  melting  point  loss  peak,  of  course,  will  only  be  observed  for  a 
crosslinked  or  an  extremely  high  molecular  weight  sample.  The  viscosity  must  be 
high  at  the  melting  point  or  the  viscous  loss,  l/ioy  ,  will  dominate  and  the  loss 
tangent  will  increase  monotonically  with  increasing  temperature. 

I  have  presented  the  reasons  why  viscoelastic  dispersions,  which  are 
functions  of  time  or  frequency,  usually  should  not  be  directly  associated  with 
thermodynamic  transitions.  If  a  loss  peak  seen  as  a  function  of  cO  is  clearly  absent 
below  a  given  temperature  and  is  present  above  (or  vice  versa)  then  and  only  then  can 
it  be  inferred^hat  the  material  changed  its  character  at  the  given  temperature.  I  do 
not  believe  that  Dr.  Boyer's  appeal  to  the  isothermal  viscoelastic  data  of  several 
authors^’ fulfills  the  requirements  indicated  above.  In  addition  it  can  be  seen  in 


4VL 


Figure  2  that  the  recoverable  creep  compliance,  (t)  St/  Yj  shown  logarithmically 

as  a  function  of  Log  t  at  10  temperatures  for  a  polystyrene  of  molecular  weight 
5 

1.22  x  10^  gives  no  indication  of  a  second  long-time  dispersion  at  any  of  the 
12 

temperatures  which  is  supposed  to  indicate  the  existence  of  T  .  J  (t)  is  the 

p 

creep  compliance;  subscript  p  indicates  a  small  rubberlike  temperature  dependence 


correction.  These  measurements  extend  to  slightly  higher  temperatures  than  those 


stress  relaxation  measurements 


r^jL^JLr^-oAs 


to  by  Dr.  Boyer.  Finally,  notice  in 


Figure  2  that  the  transition  observed, commonly  called  the  rubberlike  to  glasslike 

13  8 

transition  zone  ,  does  not  belong  to  any  specific  temperature.  In  fact  we  have 

been  able  to  measure  part  of  this  dispersion  near  H0°C  as  have  Tobolsky,  Aklonis, 

and  Akovali^  on  similar  samples.  This  is  substantially  below  the 

conventional  T  (  —  97°C)  of  this  sample. 

I  conclude,  based  on  the  preceding  remarks,  that  none  of  the  evidence  for 

the  T.  .  transition  is  compelling  and  suggest  caution  be  exercised  by  those  who  would 

'-s 

infer  thermodynamic  changes  in  a  material  from  the  presence  of  wrinkles  or  bends 


in  viscoelastic  or  volume  functions  of  temperature. 
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Legends 
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Figure  1)  Logarithm^  of  viscosity,  ,  dyne  sec/cm  ,  as  a  function  of 

1/  (T  -  )  for  5  anionicaUy  polymerized  polystyrene  samples 

3  r  4 

with  molecular  weights  of  3.  4  x  10  ,  p  C  11  \_2~\;  4.  7  x  10  , 

A25;  9.  4  x  104,  M  102;  1.  89  x  105,  L2;  and  6.  0  x  10'J,  A19. 

#C  values  indicated  following  sample  designation. 

Figure  2)  Logarithm  of  reduced  recoverable  compliance,  (t)  -  t/r ,  J 

5  P  P”* 

for  polystyrene,  M  =  1.22x10  ,  plotted  against  logarithm 

of  time,  t.  J  (t)  =  TeJ(t)/T*P„  and  Y\  =  T0  *\/T(> 

where  v0  is  the  density  at  the  reference  temperature,  T&  = 

100°C.  ^  ^  the  density  at  the  temperature,  T,  of  measurement. 
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Emeryville,  Cali  94608 

SCHIRALDI ,  Michael  T 
Research  Chemist 
Clothing  &  Organic 
Materials  Division 
U.S.  Army  Natick  Laboratories 
Natick,  Mass  01760 

WELLS,  Richard  D 
Textile  Technologist 
Fibrous  Materials  Research  Group 
U.S.  Army  Natick  Laboratories 
Natick,  Mass  01760 

WICKLATZ,  John 

Manager  of  Polymer  Research 

Central  Research  Laboratories 

General  Mills,  Inc 

2010  E  Hennepin  Avenue 

Minneapolis,  Minn  55413 

Urs,  S.  V. 

Section  Manager,  Polymer  Research 
Olin  Mathiescn  Chemical  Company 
275  Winchester  Avenue 
New  Haven,  Conn.  06501; 


